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Abstract 

The ongoing replacement of fossil fuels by renewable energy sources induces changes of the 

existing infrastructure and usage behavior of energy in general and demands for novel and 

efficient storage, transmittance and utilization concepts. Research in the field of physics and 

chemistry of the last decades only made this possible by energy saving technologies such as 

light emitting diodes or silicon based integrated circuits, Si- and non-Si based photovoltaics for 

electricity generation or highly efficient novel generators with superconducting coils being 

developed for wind power harvesting. For the conversion of sustainable electrical energy, 

electrocatalysts were developed for hydrogen generation by water splitting or for CO2 

reduction. Finally, for storage of sustainable electrical energy, among other mainly stationary 

technologies, batteries became increasingly important. Although all of the aforementioned 

concepts are not fundamentally new, the efficiency and thus the economic value of the 

respective devices still can and needs to be increased by optimizing the composition and 

morphology of the used materials. Nanosized- and nanostructured materials are particularly 

beneficial for the energy conversion and storage applications. The high surface-to-volume ratio 

significantly improves the performance of surface-related heterogeneous catalytic reactions 

relevant for diverse energy conversion processes such as the hydrogen evolution and reduction 

reactions (HER, HRR), oxygen evolution and reduction reactions (OER, ORR) or CO2 

reduction. It furthermore enhances the electrode kinetics of energy storage materials due to an 

increased electrode/electrolyte interface area, which allows for rapid ion diffusion. In addition, 

nanostructuring allows for the fabrication of novel mixed metal oxide meta-stable phases with 

unique electrochemical and catalytic properties that are not accessible in the bulk. It can 

furthermore stabilize known bulk phase compositions and enable the fabrication of advanced 

composite materials for durable and high-performance electrochemical applications.  
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In this thesis, the most relevant approaches for the synthesis of nanosized- and nano-structured 

materials are introduced (Chapter 1) together with examples of selected materials used as 

oxygen evolution reaction catalysts required for efficient hydrogen generation, and transition 

metal oxides used in battery negative electrodes (anodes) for electrochemical energy storage. 

Relevant analytical techniques to characterize and describe the synthesized structures are 

discussed in Chapter 2. 

The first part of the work (Chapters 3 and 4) is composed of literature overviews of current 

developments in the field of novel nanostructured transition metal chalcogenides with a focus 

on tin oxide-based materials employed as anodes for secondary alkali metal batteries. Chapter 3 

is based on a book chapter contribution with the title “Ceramic anodes for Li and Na-ion 

batteries” in Advanced Ceramics for Energy Conversion and Storage” and specifically 

discusses ceramic anodes for Li and Na-ion batteries. From the overwhelming variety of 

materials classes and compositions cumulated in the class of ceramics, a selection of the most 

prominent and promising materials for future energy storage materials in secondary battery 

negative electrodes is discussed. The first section introduces transition metal oxide-based 

insertion type materials such as titanate-based anodes, garnet type ceramics (Li3Nd3W2O12) and 

the prominent class of phosphate-based Na-Super-Ionic-CONductor (NASICON)-type anodes 

with a short overview of polymer-derived SiOC and SiON ceramics as negative electrodes. A 

further section is dedicated to conversion and alloying-type ceramic anodes mainly originating 

from the class of transition metal oxides and chalcogenides, with prominent examples such as 

Fe3O4, SnOx and SnO2. Key properties of the aforementioned materials are discussed together 

with examples of their electrochemical performance as anodes in Li and Na secondary batteries 

and overarching strategies such as nanostructuring and (carbon) composite formation are 

highlighted to finally obtain electrodes with an increased reversibility (cyclability), energy 

density and reaction kinetics (rate capability). 
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In Chapter 4, a brief literature overview of recent progress in the field of tin oxide‐based 

nanosized and nanostructured materials as conversion and alloying/dealloying‐type anodes in 

lithium‐, sodium- and potassium-ion batteries is given. The first section addresses the 

importance of the initial SnO2 micro‐ and nanostructure on the conversion and 

alloying/dealloying reaction upon lithiation and its impact on the microstructure and cyclability 

of the anodes. A further section is dedicated to recent advances in the fabrication of diverse 0D 

to 3D nanostructures to overcome stability issues induced by large volume changes during 

cycling. Additionally, the role of doping on conductivity and synergistic effects of redox‐active 

and ‐inactive dopants on the reversible lithium‐storage capacity and rate capability are 

discussed. Furthermore, the synthesis and electrochemical properties of nanostructured SnO2/C 

composites are reviewed. The broad research spectrum of SnO2 anode materials is finally 

reflected in a brief overview of recent work published on Na‐ and K‐ion batteries. 

The second main part of this thesis from Chapter 5-8 is dedicated to (doped) nanostructured or 

nanosized transition metal oxides for energy conversion applications in form of 

electrochemical and photoelectrochemical water oxidation by assistance of respective 

catalysts. 

In Chapter 5, the synthesis and structural properties of dispersible akaganéite (β-FeOOH) 

nanocrystals doped with various elements in different oxidation states such as Co(II), Ni(II), 

V(III), Ti(IV), Sn(IV), Si(IV), and Nb(V) synthesized by a microwave-assisted solvothermal 

synthesis in tert-butanol are discussed. Rod-like nanocrystals with a thickness of ≈4 nm and a 

length depending on the doping element ranging from ≈4 nm, resulting in an almost-spherical 

shape, to 90 nm are described. In-depth characterization of the structure and composition on 

the particle scale by electron microscopy revealed that concentrations of up to 20 at% of the 

respective doping elements could be incorporated. This is attributed to the kinetic control of 

the phase formation during the solvothermal reaction, together with the extremely small crystal 
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size, which can stabilize the unusual structural compositions. Due to the perfect dispersibility, 

the particles can be deposited on different substrates to produce thin films of 35 – 250 nm 

thickness. By means of an in situ microwave-assisted film growth synthesis, mesoporous films 

of up to 30 µm thickness could be obtained. The nanostructured and doped β-FeOOH films 

could then be thermally oxidized at temperatures between 480 – 600 °C to form 

morphologically similar hematite (α-Fe2O3) films. Thereby, tin-doped α-Fe2O3
 films displayed 

a photoelectrochemical activity towards the water oxidation reaction under basic conditions 

that exhibited a scaling relation with the electrode layer thickness. 

In Chapter 6, time dependent phase transitions of vanadium-doped nanosized nickel-oxide 

based catalysts are discussed and related to their properties as oxygen evolution reaction (OER) 

catalysts under basic conditions. To achieve this aim, a synthesis procedure for the controllable 

formation of vanadium (III) doped nanosized nickel hydroxide and nickel oxide polymorphs 

was introduced. The complex dynamic character of the α to β-phase Ni(OH)2 phase transitions 

and resulting structure-activity correlation was investigated by electron microscopy and 

electron energy loss spectroscopy to confirm a homogeneous incorporation of V(III) ions in 

the initially synthesized α-Ni(OH)2 structure. Depending on the concentration, V(III)-doping 

was thereby shown to retard or prevent a spontaneous structural rearrangement known as 

chemical ageing process. The difference in electrocatalytic activity of different doping levels 

could be mainly attributed to the inhibited conversion of highly active α-Ni(OH)2 to a less 

active, but more stable β-polymorph by vanadium ions, which is important for understanding 

the mechanisms of electrocatalytic activity of nickel oxide-based compounds. 

In the further sections (Chapter 7 and 8) of this thesis the rational design of highly active and 

stable transition metal oxide supported nanosized noble metal oxide OER catalysts for 

electrochemical water splitting under acidic conditions and potential application in proton-

exchange membrane electrolyzers was explored. 
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In Chapter 7 the fabrication of a highly active TiO2 supported Ir-based OER catalyst for the 

application in proton exchange membrane (PEM) electrolyzers with reduced noble metal 

content is described. Commercially available P25 titania employed as a high surface area 

corrosion resistant catalyst support was homogeneously coated with a 1 – 2 nm thin layer of 

amorphous IrOOHx
 resulting in a theoretical iridium density of only 0.05 – 0.08 gIr cm-3. 

Oxidation in molten NaNO3 between 350 – 375 °C enabled a controllable phase transformation 

and crystallization to form a layer of interconnected IrO2 nanoparticles of around 1 – 2 nm on 

the surface of the TiO2 support. The increase in crystallinity is thereby accompanied by a 

significant increase in conductivity and stability under OER conditions with an electrocatalytic 

activity maintained at the level of the highly active amorphous IrOOHx phase used as a 

precursor. 

In the final chapter, a multistep synthesis procedure for the homogeneous coating of a complex 

porous conductive oxide with small Ir nanoparticles is introduced to obtain a highly active 

electrocatalyst for water oxidation under acidic conditions. At first, inverse opal macroporous 

Sb-doped SnO2 (ATO) microparticles with defined pore size, composition, and open-porous 

morphology were synthesized that were further used as conductive catalyst support. ATO-

supported iridium nanoparticle catalysts with a controlled amount of active material were 

prepared by solvothermal reduction of an IrOx colloid in the presence of the porous ATO 

particles, whereby homogeneous coating of the complete outer and inner surface of the 

particles with nanodispersed metallic Ir was achieved. By means of thermal oxidation ATO-

supported IrO2 nanoparticles were obtained that exhibit a calculated void volume fraction of 

about 89%. A resulting remarkably low Ir bulk density of ≈0.08 g cm-3 for this supported oxide 

catalyst architecture with 25 wt% Ir was determined, allowing for a significant reduction of the 

noble metal content for the application as OER catalyst in proton exchange membrane 

electrolyzers (PEM). The highly efficient catalyst reaches a current density of 63 A gIr
-1 at an 
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overpotential of 300 mV versus reversible hydrogen electrode, thereby significantly exceeding 

a commercial TiO2-supported IrO2 reference catalyst under the same measurement conditions. 

 

In conclusion, the nanostructuring concepts discussed in this thesis may guide a way for the 

fabrication of novel highly efficient transition metal oxide-based electrodes for next-generation 

energy storage devices. The introduced synthesis approaches for ultra-small and doped metal 

oxide particles as well as complex porous composite nanostructures may further deepen our 

understanding of the structure-activity relation of electrocatalytically active nanosized 

compounds in general. The application of the developed synthesis procedures with a possible 

control over the nanomorphology, phase and crystallinity as well as doping ion concentration 

thereby allows for the preparation of highly efficient electrocatalysts for future energy 

conversion processes. 
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1. Introduction 

1.1 Catalytic properties of nanoscale transition metal oxides 

Among the different families of property-sharing elements in the periodic system of elements 

the transition metals located in groups 3-12 (d-block elements) and the so-called inner 

transition metals of the f-block (lanthanoid and actinoid) of the periodic system of elements 

exhibit an outstanding value for catalytic and energy related chemical processes today.[1] 

The common element in this set is their electronic configuration with a partial occupancy of 

their 3d, 4d or 5d and/or 4s, 5s, 6s orbitals which results in a variety of different possible 

oxidation states. The band structure of these elements causes metallic properties such as 

electrical and heat conductivity, ductility, malleability and metallic gloss with diverse possible 

applications in construction, electronics, catalysis and more. 

An even higher variety of properties, structures and therefore possible applications are given 

by the formation of transition metal oxides (TMOs) with metal-oxygen bonds ranging between 

nearly ionic to highly covalent or metallic.[2] 

The diverse electronic and magnetic properties of transition metal oxides are related to the 

unique nature of their d-electrons which discriminate them from metallic elements and alloys 

as well covalent semiconductors or ionic insulators. At first, many of them possess narrow 

electronic bands of ≈1-2 eV due to the small overlap of metal d- and oxygen p-orbitals that 

lead to an enhanced electron correlation with a local electronic structure which can be described 

in terms of atomic-like states. A last decisive factor influencing the properties of transition 

metal oxides is their variation in the structural dimensionality with numerous examples of 

layered 2-D structures as well as 3-D structures.[2] 

This leads to a broad variety of electrical conductivities ranging from metallic RuO2, IrO2, 

ReO3 etc., over semi-conducting TMOs like TiO2, V2O3 to insulators such as BaTiO3. Beyond 

conductivity, TMOs may also exhibit more complex electronic phenomena such as charge
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 density waves, charge ordering, defect ordering or high temperature superconductivity as 

observed in certain complex copper oxides. Due to the partial occupancy of d-orbitals 

(especially 4d and 5d resulting in a high magnetic momentum) various types of magnetism and 

related phenomena such as ferro- and anti-ferromagnetism, ferroelectric or ferroelastic 

properties can be observed.[2] The origin of some unforeseen physical behavior in 4d and 5d 

transition metal oxides can be associated with the existence of several overlapping energy 

scales and competing interactions present in these oxides with spin-orbital coupling as well as 

Coulomb and exchange interactions.[3] 

In general transition metal oxides span a wide range of technological applications in 

microelectronic circuits, sensors, piezoelectric devices, surface passivating and functional 

coatings, heterogeneous catalysts for industrial scale synthesis and refinement, battery 

materials as well as electrocatalysts for fuel cells and electrolyzers.[4] During the last decades 

of research in the field it became apparent that novel (mixed or structured) transition metal 

oxides often exhibited surprising or even revolutionary physical properties which led to great 

advances in various fields of technology affecting everybody’s life.[3] 

In this thesis we focus on two important applications of transition metal oxides, namely 

heterogenous catalysis (more specifically, the oxygen evolution reaction (OER) of the 

electrochemical water splitting reaction) and electrochemical energy storage (specifically, 

insertion, conversion and alloying-type negative electrodes in secondary alkali metal ion 

batteries) which both rely on the existence of multiple oxidation states of the applied transition 

metal. 

In practical applications the transition metals are often either present as oxides or the surface 

may be oxidized by reaction with atmospheric oxygen or oxygen from the reaction gas mixture. 

The oxides of the respective transition metals represent entirely different chemical compounds 

as their parent metals with significantly altered surface chemical properties employed in 
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heterogeneous catalysis.[5] Concerning the catalytic properties, the surface of transition metals 

and their oxides are of great interest. Especially late transition metals such as Ru, Rh, Ir, Pd 

and Pt are well-known catalysts to promote general or selective oxidation reactions with wide-

spread application in exhaust gas treatment, catalytic combustion of natural gas, selective 

oxidation of organic compounds and fuel cell as well as electrolyzer catalysts.[5] 

As an example, Figure 1 shows a schematic representation of a RuO2(110) surface with highly 

active coordinatively unsaturated Ru atoms (red atoms, Rucus), fully coordinated Ru atoms 

(violet) as well as bridge-bonded (Obr) and three-fold coordinated oxygen atoms (O3f). The 

RuO2(110) surface exhibits an array of bridging oxygens (Obr) along the [001] direction which 

forms a plane 1.15 Å above the outmost Ru atoms. The coordinatively unsaturated Ru atoms 

located in between the array of bridging oxygens expose a kind of dangling bond which 

explains their high reactivity. For the example of CO adsorption which can be observed on the 

atomic level by STM, the CO was shown to adsorb on the Rucus sites. 

 

Figure 1 Schematic representation (ball-and-stick) of the RuO2(110) surface with empty Ru-cus sites. Large 

(green) balls represent O, and small (blue, red) balls represent Ru atoms of RuO2(110).[6] 

Reproduced with permission from Ref. [6]. Copyright 2000, The American Association for the 

Advancement of Science. 

According to DFT calculations, a coupling of the CO 5s orbital with the Rucus surface atoms 

and back-donation of d-electrons from the substrate to a 2π* orbital of CO is expected.[6] 

The Rucus sites of RuO2(110) exhibit an even stronger Lewis acidity than metallic sites on 

Ru(0001), which leads to an enhanced dative bond with the lone pair of NH3 for the example 
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of ammonia adsorption. Additional hydrogen bonding of NH3-hydrogen and Obr oxygen further 

increases the adsorption.[5] 

Beyond the adsorption of CO or NH3 there are numerous reactions catalytically accelerated or 

even enabled by transition metal oxide surfaces with their unique electronic structure of 

coordinatively unsaturated d-metals and surrounding oxygen atoms. 

In the last decades, with an advancement of analytical and synthesis techniques, nanosized 

transition metal oxides became ever more present in fundamental science and technological 

applications. Nanosizing- and structuring of TMOs can serve several purposes from simply 

decreased dimensions of functional components in silicon-based integrated circuits, over a 

significant increase of the exposed surface area for catalytically active material towards the 

formation of transition metal oxides with altered physicochemical properties with respect to 

those of bulk or single crystalline compounds.[4] 

The decrease in the particles size down to the nanometer regime significantly increases the 

surface area which scales quadratically with the radius (equation 1) [7], which has a great 

impact on the surface-related catalytic applications:  

     𝑆 = 4𝜋𝑅2     (1) 

With this strategy the electrochemical surface area can be increased by up to three orders of 

magnitude from below 1 m2 g-1 to several hundreds of m2 g-1.[8] 

Besides the physical increase in surface area, the decrease in nanoparticle sizes well below 

10 nm increases the number of corner and edge surface sites and hence significantly changes 

the ratio of terminal crystal facets.[4, 9] The latter can have a significant effect on the catalytic 

properties. Thus, edge sites have been identified as active sites for various catalytic compounds 

such as Fe-doped NiOOH or CoFe-layered double hydroxide (LDH) graphene composites for 

the electrocatalytic oxygen evolution reaction, therefore the morphology-controlled facet ratio 

can change the total catalytic activity of the material.[10-11]  
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Distinct crystal facets are furthermore associated with varying catalytic activities under given 

operation conditions due to different adsorption energies of reactants and/or reaction 

intermediates. As an example, for IrO2 and RuO2 shown in Figure 2, the (100) surface is 

reported to show the highest OER activity in alkaline media opposed to the thermodynamic 

most stable (110) surface present from synthesis.[12] The size of nanoparticles furthermore 

influences the surface free energy and thus the thermodynamic stability, which can result in a 

change of cell lattice parameters and structural transformations. Nanoparticles with a negative 

surface free energy are thereby unstable and prone to dissolution and re-precipitation under 

given conditions, which can be observed as Ostwald-ripening and growth of particles on the 

expense of smaller ones. 

 

Figure 2 Cyclovoltammetry at a scan rate of 10 mV s-1 in O2-saturated 0.1 M KOH of the (100) and (110) 

orientation of RuO2 (blue) and IrO2 (orange) employed as oxygen evolution reaction catalyst.[12] 

Reproduced with permission from Ref. [12]. Copyright 2014, American Chemical Society. 

A further consequence of the increased surface free energy in nanostructured materials is a 

possible stabilization of phases that are metastable or instable in bulk materials. This 

phenomenon was reported in the literature for TiO2, VOx, Al2O3 or MoOx.
[4] Furthermore, 

nanosizing provides the possibility to access metastable mixed oxide phases with unusual high 
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ratios of constituent that are not stable in the bulk phase, as for example shown for nanosized 

transition metal doped β-FeOOH[13] or V-doped Ni(OH)2 (Chapter 6). 

In addition to aforementioned change of physicochemical properties, the quantum confinement 

effects[14] in nanosized transition metal oxides can alter their electronic structure and thereby 

significantly affect their performance in photocatalytic and/or photoabsorber applications.[4, 15-

16] 

Resulting discrete, atomic-like electronic states upon nanosizing can be considered as being a 

superposition of bulk-like states with an increase in the oscillator strength, which may lead to 

an energy shift of exciton levels and the optical bandgap Eg. The change of the bandgap can 

thereby significantly influence the conductivity and chemical reactivity of nanosized transition 

metal oxides.[4] 
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1.2 Nanoscale transition metal oxide electrocatalysts for energy 

conversion applications 

In the following section examples of nanoscale transition metal oxides for energy conversion 

applications are presented with focus on water electrolysis, photoelectrochemical water 

splitting and fuel cell applications. The preparation of various nanoarchitectures for MOx 

ranging from nanoparticles (0D) over nanorods (1D) and nanosheets (2D) or complex 

hierarchical 3D networks with electronic features differing from their bulk counterparts guides 

the way towards novel applications or at least a significantly increased performance. 

1.2.1 Water electrolysis 

The development of novel catalysts for water electrolysis is mainly focused on the oxygen 

evolution reaction (OER) at the anode, as it represents a kinetically demanding four electron 

process. Besides the traditionally employed precious transition metals of the Pt-group, various 

non-noble (mixed) transition metal oxides were evaluated as OER and/or hydrogen evolution 

reaction catalysts in recent years. 

To increase the activity of heterogeneous surface area-dependent catalysis reactions, 

nanosizing is a valid approach as it can significantly increase the available surface area from 

well below 1 m2 g-1 for bulk material to several hundred m2 g-1 for ultra-small nanoparticles. 

For the preparation of functional electrode layers with efficient charge transport and mass 

transport characteristic for high catalyst loading per electrode area, the formation of more 

complex porous three-dimensional (3D) nanostructures is preferred. These structures maintain 

a high surface area but typically exhibit an increased conductivity across the electrode layer as 

the number of grain boundaries is significantly reduced versus a random assembly of 

nanoparticles. The porosity furthermore influences the electrocatalytic performance by 

restricting (e.g. by pore clogging of gaseous products) or facilitating the mass transport of 

liquid and gaseous educts and products. Nanosizing can further be used to synthesize 
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metastable mixed oxide phases with mixing ratios that are not accessible in the bulk but exhibit 

an increased catalytic performance.[17-18] A phase separation is thereby inhibited as the 

formation of a second phase within the nanosized particle is energetically not favorable due to 

a large interfacial energy.[19] A further strategy to increase the catalytic performance of 

transition metal oxides is the formation of defect rich phases (e.g. structural defects with 

transition metals in differing oxidation state and oxygen vacancies) which can exhibit an 

increased amount of active sites.[20] Nanoparticles with defect rich phases may thereby be 

obtained by rapid kinetically controlled synthesis approaches that do not lead to the formation 

of the respective phase predicted by thermodynamic equilibrium. 

A prominent example of nanosized 0D transition metal oxide structures for OER catalysis are 

nickel oxide-based nanoparticles. Dispersible NiO[21] and NiFeOx
[18] particles of ≈2 nm were 

prepared by Fominykh et al. as shown in Figure 3 for Ni0.9Fe0.1Ox with an exceptionally high 

OER activity of 59 ± 5 mA cm-2 at an overpotential of 350 mV for the electrode with 10% Fe-

doped NiO. 

 

Figure 3 TEM images of Fe0.1Ni0.9O nanoparticles: (a) Overview of dispersed nanoparticles (b) HR-TEM 

image of a single Fe0.1Ni0.9O particle (c) Electron diffraction pattern with corresponding d-values of the 

rock salt NiO phase.[18]  

Reproduced with permission from Ref. [18]. Copyright 2015, American Chemical Society. 

In addition, the solvothermal synthesis allowed for the formation of NiFeOx with an unusually 

high amount of 20 at% Fe, which is above the solubility limit of Fe in the bulk NiO phase. 
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Mixed nickel cobalt oxide nanoparticles of 2 - 4 nm can be further applied as bifunctional OER 

and HER catalyst. Depending on the Ni/Co ratio of the Ni1-xCoxO compositional series an 

enhanced activity towards the HER (for higher cobalt content) or OER (for higher Ni content) 

could be observed. With the applied solvothermal synthesis the whole compositional range is 

accessible in form of small nanoparticles, which is not possible for a respective bulk phase 

synthesis of the mixed oxide.[17] 

Employing pulsed laser deposition, Xiao et al. were able to synthesize an oxygen rich ≈8 nm 

thick Ta2O5 layer on carbon fibers with exposed (200) surfaces. The thermodynamically stable 

(200) surface was thereby identified by DFT calculations as highly OER active with a 

calculated onset overpotential of 250 mV. Experimentally, an onset overpotential of 0.29 V 

and an overpotential of 0.385 V at 10 mA cm-2 could be determined, which outperforms 

reported values of IrO2 as OER catalyst in alkaline media.[22] 

Aiming at the fabrication of more complex metal oxide morphologies and investigating the role 

of morphology on the catalytic performance,  Zhang et al. synthesized rod-like (1D), a mixture 

of rod-like (1D) and sheet-like (2D) or sheet-like (2D) Co3O4 as OER catalyst by a microwave-

hydrothermal method with a subsequent calcination. Co3O4 nanosheets were demonstrated to 

have the highest performance. It was found that besides the layered sheet structure, this material 

exhibits an additional mesoporous morphology introduced by the calcination process, thus 

leading to an extended surface area of ≈25 m2 g-1 formed by aggregated nanoparticles of 50 – 

100 nm. The catalyst exhibits an overpotential of 399 mV in alkaline media to reach a current 

density of 0.5 mA cm-2.[23] 

To combine the unique catalytic properties of nanosized transition metal oxides with the high 

conductivity and porous structure of carbon-based supports, the fabrication of composite 

materials is a valid approach. It allows for the fabrication of electrodes composed of transition 

metal oxide nanocatalysts with rather limited conductivity such as manganese oxides. It further 
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enhances the performance as it allows for a homogeneous dispersion of nanosized catalysts on 

the conductive carbon support to maximize the utilization. 

To obtain a highly active and stable carbon nanotube (CNT)/Au nanoparticle/Co3O4 

nanoparticle composite catalyst, Fang et al. employed an ultrasonication-assisted loading 

reaction. The obtained CNT/Au/Co3O4 composite showed an onset potential of 1.56 V vs. RHE 

and an overpotential of only 350 mV to reach a current density of 10 mA cm-2 explained by an 

accelerated formation of catalytically active Co(IV) sites by the presence of Au 

nanoparticles.[24] 

 

Figure 4 SEM image of bacterial cellulose-derived carbon nanofiber (CNF) (a) and CoFe2O4/CNF composite 

(b). TEM image (c) and HR-TEM image (d) of CoFe2O4/CNF composite.[25]  

Reproduced with permission from Ref. [25]. Copyright 2016, Hydrogen Energy Publications, LLC. 

Published by Elsevier Ltd. 

A further example of a composite electrode using a cobalt based OER catalyst was introduced 

by Liu et al. who employed a bacterial-cellulose-derived carbon nanofiber (CNF) 3D network 

that was loaded with spinel CoFe2O4 nanoparticles using a hydrothermal treatment and 

subsequent pyrolysis. The CoFe2O4/CNF catalyst with nanoparticle sizes of ≈6 nm and open 
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porous morphology advantageous for mass transport of gases is shown in Figure 4. The 

CoFe2O4/CNF composite was evaluated as a highly active bifunctional catalyst with a 72 mV 

more negative onset potential compared to a commercial Pt/C (20 wt%) HER catalyst and a 

50 mV more positive potential compared to a benchmark RuO2/C (20 wt%) OER catalyst.[25] 

Finally, the preparation of transition metal oxide/transition metal/carbon composites was 

shown by Zhang et al. with a Pd-nanoparticle doped MnO2 nanorod/carbon composite catalyst 

to lead to synergistic effects that enhance the OER activity beyond the contribution of the 

individual components. The synergistic effect between Pd and MnO2 is thereby attributed to 

the high electronegativity of palladium that acts as an electron drain facilitating the formation 

of MnOOH-O reaction intermediates in alkaline media through an inductive effect and thereby 

accelerating the OER kinetics.[26] 

1.2.2 Photoelectrochemical water splitting 

The incomplete filling of the electronic d shell of transition metal oxides not only confers 

unique surface properties used in heterogeneous catalysis but also causes interesting optical 

and electronic properties applicable in photocatalysis and/or photoabsorption. Among the 

transition metals a wide range of optical band gaps is observed, which spans from narrow band 

gap semiconductor like CuO (Eg = 1.35 eV) absorbing down to the near infrared to wide band 

gap semiconductors like SnO2 (Eg = 3.8 eV) with an absorption in the ultra violet region of the 

electromagnetic spectrum.[27] 

Photoelectrochemical water splitting requires a suitable bulk phase photoabsorption profile to 

enable fast exciton dissociation and an enhanced light harvesting efficiency, and a proper band 

alignment for HER or OER, respectively, to provide a thermodynamic driving force for the 

reaction.[27] Besides, suitable electrocatalytic properties of the photoabsorber surface are 

needed to enable the fast reaction of photogenerated electrons and holes with water molecules 

without charge recombination. Photoelectrochemical as well as electrochemical water splitting 
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require fast charge transport, high density of catalytic sites, and, concerning charge transport, 

a long carrier lifetime and high recombination resistance.[27] These properties can be enhanced 

via a careful optimization of photoabsorber nanomorphologies as depicted in Figure 5. 

 

Figure 5 Different kinds of 0D, 1D, 2D MOx building blocks applied for the fabrication of hierarchical 

structures and arrays. The collective properties of arrays regarding efficient electrochemical and 

photoelectrochemical water splitting application are summarized.[27] 

Reproduced with permission from Ref. [27]. Copyright 2017, WILEY-VCH Verlag GmbH & Co. KGaA, 

Weinheim. 

Figure 6 thereby depicts a α-Fe2O3 (hematite) photoanode constructed of an array of nanorods 

oriented perpendicular to the substrate and optimized in thickness and spacing for an efficient 

light absorption and charge percolation. Nanowires of 50 – 100 nm thickness and a length of 1 

– 5 µm constitute an optimum regarding the limited hole diffusion length to the surface (across 

the wires) and a sufficient photon absorption across the film thickness as well as a direct 

electron conduction pathway to the conductive substrate. The spacing between the nanowires 

can finally further enhance the light absorption by internal reflections and multiple scattering 

of incoming radiation.[28] 
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Figure 6 Optimized morphology for an α-Fe2O3 photo-anode for water splitting. The small diameter of the 

nanowires ensures short hole diffusion path lengths.[28] 

Reproduced with permission from Ref. [28]. Copyright 2008, The Royal Society of Chemistry. 

Another suitable nanomorphology for anodes employed in photoelectrochemical water 

splitting are inverse opal-like structures that combine a high surface area with thin structural 

elements resulting in low hole diffusion distances and an increased light absorption due to the 

possibility of using micrometer thick electrodes. 

Among others, α-Fe2O3
[29], ZnFe2O4

[30] and BiVO4/WO3
[31] were synthesized in form of inverse 

opal structured photoanodes for water splitting. As an example, Figure 7 depicts an inverse 

opal Sb-doped SnO2
 (ATO) nanostructure with homogeneous ZnFe2O4 coating applied by 

atomic layer deposition by Hufnagel et al..[30]  

 

Figure 7 SEM image (a), TEM image (b) and respective electron diffraction pattern (c) of inverse opal 

nanostructured Sb-doped SnO2 coated with a thin layer ZnFe2O4 as photoanode for photoelectrochemical 

water oxidation.[30] 

Reproduced (modified) with permission from Ref. [30]. Copyright 2016, WILEY-VCH Verlag GmbH & 

Co. KGaA, Weinheim. 
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The authors have demonstrated that the inverse opal nanomorphology in conjunction with a 

conductive ATO photoabsorber and -catalyst support could increase the photocurrent by a 

factor of 5 as compared to a flat ZnFe2O4 film.[30] 

A further advantage of the inverse opal photoabsorber morphology mentioned above is the 

possibility of loading it with additional highly active OER co-catalysts as demonstrated by Shi 

et al. for (Co-Pi)/α-Fe2O3 electrodes. With this nanoscale structure they could lower the 

photocurrent onset potential by ≈150 mV and improve the photocurrent of the anode especially 

at low potentials by reducing electron hole recombination.[29] 

1.2.3 Fuel cell and oxygen reduction reaction catalysts 

Besides being employed as catalysts for the OER in water electrolysis, transition metal oxides 

were evaluated regarding their applications in proton-exchange membrane fuel cells (PEFC) 

as co-catalytic nanostructures and functional support structures. 

Nanosized transition metal oxides may not replace the scarce noble metal platinum in PEFCs 

but they can be successfully employed as co-catalyst to increase the overall catalytic ORR 

performance at the cathode by synergistic effects based on a bifunctional reaction mechanism. 

This can be explained by a possible adsorption of reaction intermediates at the hydroxyl group 

terminated surfaces in spatial proximity to the catalyst active sites.[32] 

TMOs were also evaluated as stable catalyst support materials which allow a high dispersion 

of scarce noble metal particles, reduce their agglomeration and indirectly influence the catalytic 

performance by electronic metal-support interactions which further increase the catalytic 

activity.[32]  

Examples of PEFC ORR co-catalyst and supports include (doped) TiOx,
[33] WOx,

[34-35] 

MoOx,
[36] and CeO2

[37]. For the case of a Pt/C-MoO2 composite with ≈5 nm MoO2 particles 

synthesized by Yan et al., the catalytic performance normalized to the noble metal could be 
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improved from 98.4 mA mgPt
-1 to 187.4 mA mgPt

-1 at 0.9 V vs. RHE by the addition of the 

MoO2 particles.[36] 

Besides the application in PEFCs with a required acid stability of the employed catalysts in 

contact with the perfluorinated membrane, various nanosized and -structured transition metal 

ORR catalysts were reported to date.[38] As an example, nanosized Co3O4/N-doped graphene[39] 

or Co3O4/CNT composites[40] exhibit high ORR activities, which even outperform state-of-the-

art Pt in alkaline solution.  

Nanosized copper oxides (CuOx) are a further non-precious metal alternative as ORR catalyst 

in alkaline media, which also require a carbon composite formation due to their limited 

conductivity and catalytic activity.[38] 

 

Figure 8 SEM image (a), TEM image (b) and HR-TEM image (c) of nano-Fe3O4 / graphene composite ORR 

catalyst.[41] 

Reproduced (modified) with permission from Ref. [41]. Copyright 2015, 2015, American Chemical Society. 

Finally, nanostructured and -sized iron oxides have been reported for their use as non-precious 

metal ORR catalysts with rather limited electrocatalytic activities and a high dependency on 

the synthesis method and resulting nanostructure. Among others, nano-Fe3O4/graphene 
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composite synthesized by Zhao et al. (Figure 8) exhibits an increased ORR and OER 

performance that was attributed to the synergistic coupling effects between iron oxide and 

graphene.[38] 
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1.3 Nanomorphology and particle size control 

1.3.1 Synthesis of metal oxide nanoparticles 

Nanoparticles can be generally synthesized using the “top-down” approach that uses a 

mechanical disintegration of bulk material by various physical methods, or the “bottom-up” 

approach that employs solution phase colloidal chemistry with respective precursors, solvents 

and possibly additional structure directing agents. Although the “top-down” approach is easily 

scalable, it offers very low control over the particle shape, size and particle size distribution. 

The “bottom-up” synthesis approach with soluble molecular precursors gained considerable 

attention in the last decades as it allows the controllable formation of nanoparticles and higher 

order structures not accessible from the bulk.[42] 

In general, crystalline metal oxide nanoparticles can be obtained by various synthesis routes 

with a main focus on colloidal and sol-gel chemistry. Among them, the non-aqueous liquid 

phase synthesis can be divided into surfactant-directed and solvent controlled routes according 

to the mechanism of particle growth. The surfactant-directed approaches generally provide 

excellent control over the crystal size and shape, result in a narrow particle size distribution 

and exhibit a low agglomeration tendency and good redispersibility. However, the good 

dispersibility related to organic capping agents results in a large amount of organic impurities 

with often negative effects on electronic or surface related applications of the nanoparticles.[43] 

A typical example of this synthesis approach is the hot injection method, where the reagents 

are injected in a hot surfactant solution and converted to the oxides at temperatures around 250-

350 °C.[44] 

On the other hand, solvent-controlled approaches that are employed in the course of this work 

and schematically depicted in Figure 9 often result in a low amount of organic impurities with 

a related good accessibility of the nanoparticle surface, which is favorable for catalytic 

applications.[43] 
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Figure 9 Schematic synthesis scheme of a solvent directed non-hydrolytic metal oxide nanoparticle 

formation.[45]  

Reproduced (modified) with permission from Ref. [45]. Copyright, 2015 Wiley‐VCH Verlag GmbH & Co. 

KGaA. 

The solvent controlled routes offer simple and robust synthesis protocols for many oxides. The 

disadvantage of this mechanism is however a lower control of the crystallite size and shape, a 

slightly broader size distribution and the possible formation of agglomerates and a restricted 

re-dispersibility.[43] 

A prominent example of the solvent controlled nanoparticle synthesis is the non-aqueous 

benzyl alcohol route introduced by Niederberger et al.. The synthesis usually employs metal 

organic precursors but is applicable also for metal salts and allows for the formation of highly 

crystalline nanoparticles as well as organic-inorganic hybrid materials.[46-47] According to 

spectroscopic studies of the formation of yttrium oxides from an yttrium tris(iso-propoxide) 

precursor, two parallel reaction mechanism are proposed as shown in Figure 10. 

Figure 10a describes a secondary hydride-transfer reaction which leads to the 

disproportionation of benzyl alcohol to toluene and benzyl aldehyde, whereas Figure 10b 

depicts the parallel formation of an yttria benzoate nanocomposite.[48] 

The tert-butyl alcohol route introduced by Fattakhova-Rohlfing el al. is a further prominent 

solvent-directed nanoparticle synthesis approach successfully applied to a wide range of 

transition metals oxides as well as transition metal nanoparticles.[45] Similar to the benzyl 

alcohol route, tert-butyl alcohol acts as the solvent and as an oxygen donor, although the 

reaction mechanism is not fully understood yet as it has proven difficult to gain experimental 
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information about the organic–inorganic interphase involving a complex role of the organic 

species.[43] 

 

 

Figure 10 (a) Secondary hydride-transfer reaction with disproportionation of benzyl alcohol. (b) Proposed 

mechanism for yttria-benzoate formation.[48] 

Reproduced with permission from Ref. [48]. Copyright, 2005 WILEY‐VCH Verlag GmbH & Co. KGaA, 

Weinheim. 

Examples of transition metal oxides successfully prepared by this synthesis route are ultra-

small and crystalline anatase TiO2 particles,[49] Nb-doped conductive TiO2 nanoparticles,[50] 

and nickel and cobalt-oxide based nanocrystals for (photo) electrochemical water splitting[17-

18, 21, 51]. In analogy to the benzyl alcohol route, also the formation of inorganic/organic 

composite materials was shown by the preparation of Sb-doped SnO2 nanoparticles on reduced 

graphene oxide as high capacity and rate capable lithium ion battery anode by Zoller et al..[52] 

Other solvent assisted synthesis routes for nanoparticles include the diisopropyl ether route that 

employs chloride precursors and is also suitable for the fabrication of mesoporous structures 

or xerogels.[45] Other oxygen containing solvents (e.g. ketones and aldehydes) different from 

alcohols and ethers were investigated by applying the acetophenone route. The carboxylic acid 

route uses the non-hydrolytic M-O-M bond formation by elimination of the respective ester 
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between metal alkoxides and carboxylic acid for the formation of nanoparticles. Finally, the 

benzylamine route employs acetylacetonate metal precursors reacting with benzylamine and 

leading to the formation of corresponding metal oxides with the supply of oxygen from the 

decomposition of acetylacetonate.[45] 

In contrast to the precisely controllable non-hydrolytic mechanisms that often yield highly 

crystalline nanoparticles, aqueous surfactant-free sol-gel chemistry that was also employed in 

the course of this thesis is quite complex and often results in the formation of amorphous 

particles.[44] 

Due to the multiple function of water as the solvent, ligand and reactant a variety of parameters 

such as the hydrolysis and condensation rate of the metal oxide precursor, pH value, 

temperature, way of mixing, rate of oxidation and presence and concentration of ions in 

solution influence the formation of nanoparticles and need to be controlled.[44] 

However, the aqueous synthesis route offers the great advantage of the absence of any organic 

ligands negatively affecting the nanoparticle surface in terms of their catalytic properties. The 

formation of an amorphous phase is furthermore not necessarily a disadvantage for the potential 

application of nanoparticles as electrocatalytic water oxidation catalysts, as reported for highly 

active amorphous CoOx,
[53] CoWO4

[54] or IrOx
[55] nanoparticles.[43] 

In general, an aqueous sol-gel process is governed by the conversion of a precursor solution 

into an inorganic solid via inorganic polymerization reactions caused by hydrolysis in water. 

Typically, metal alkoxide precursors that easily hydrolyze in water are employed to obtain a 

sol as depicted in Figure 11, although also simple and less reactive transition metal salts can be 

employed that require in some cases the change of the pH value.[44] Generally, the hydrolysis 

is succeeded by an ageing step of the sol that leads to gelation or particle growth/precipitation. 

The following processing steps are decisive for the final structure of transition metal oxides as 
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shown in Figure 11. A final drying step or thermal treatment is required to obtain oxides from 

the wet hydroxide/oxide containing gels and precipitates.[44] 

 

 

Figure 11 Aqueous sol-gel process and the fabrication of transition metal oxide nanostructures by further 

processing steps.[44] 

Reproduced with permission from Ref. [44]. Copyright, 2009, Springer-Verlag London Limited. 

Concerning the reaction mechanism, the alkoxides need to be distinguished from the salts as 

the former hydrolyze via a well-studied nucleophilic aliphatic substitution reaction by the 

oxygen of the water as following:[44] 

−M − OR +  H2O       ⟶         −M − OH +  ROH  (1) 

The further condensation of formed hydroxides as well as the reaction with the alkoxide 

precursor result in the formation of an -M-O-M- bond:[44] 

−M − OH  +   HO − M−       ⟶         −M − O − M −    +    H2O (2) 

−M − OR  +   HO − M−       ⟶         −M − O − M −    +    ROH (3) 

In contrast to the alkoxides, the sol-gel transformation of the transition metal salt precursors 

proceeds via the formation of condensed species from the aqueous solution. The hydrolysis 
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reaction is thereby dependent on the change of the pH, the temperature or the oxidation state 

of the transition metal as well as the presence and the concentration of counter ions, which 

renders this process rather complex and difficult to predict, especially concerning the formation 

of different nanomorphologies.[44] 

Besides the aforementioned synthesis methods with liquid solvents, the molten salt synthesis 

(MSS) route can be used to obtain small transition metal oxide nanoparticles with high 

uniformity, good control over the crystallite size and morphology as well as a reduced level of 

agglomeration. Typically, individual salts (NaNO3, NaCl, KCl, Li2SO4, Na2SO4 etc.) or 

(eutectic) mixtures such as 0.5 mol% NaCl - 0.5 mol% KCl are employed to adjust the melting 

point and define the reaction conditions.[56-57] 

Interestingly, the synthesis conditions in the melt are reported to increase reaction rates when 

decreasing the synthesis temperature.  This fact allows for the formation of uniform transition 

metal oxide nanoparticles with differing crystallinity not accessible by other synthesis methods 

(e.g. thermal oxidation/decomposition of precursors in air), which can exhibit unique catalytic 

properties.[58-60] 

In contrast to the flux method where only minor amounts of salts are introduced to a precursor 

mixture, in the MSS method an excess of individual salts or mixtures thereof is employed 

which act as soluble reaction media at elevated temperatures. By the choice of the salt and/or 

use of eutectic compositions, the melting and thus reaction temperature can be controlled, 

which directly influences the nanoparticle growth. In principle, the properties of the resulting 

nanosized transition metal oxides are governed by the choice of the precursor (typically 

chlorides or sulfates), pH, temperature and duration of the applied heating profile and the 

melting salts. An advantage of this method is its simplicity, reliability and scalability: If all 

parameters are well-controlled, highly uniform nanoparticles can be obtained with simple 

experimental equipment in large quantity.[56-57] 
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Figure 12 Transmission electron microscope images of small spherical IrO2 obtained from molten salt 

(NaNO3) synthesis at 350 °C (a) and spherical and rod-like IrO2 crystals obtained at 400 °C (b).[58] 

Reproduced with permission from Ref. [58]. Copyright, 2019, the authors. 

Besides the most important routes introduced above, nanosized transition metal oxides can also 

be obtained by a variety of other less common approaches such as sonochemical synthesis,[61] 

thermal decomposition of precursors[62] or combinations and subtypes of the introduced routes 

(e.g., two-phase aqueous/organic liquid[43] or reduction of molecular precursors with 

subsequent oxidation to form transition oxide nanoparticles[42]).  

1.3.2 Fabrication of 1D - 3D metal oxide nanostructures 

Beyond the synthesis of 0D nanoparticles including rod-like particles, there exist numerous 

methods for the controllable formation of nanowires (1D),[63] nanosheets (2D)[64-65] and 

complex porous and/or hierarchically 3D metal oxide nanostructures.[43, 66-67] The 

nanomorphology can decisively influence the performance of materials in electrocatalysis or 

electrochemical energy storage as compared to a random assembly of nanoparticles. 

1D Nanowires of ZnO, CdO, In2O3 and TiO2 can be obtained for example by the vapor-liquid-

solid (VLS) mechanism with metal nanoparticles used as nucleation seeds. A variety of 

transition metal oxides wire structures can further be prepared by electrospinning.[66, 68-69] The 

elongated morphology of electrospun nanowires provides the charge percolation pathways 
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along the wire direction, which, together with an increased surface area and possible 

confinement effects, can lead to unique electronic properties due to the small wire diameter. 

Macías et al. reported the fabrication of mesoporous TiO2 and Ta- and Nb-based oxide 

nanofibers by electrospinning of a non-ionic surfactant (Pluronic® P-123, F-127 or Brij76) 

containing gel that was prepared by a sol-gel process with the respective metal oxide precursor. 

Figure 13 depicts mesoporous Ta2O5 nanofibers that exhibit a surface area of 175 m2 g-1 with 

a pore size of about 2 nm derived from the surfactant induced soft-templating.[69] 

 

Figure 13 Scanning electron microscope images of mesoporous Ta2O5 fibers obtained by electrospinning (a) 

before and (b) after calcination in air at 350 °C.[69] 

Reproduced with permission from Ref. [69]. Copyright, 2005 Elsevier Inc. All rights reserved. 

An example of an ordered nanowire architecture for catalytic applications is given by 

Cummins et al. who synthesized a core-shell MoO3/MoS2 nanowire array by chemical vapor 

deposition, sulfurization and hydrazine treatment for efficient hydrogen evolution reaction.[70] 

2D metal oxide sheet morphologies have attracted significant interest due to their large surface-

to-volume ratios and for thin layer thickness and electron confinement in one dimension.[71] 

The large surface area can facilitate heterogeneous catalysis whereas confinement effects of 

metal oxide nanosheets can lead to altered magnetic properties such as ferro/ferrimagnetic to 

superparamagnetic transitions or an unexpected insulator-metal behavior.[66, 72] 
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There exist a variety of different synthesis techniques based either on exfoliation (the top-down 

approach) or assembly from molecular precursors (bottom up approach). Exfoliation can be 

employed for layered transition metal oxides which are composed of slabs of typically corner 

or edge sharing MO6 octahedra that form ionic bonds with the adjacent alkali ions between 

them. By cation-exchange with bulky organocations and expansion by introduction of water in 

the interlayer region the slabs can finally be separated, typically by shaking or sonication.[72] 

2D nanostructures of non-layered transition metal oxides that are not accessible via exfoliation 

can be formed as single layers by surface oxidation as shown for Cu2O or by TiO2.
[73-74] A 

further possibility resulting in individual TMO nanosheets is physical vapor deposition on 

single crystal metal surfaces or the recently introduced liquid metal-based reaction route with 

gallium-based alloys at room temperature and above.[72] Further specialized techniques not 

relevant for large-scale synthesis of 2D TMOs include pulsed laser deposition (PLD), 

molecular beam epitaxy (MBE) and metal-organic chemical vapor deposition (MOCVD).[72] 

An alternative approach for the formation of larger quantities of potentially solution processible 

2D nanostructures are self-assembly mechanisms described for a variety of layered and non-

layered TMOs. Hydrothermal or solvothermal reactions with the respective metal oxide 

precursors can result in the formation of 2D nanostructures by precisely controlling the reaction 

conditions such as the solvent, precursor, temperature, concentration and pH-value as shown 

for the synthesis of CuO or Eu2O3 2D structures.[72] Yang et al. have been able to demonstrate 

that nanosheets of the cobalt and nickel-cobalt rock-salt structure form via self-assembly of an 

intermediate nanoparticle phase using environmental TEM investigations.[71]  

A more controllable synthesis of 2D structures is given by the usage of surfactants such as 

cetyltrimethylammonium bromide (CTAB). According to Sun et al., the latter leads to a self-

assembly of metal-oxide precursor oligomers into lamellar structures before condensation, 



1.3 Nanomorphology and particle size control 

 

26 

 

polymerization and crystallization to finally form the 2D sheet structure, thus decreasing the 

dependence on a precise control of reaction conditions.[72, 75] 

3D metal oxide nanostructures with unique porosity can be obtained by a variety of physical 

and chemical synthesis routes. The available synthesis routes can in principle be divided, 

similar to the formation of 2D materials, into a non-templated (spontaneous) formation that is 

strongly dependent on the exact synthesis conditions (choice of precursors, concentration, 

temperature, pH-value, solvent, etc.) and templated synthesis approaches of 3D 

nanomorphologies. 

For the synthesis of 3D-nanostructured titania the following synthesis strategies were 

successfully employed: casting of preformed titania species, sol-gel processes, low-

temperature processing, electrostatic, -phoretic and -chemical deposition techniques as well as 

soft- and hard-templating approaches such as evaporation induced self-assembly (EISA) and 

colloidal crystal templating.[67] 

A certain porosity required for an application (e.g., catalysis or for electrochemical energy 

storage) can be adjusted by the choice of suitable metal oxide building blocks and their 

assembly. A more precise control over the pore structure is however achieved using a 

templating approach, for example with polymeric soft-templates such as amphiphilic 

poly(alkylene oxide) block copolymers (e.g. Pluronic® P123, F127).[76] Soft templating is 

based on a spontaneous self-assembly of amphiphilic polymers into supramolecular micellar 

structures acting as the porosity templates. The shape and size of the individual micelles as 

well as the morphology of the micelle assemblies in more complex secondary structures depend 

on the type and concentration of the polymer, the type of solvent, the pH value and the ionic 

strength of the solution, the presence of other species (thus the self-assembly process is strongly 

influenced by the presence of metal oxide precursors), temperature and humidity. Upon 

adjusting the synthesis conditions, the metal oxide precursor – polymer hybrids with a defined 
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morphology can be obtained in a very reproducible way, resulting in 3D-metal oxide 

frameworks after thermal treatment and polymer removal.[76-77] 

One of the important 3D-nanostructures is the so called “inverse-opal” morphology, which was 

extensively employed in this thesis for the fabrication of support structures for electrocatalysts. 

Using soft- or hard-templating and respective sol-gel routes, pure or mixed phase oxides are 

accessible that exhibit a very high porosity derived from an interconnected pore system with 

narrow pore size distribution defined by the templating agent. The interconnected metal oxide 

walls form a continuous framework that provides charge transport pathways through the porous 

layer as depicted in Figure 14.[77-78] 

 

Figure 14 Lithiation and charge percolation pathways in (a, b) 3D ordered transition metal oxide (e.g. TiO2) 

and (c) (nano)particle-based electrodes for electrochemical energy storage. Active material indicated in 

blue and potentially inaccessible material highlighted in red with interfacial boundaries marked with ́ x´.[78] 

Reproduced (modified) with permission from Ref. [78]. Copyright, 2016 Elsevier Ltd. All rights reserved. 

Typical applications that benefit from this nanomorphology are electrochemical energy storage 

materials (battery electrodes and supercapacitors)[77-78] and heterogeneous catalysts 

(electrochemical and photoelectrochemical water splitting)[30, 79-80] as it offers an increased 

electrochemically active surface area, increased conductivity through a continuous charge 

percolation pathway with increased mean cross section compared to stacked spherical particles 

(Figure 14b,c) as well as enhanced diffusion and/or mass transport across the macroporous 

electrode. 
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1.4 Nanosized transition metal oxide catalysts for water electrolysis 

The fundamental process of water electrolysis is defined by a decomposition of typically liquid 

H2O into gaseous hydrogen and oxygen at the interface of two opposing electrodes immersed 

in an electrolyte and driven by an external supply of electrical energy. 

    𝐻2𝑂(𝑙)  ⟶  𝐻2(𝑔) + 
1

2
 𝑂2(𝑔)   (4) 

It was Michael Faraday in the 18th century who investigated the relation between the measured 

current i and the amount n (respectively the volume) of hydrogen and oxygen evolving at the 

cathode and anode respectively to establish his famous relation:[81-82] 

      𝑖 = 𝑧 𝑛 𝐹    (5) 

with z being the number of electrons involved in the redox reaction and F being the Faraday 

constant of 96485 C mol-1.[81] As the fundamental redox reactions involved in the water 

splitting process are invariable, the required cell voltage governed by the thermodynamics of 

educts and products as well as contributing additional losses (ohmic, kinetic, diffusion, etc.) is 

of research interest. The theoretical minimum cell voltage required for electrolysis in an open 

cell can be obtained from the Gibbs free energy for H2O formation from the elements under 

standard conditions ((p, T) = const.):[82]   

𝐸𝑐𝑒𝑙𝑙
0 =  

−∆𝐺0

𝑧𝐹
    (6) 

At standard reaction conditions (p0 = 1 bar, T0 = 298 K) the change in Gibbs free energy (ΔG0) 

for the reaction is 237.22 kJ mol-1, which corresponds to a required cell voltage of E0
rev = 

1.23 V. However, considering the thermoneutral voltage derived from the change in standard 

enthalpy (ΔH0) without additional heat flux from the surrounding, a voltage of E0
thermoneutral = 

1.48 V is required. Reaction with cell potentials of E0
rev < V < E0

thermoneutral are thereby 
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endothermic, and voltages exceeding E0
thermoneutral lead to an exothermic reaction.[81-82] An 

important factor influencing the reaction mechanism and the standard reaction potentials of the 

opposing electrodes is the pH-value. Under acidic conditions the following half-cell equations 

can be formulated, as mainly protons are involved in the redox reactions:[81] 

Anode (acidic):               𝐻2𝑂 ⟶  4 𝐻+ + 𝑂2 + 4 𝑒−  (7) 

Cathode (acidic):              2 𝐻+ + 2 𝑒− ⟶  𝐻2    (8) 

In alkaline media hydroxide anions are the main redox active species:[81] 

Anode (basic):                                  4 𝑂𝐻−  ⟶ 𝑂2 + 2 𝐻2𝑂 + 4 𝑒−  (9) 

Cathode (basic):                    2 𝐻2𝑂 + 2 𝑒− ⟶ 2 𝑂𝐻− +  𝐻2  (10) 

Following from these equations, the Nernst or equilibrium potential of both half-reactions is 

pH-dependent and shifted by -0.06 × pH value, which again results in a pH-value independent 

ΔE = 1.23 V for the overall water splitting reaction as shown in Figure 15. 

 

Figure 15 Electrode potentials versus pH for the water splitting reaction.[82] 

Reproduced with permission from Ref. [82]. Copyright, 2015 Wiley‐VCH Verlag GmbH & Co. KGaA. 

This can be explained, as the potential of the anodic and cathodic half-cell can be formulated 

as follows:[82] 

 𝐸𝑎𝑛𝑜𝑑𝑒 = 𝐸𝐻2𝑂/𝑂2 
0 + 

𝑅𝑇

𝑧𝐹
ln

(𝑎
𝐻+
2 )(𝑓𝑜2

1
2 )

𝑎𝐻2𝑂
≈ 1.23 𝑉 − 0.06 𝑝𝐻    (11) 
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𝐸𝑐𝑎𝑡ℎ𝑜𝑑𝑒 = 𝐸𝐻2/𝐻+
0 +  

𝑅𝑇

𝑧𝐹
ln

(𝑎
𝐻+
2 )

𝑓𝐻2

≈ − 0.06 𝑝𝐻     (12) 

In a practical electrolyzer the cell voltage (Vcell) exceeds the theoretical value of 1.23 V due to 

overpotentials (ηcathode, ηanode) required to overcome kinetic limitations of the cathodic and 

especially anodic half-reaction as well as the cell resistance (Rcell) that becomes relevant at 

elevated current densities:[83] 

   𝑉𝑐𝑒𝑙𝑙 = 𝐸0 +  (𝜂𝑐𝑎𝑡ℎ𝑜𝑑𝑒 +  𝜂𝑎𝑛𝑜𝑑𝑒 + 𝑖𝑅𝑐𝑒𝑙𝑙)   (13) 

More precisely, the overpotential of each half-cell is composed of an activation overpotential 

which is dependent on the catalyst material, utilization and loading and a mass transport 

overpotential governed by diffusion processes.[84]  

There is considerable research interest in the development of novel, highly active catalysts for 

the oxygen evolution reaction at the anode to increase the overall efficiency of electrolysis. The 

OER thereby requires a relatively high overpotential due to a rather complex four electron and 

proton-coupled pH-dependent reaction mechanism. There are several (also material specific) 

proposed OER reaction pathways, which involve at least two different adsorption intermediates 

(-OH and -O) with a suggested possible third -OOH intermediate.[82, 85-87] 

Nanosized and -structured transition metal electrodes with defined porosity and 

nanomorphology can serve as highly active and stable OER catalysts in both acidic and basic 

environments as well as in the neutral pH-regime.[88-90] 

Platinum group metals (PGM) including Pt, Ru, Rh, Ir and Pd with special focus on Pt have 

shown excellent catalytic activity towards the hydrogen evolution reaction in both acidic and 

alkaline environment.[91-92] To maximize the PGM metal utilization, the increase in the number 

of catalytic active sites by fabrication of nanostructures, deposition of thin layers (down to 

monolayers) of Pt on low cost material as well as alloying were investigated.[91-92] 
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For the oxygen evolution reaction in acidic media only the scarce PGM iridium and its oxide 

are proven to be stable enough electrocatalysts under the harsh oxidizing and acidic conditions 

at the anode to allow for long-term electrolysis in an industrial application in the form of PEM 

electrolyzers.[84, 93] Due to the kinetically demanding oxygen evolution reaction, even higher 

catalyst loadings than the ones for the coupled cathodic reaction are required when the catalyst 

layer morphology is not optimized.[94] To decrease the noble metal loading without 

compromising the electrocatalytic activity, different ways of electrode morphology 

optimization have been investigated, among which nanostructured iridium oxide, alloys and 

supported catalysts show the most promising performance as will be discussed in more detail 

in this thesis (Chapters 1.5.2, 7 and 8). 

Electrolysis under alkaline conditions offers the advantage of a possible use of earth abundant, 

non-noble transition metal oxides with a special focus on the highly OER active Fe-doped 

Ni(OH)2 as well as cobalt-based electrocatalysts.[95-96] 

Although there is no strict requirement for an increase of the mass-based activity of earth-

abundant transition metal oxide catalysts, research on nanosizing and nanostructuring led to a 

significantly increased electrocatalytic activity by lowering the overpotential due to an 

increased number of accessible active sites, optimized mass transport in the electrode layer 

through a defined porosity or doping elements in unusual high concentrations in nanosized 

metastable phases.[18, 97-98] Fabrication and detailed discussion of respective nanosized earth-

abundant transition metal oxide OER catalysts are presented in the Section 1.4.1 and Chapters 

5 and 6. 

1.4.1 Oxygen evolution reaction catalysis with earth abundant transition 

metals 

Alkaline electrolysis is a mature technology that has been industrially employed over the last 

decades. Nickel-based/stainless steel mesh electrodes are typically used for both hydrogen and 
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oxygen evolution reactions. The electrodes are typically operated in a concentrated solution of 

KOH or NaOH at elevated temperatures with current densities of up to 500 mA cm-2.[96] 

Although acidic electrolysis allows for higher current densities and avoids the handling of 

corrosive electrolyte, the main advantage of alkaline electrolysis is the possibility to employ 

relatively cheap and earth abundant transitions metal oxide catalysts that can be stably operated 

for thousands of hours.[95-96, 99] 

Besides highly active cobalt and nickel-based phosphides,[100-102] sulfides[103-104] and 

selenides,[105-106] mainly the nickel and cobalt oxides[18, 107-108] and more specifically their 

catalytically active form of oxyhydroxides[109-111] as well as layered double hydroxides[112-113] 

are reported as efficient and long-term durable OER catalysts under alkaline conditions.[99]  

A general trend in the OER activity of transition metals and oxides can be explained by the 

Sabatier principle and calculated by the M-O bond strength (difference in Gibbs free energy of 

adsorption intermediates with active site M) of the -OH, -O, -OOH and -OO reaction 

intermediates.[95-96]  

The overall OER reaction in alkaline media can be formulated according to Equation 9 

(Section 1.4), but due to several possible reaction pathways and reaction intermediates a 

descriptor adequately describing the limiting OER kinetic remains challenging.[114] Figure 16 

depicts a generalized scheme for the OER mechanism under alkaline conditions. In a first 

reaction step, OH- is bound at the reactive site M via a one-electron oxidation reaction to form 

a M-OH intermediate. In a second consecutive OH--mediated coupled proton and electron 

removal step, H2O is released and a M-O bond on the catalyst surface is formed. The M-O 

species can furthermore undergo two different reaction pathways, finally leading to the release 

of oxygen. The first pathway (dashed line) describes an O-O double bond formation of 

neighboring M-O reaction intermediates and thereby a coupled O2 release. 
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Figure 16 Generalized OER mechanism in alkaline media. M representing catalytically active sites. [115] 

Reproduced with permission from Ref. [115]. Copyright 2018, American Chemical Society. 

In an alternative pathway, an M-OOH peroxide intermediate is formed by a nucleophilic attack 

of OH- coupled with a further one-electron oxidation reaction on the catalyst surface. The last 

step in this catalytic cycle includes a further OH- coupled one-electron oxidation with a release 

of H2O and O2 to result in the regeneration of an unoccupied active site M.[115-116]  

Due to the complex reaction mechanism and its dependency on the composition and local 

structure of the catalyst, it is challenging to determine an absolute trend of the intrinsic activity 

of transition metal oxide surfaces towards OER catalysis. Depending on the exact theoretical 

parameters of the study, the OER activities can be ordered as NiO >> CoO ≈ FeO >> MnO or 

Co3O4 > NiO > MnxOy.
[117-118] Experimentally a trend of MnO2 > NiO > Co3O4 ≫ Fe3O4 was 

proposed by Trasatti et al., whereas an order in OER activity of NiOxHy > CoOxHy > FeOxHy 

> MnOxHy was reported by Subbaraman et al. for near-monolayer (oxy)hydroxide films.[119-

120] 

The partly opposing trends visualize the difficulty in determining and comparing the intrinsic 

activity of different transition metal oxides, which is greatly influenced by the local structure 

and composition of the catalyst.[96] The local structure and composition thereby directly 

influence the formation and abundance of catalytically active sites and is a consequence of the 

synthesis method (bulk vs. nanostructured oxides) and operating conditions (e.g. pH-value and 
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potential induced formation and transformation of catalytically active phases). A further critical 

factor investigated in numerous studies in recent years is the presence of electrolyte impurities 

or doping elements (especially Fe) on the catalytic activity of nickel- and cobalt-based OER 

catalysts.[96] Moreover, methods such as defect engineering, coating, and exfoliation as well as 

hybridization were successfully employed to improve the catalytic activity of transition metal 

oxides.[121] Together with secondary (but important) factors such as electrical conductivity, 

mass transport and chemical stability, the micro- and nanoscale morphology all influence the 

apparent OER activity that can be described by an apparent potential Eapparent (e.g., for a given 

current density of 10 mA cm-2).[121] 

𝜂𝑡𝑜𝑡𝑎𝑙 =  𝐸𝑎𝑝𝑝𝑎𝑟𝑒𝑛𝑡 −  𝐸0 =  𝜂∆𝐺 + 𝜂𝑐𝑜𝑛𝑛𝑒𝑐𝑡𝑖𝑜𝑛 +  𝜂𝑠𝑢𝑟𝑓𝑎𝑐𝑒  (14) 

The total overpotential ηtotal is thereby a sum of the thermodynamic overpotential ηΔG, the 

connection overpotential ηconnection and the surface overpotential ηsurface. The thermodynamic 

properties (ηΔG) result from the intrinsic electronic structure of the catalyst. The latter can be 

modified by features such as confinement effects exhibited by ultra-thin structures, doping, the 

chemical and phase composition as well as defect engineering. The connection overpotential 

ηconnection is associated with the potential drop between the catalytically active sites and the 

external circuit and is thus dependent on the conductivity of the electrodes, which can be 

manipulated by carbon or metal composite formation, doping and hierarchical nano- and 

microstructures with optimized charge percolation pathways. Finally, the value of ηsurface
 is 

associated with the number of available catalytically active sites and is thereby related to the 

catalyst surface area, which can be tuned by synthesis of nanoparticles and nanostructures with 

significantly increased surface to volume ratios.[121] 

An example of an advanced transition metal oxide catalyst for alkaline OER is given by Fan et 

al. who synthesized hierarchically vanadium-doped FeOOH spheres of ≈3 µm filled with a 
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vanadate core that is transformed to hollow vanadium-iron spheres by operation in the KOH 

electrolyte as shown in Figure 17.[122] 

 

Figure 17 (a) Proposed synthesis scheme of spherical V(III)-doped FeOOH@VOx core and hollow Fe0.5V0.5 

sphere OER catalyst. (b) Gibbs free energy scheme of oxygen evolution reaction with (-OH, -O and -OOH) 

intermediates catalyzed by undoped FeOOH surface (black curve) and V-(III) doped FeOOH with 

influence on V(red) and Fe(blue) active sites.[122] 

Reproduced with permission from Ref. [122]. Copyright 2017, Wiley‐VCH Verlag GmbH & Co. KGaA, 

Weinheim. 

The material thereby exhibits a comparably high OER activity with a required overpotential of 

292 mV to reach a current density of 1 mA cm-2, which approaches the range of nickel or cobalt 

based electrocatalysts. The significant increase in activity is mainly associated with the altered 

conductivity, which usually limits the performance of undoped iron oxide/oxyhydroxide based 

OER catalyst, lowering ηconnection. According to DFT calculations the electronic structure is 

furthermore modified by vanadium doping to result in lower or more equidistant steps in Gibbs 

free energy of adsorption intermediates affecting iron as well as vanadium active sites as shown 

in Figure 17 b, thereby increasing the intrinsic activity of the material (ηΔG). Finally, the 

amount of catalytically available active sites is significantly enhanced by the formation of 

hierarchical spherical microstructure composed of rod-like building blocks, which in turn are 

built of small (below 10 nm) individual particles (Figure 17 a). The micro/nanostructure 

thereby lowers the surface related overpotential ηsurface and leads to a low experimentally 

confirmed overpotential ηtotal.
[122] 
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1.4.2 Oxygen evolution reaction catalysis with Ir-based catalysts 

Although alkaline electrolysis discussed in the previous section exhibits a huge potential due 

to available low cost OER catalysts, electrolysis under acidic conditions as a complementary 

approach is of equal importance for the future large-scale energy storage by means of hydrogen 

production. 

A first advantage of acidic electrolysis in the form of proton exchange or polymer electrolyte 

membrane (PEM) electrolysis is the use of a highly proton conducting thin perfluorosulfonic 

acid (PFSA) membrane (e.g. Nafion® membrane) employed as solid electrolyte, separator and 

gas permeation barrier.[89] Membrane technology is also being investigated for the alkaline 

electrolysis, however still at a non-commercialized early stage of development.[123] A PEM 

electrolyzer cell with ≈50-200 µm thin membranes exhibits a significantly lower ohmic 

resistance as compared to a similar sized alkaline counterpart with alkaline exchange 

membrane (AEM) with a comparable charge carrier concentration due a considerably higher 

ionic conductivity of H+ vs. OH-. The low ohmic resistance in PEM electrolysis thereby allows 

high current densities of several A cm-2 (typically 1-3 A cm-2)[94] as compared to several 

hundred mA cm-2 achievable for alkaline electrolyzers.[89] In addition, the PFSA membranes 

employed in acidic PEM electrolysis have a high durability with a possible usage over tens of 

thousands of hours. To compare, the life time of the currently investigated alkaline exchange 

membranes is still limited to several hundreds of hours, mainly due to the use of less stable 

functional groups (e.g. aliphatic heterocyclic quaternary ammonium head groups) required for 

ion conductivity.[123] 

A major drawback of acidic PEM electrolysis are, however, the strong requirements for the 

OER catalyst at the anode. Although the PEM electrolyzers use only purified and de-ionized 

water, the employed catalysts need to be stable under highly acidic conditions as they are in a 

direct contact with the PTFE-type Nafion® membrane acting as a superacid.[124] In addition, 
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the catalyst needs to be long-term oxidation stable due to the applied positive potential at the 

anode.  

Among the possible elements of choice for electrocatalysis, Ir, Pt, Pd, Rh, Ti, Ta, Nb, W and 

Si theoretically show a thermodynamically stable oxide phase at the potentials that occur during 

the OER. However, due to the low electrocatalytic activity and limited conductivity of all of 

the mentioned metal oxides except for Ir and its oxides, the latter remain the only employed 

catalysts in industrial type PEM electrolyzers.[81] Also not included in the list above are highly 

active but less stable ruthenium oxides due to the known stability issues under OER conditions, 

although these compounds are thoroughly investigated in the literature and have also been 

proposed as alloying material for iridium-based catalysts.[125-126] 

OER reaction mechanism in acidic media 

Although iridium and its oxides are used as OER catalysts already for decades, the exact 

reaction mechanism for the complex four-electron oxidation reaction has long not been 

validated experimentally. Based on available experimental data and DFT calculations, several 

reaction mechanisms have been proposed so far that are shown in the upper part of Figure 18. 

In analogy to the OER mechanism in alkaline media, a first step involves the formation of a 

M-OH intermediate. Depending on the proposed mechanism, M-O and M intermediates are 

either formed by elimination of H2O or an M-O intermediate is formed by a deprotonation and 

electron transfer reaction. The final O-O bond formation followed by an oxygen release, which 

is usually a rate determining step, can either proceed from two neighboring M-O intermediates 

or alternatively via involvement of an M-OOH peroxide intermediate.[89] 

To elucidate the reaction mechanism and to shed light on the stability of Ir-oxides under OER 

conditions, differential electrochemical mass spectroscopy (DEMS) measurements with 

isotope-labeled electrolytes were performed. It could be shown that, in addition to oxygen from 
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the electrolyte, also IrOx lattice oxygen initially participates in the OER as depicted in the 

scheme in the lower part of Figure 18.[89] 

 

Figure 18 (Upper part) Proposed reaction mechanisms for the oxygen evolution reaction in acidic media. 

(Lower part) Graphical representation of the experimental in-situ insights into the OER mechanism on Ir-

based heterogeneous catalysts. (0 ≤ y ≤ 1, 1 ≤ x ≤ 2).[89] 

Reproduced (modified) with permission from Ref. [89]. Copyright 2016, WILEY‐VCH Verlag GmbH & 

Co. KGaA, Weinheim. 

Stability and dissolution of Ir-oxides under OER conditions 

The participation of lattice oxygen correlates with the electrocatalytic activity and stability of 

iridium oxides under OER conditions.[127] Hydrous iridium oxide, which can be characterized 

as a defect-rich Ir-oxide by its missing long-range order and complex local structure, exhibits 

a remarkably high OER activity but only a limited stability.[128] The high activity of hydrous 

iridium oxide films is thereby associated with a bulk-like catalytic activity with a high number 

of active sites, as compared to an estimated amount of active sites equivalent to only 1-2 at% 

iridium for crystalline rutile IrO2.
[129]  
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A valid approach to increase the stability of hydrous iridium oxides is therefore a thermal 

annealing as depicted in Figure 19. Thermal annealing first dehydrates the hydrous IrOx phase 

at a temperature of up to ≈300 °C. This step is associated with a loss in intrinsic conductivity 

and electrocatalytic activity but results in an apparently higher stability. The decline in activity 

is thereby explained by a decreased amount of active sites due to sintering; a limited ion 

insertion as well as mass transport limitations for reactants and products in the dehydrated IrOx 

phase. In the temperature range of 300 - 400 °C a phase transition of the amorphous IrOx to the 

crystalline rutile IrO2 phase can be observed, which leads to the formation of a mixed phase 

with increased OER activity and conductivity but significantly lower stability.[129] Heating to 

400 - 450 °C is reported as a temperature optimum, which leads to a maximized intrinsic 

activity with considerable lower Ir dissolution and a high conductivity.[129-131] 

 

Figure 19 Intrinsic activity and dissolution of thermally treated hydrous iridium oxide films. Values 

determined by current density at 1.5 VRHE and Ir dissolution rates (ngIr cm-2
electrode) normalized by the 

charge taken from respective cyclic voltammograms. Iridium oxide phases (grey) and relative 

conductivities (yellow) indicated in the upper part for the respective temperature regimes. 

Reproduced with permission from Ref. [129].  Copyright 2016, the authors. Published by The 

Electrochemical Society. 
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Even higher temperatures lead to a further growth of the initially formed nanosized IrO2 

crystalline domains with an accompanied decrease in electrochemically active surface area, as 

well as to the formation of thermodynamically favored but less OER active 110 crystal 

facets.[129, 132] 

Although iridium oxides and especially highly crystalline rutile IrO2 are the most stable 

catalysts for acidic water electrolysis known to date, dissolution under OER conditions can still 

be observed that may become significant for long-term operation in a PEM electrolyzer. 

Figure 20 depicts a scheme describing possible Ir dissolution pathways coinciding with OER 

reaction intermediates. It starts from metallic iridium that is oxidized to IrO2 upon application 

of an anodic potential, thereby a dissolution due to the formation of Ir3+ is observable.[133] 

 

Figure 20 Simplified scheme for possible pathways of Ir dissolution during the OER. Green arrows indicate 

the mechanism that is more preferable for electrocatalytically active Ir based materials where OER 

happens at lower potentials. Red arrows present the dissolution route dominating at higher anodic 

potentials. Blue arrows show intermediate steps that take place regardless of the electrode material and 

potential.[133] 

Reproduced with permission from Ref. [133]. Copyright 2018, the authors. Published by Wiley-VCH 

Verlag GmbH & Co. KGaA. 

In a first step an OH radical is formed on the IrO2 electrode surface via an addition of H2O with 

concurrent proton removal and a further release of one electron to form an experimentally 
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validated Ir(V) species. Depending on the synthesis conditions (thermal oxide vs. 

electrochemically formed Ir-oxides) and the applied OER potential, either a decomposition to 

HIr(III)O2 with a release of O2 or the formation of a Ir(VI)O3 intermediate is proposed. The 

Ir(III)-dissolution pathway is thereby associated with electrochemically formed Ir-oxides and 

relatively low potentials, whereas the Ir(VI)-dissolution pathway is reported to require 

potentials above 1.6 V vs. RHE and is associated with the more stable thermal IrO2. IrO3, which 

is a part of the catalytic OER cycle, can furthermore form soluble Ir(VI)O4
2- causing a net 

iridium dissolution in the electrolyte. As the observed Ir dissolution rates are low compared to 

the in situ spectroscopically detectable IrO3 amount at thermal IrO2 surfaces during OER, 

significantly faster kinetics regarding decomposition than hydrolysis can be concluded.[133] 

Increasing Ir mass-based activity for OER catalysis 

Besides fabrication of long-term stable iridium oxide phases for catalysis, major research 

interest is devoted to the lowering of the Ir-content by increasing the mass-based catalytic 

activity. Decreasing the iridium amount is thereby essential to allow for a future large-scale 

application of PEM-electrolysis that is otherwise limited by the low natural abundance of the 

scarce noble metal in addition to its high price.[89, 134] 

In the literature five different and partly complementary approaches were suggested to date:  

1. Increasing the activity by intermixing iridium oxide with highly active but less corrosion 

stable ruthenium oxide. Synthesis of RuIrOx nanoparticles further enhances the electrocatalytic 

activity by an increased accessible surface area.[135-137] 

2. Increasing the OER activity by the stabilization[138] of a highly active but less stable[128] 

hydrous IrOx phase. 

3. Maintaining or increasing the high catalytic activity of IrO2 by either alloying or 

substitutional doping with various noble and non-precious metals and oxides. Examples 

include ternary and quaternary (RuO2) mixed oxides with cobalt,[139-140] molybdenum,[141] 
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bismuth,[142] niobium,[143] ternary and quaternary (RuO2) tin oxides,[144-146] quaternary oxides 

including titanium[147] and catalytically highly active nickel/iridium[148-149] compounds as well 

as IrOx/Au nanoflower composites[150] with enhanced OER activity. Literature on doping has 

been focused on ternary[151-152] and quaternary (including Nb and Sn)[153-154] fluorine containing 

oxides. 

4. Increasing the iridium mass-based OER activity by increasing the electrochemical active 

surface area of the heterogeneous catalyst by means of thin film electrodes, nanostructuring or 

nanoparticle synthesis. Examples are thin sputtered IrO2 films,[155] high surface area IrO2 from 

electrochemically leached ternary RuIr compounds[156] or pure Ir and RuIr ternary oxide 

nanoparticles[135, 137] with high surface area accessible by various synthesis techniques. 

Using amphiphilic block co-polymers such as PEO-PB-PEO[157-158] or Pluronic® 

F127,[144] mesoporous iridium oxide and ternary iridium oxide electrodes with significantly 

increased surface area could be produced. 

Furthermore, high aspect ratio structures of binary and ternary iridium oxides with wire,[159] 

rod[145] or dendrite[160-161] morphologies with increased electrocatalytic surface area were 

synthesized. 

A further thoroughly investigated concept are core-shell structures including either a nitride 

(Fe4N, Co4N or Ni4N) core,[162] a conductive Sb-doped SnO2 core,[163] a conductive and 

catalytically active RuO2 core[164] or binary or ternary iridium oxide particles with differing 

surface composition controlled by synthesis parameters[146] or by a post-synthetic leaching 

process[149]. 

Other less investigated structures include a nanosheet-like morphology created by 

exfoliation,[165] nanoflower morphology,[150] nanocage morphology[166] or complex structures 

like SBA15-templated material[167]. 
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5. An approach thoroughly investigated in recent years includes the dispersion of the Ir(oxide) 

active phase on a (ideally conductive) catalyst support to increase the accessible 

electrocatalytic surface area and thereby lower the iridium content of the electrode. 

First examples include highly conductive, high surface area carbon supports such as activated 

carbon,[168] carbon paper,[169] graphitic foam,[170] Vulcan®[171] or reduced graphene oxide 

(rGO)[172] that are however not oxidation stable in the long term.  

One of the first catalysts based on oxidation-stable oxidic support materials is a titania-

supported IrO2, which is used for years as dimensionally stable electrodes (DSA®)[173] in 

chlorine-alkali electrolysis and was also investigated for a possible use in acidic OER. In recent 

years, attempts to optimize the morphology of the TiO2 support were made with an aim to 

further increase the accessible surface area and therefore the noble metal mass-based activity 

of the catalyst by means of nanostructuring[174-175]. 

Besides titania, other corrosion stable non-conductive SnO2,
[176] mixed TaSnOx

[177] and 

NbO2
[178] were investigated as OER catalyst support materials. 

To further increase the electrocatalytic activity and to enable low iridium loading, efforts were 

undertaken to increase the conductivity of the wide bandgap semiconductor TiO2. The electrical 

conductivity can be increased by introducing donor energy levels via a partial reduction of Ti4+ 

to Ti3+ existing in sub stoichiometric, oxygen deficient TiOx.  This is synthetically accessible 

via the hydrogenation of TiO2
[179]

 or via the direct synthesis of sub stoichiometric conductive 

Magnéli phases.[180] Alternatively, hetero-atom doping with niobium can significantly increase 

the conductivity,[181] which is reported to result from the formation of an impurity band 

overlapping with the TiO2 anatase conduction band[182]. 

Besides the decreased loading of active phase, another positive effect of the TiO2 support is the 

increased OER activity of the catalyst due to a beneficial catalyst-support interaction.[183-184] A 

further alternative approach towards a stable and conductive titania-based iridium catalyst 
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support material was recently introduced by Bele et al. who fabricated high surface area, 

nanostructured nitrogen-rich TiONx with an exceptionally high macroscopic conductivity of 3 

- 8 S cm-1.[185] 

The results of research in recent years have demonstrated that the properties (Ir loading and 

electrocatalytic activity) of titania-supported iridium oxide OER catalysts can be improved by 

nanostructuring of the titania support. However, the conductivity remains an important issue 

as the sub-stoichiometric TiOx or TiONx are expected to be (re)-oxidized under ongoing OER 

conditions.[185] The stability of Nb-doped TiO2 also needs to be further investigated under long 

term OER conditions, as the conductivity may be negatively influenced by a potential cation 

leaching process. 

Besides Ti-based materials, other conductive oxidic and carbidic materials were investigated 

as catalyst supports by different groups. Some transition metal carbides showed high 

conductivities of up to 170 S cm-1 for NbC, but their low surface areas (below 1 m2 g-1 for 

NbC) limit their performance significantly as compared to conducting oxides such as Nb:TiO2 

or Sb:SnO2.
[178] Furthermore, metal carbides remain a challenging class of material for 

nanostructuring as top-down approaches such as ball milling were shown to significantly 

reduce the conductivity possibly due to oxidation and thus passivation of the surface.[178] 

Bottom-up synthesis approaches using carbothermal methods with specifically designed 

carbon sources (structural template and reactant) also remain challenging due to 

inhomogeneous carburization at the required high reaction temperatures and resulting 

aggregation.[186] Carbides investigated so far include NbC, TiC, WC[178] and TaC[178, 187] with 

highest OER performance shown for TaC supported IrO2 of ≈400 A gIr
-1, which is significantly 

lower than  ≈850 A gIr
-1 at ≈1.67 V vs. RHE for Sb:SnO2 support shown in a comparative 

study.[178] 



1.4 Nanosized transition metal oxides catalysts for water electrolysis 

 

45 

 

Another promising group of OER supports are conducting oxides such as In2-xSnxO3 (ITO) and 

Sb:SnO2 (ATO). Although the conductivity of these compounds is up to 6 orders of magnitude 

lower compared to carbides[178] (mS cm-1[188] and S cm-1[189] range for ATO and ITO, 

respectively), there exist various synthetic routes to obtain nanostructured and conductive 

electrodes[190-192] which exhibit surface areas 1 - 2 orders of magnitude higher than those of the 

reported carbides. With this approach, highly active OER catalysts could be synthesized 

including IrO2 nanoparticles supported on ITO[188] or on ATO[193] nanopowder, which was also 

explored as a support for ternary RuIr oxide particles.[194] Besides commercially available 

nanoparticle aggregates, also high surface area mesoporous ATO electrodes prepared by soft-

templating methods were loaded with highly active IrNiOx
[163]

 or Ir nanodendrites[160]. Still, 

although Sb-doped SnO2
 (ATO) or indium tin oxide (ITO) catalyst supports show very 

promising performance, their long-term stability and conductivity remain questionable as was 

pointed out by Geiger et al..[195] The same group has however revealed that fluorine doped tin 

oxide (FTO) showed the highest stability under their OER conditions up to 2.7 V vs. RHE, 

therefore FTO could be investigated in the future as a possible conductive oxidation-stable 

catalyst support.[195] 

OER catalyst design principles for PEM electrolyzers - Increasing the Ir volume 

dispersion 

The construction principle of membrane based electrolyzers is inspired by fuel cells with 

bipolar plates including flow fields, porous transport layers (PTL) and a catalyst coated 

membrane in the center as shown in Figure 21a. For electrolyzers as well as for fuel cells a 

Pt/C catalyst in contact with a carbon-based gas diffusion layer (GDL) or PTL can be employed 

for HER or HRR on the cathode side, respectively.[196] 

A significant difference in the fuel cell and the PEM electrolyzer setups is that in the latter the 

carbon-based catalyst supports or PTLs cannot be used for the oxygen evolution reaction on 



1.4 Nanosized transition metal oxides catalysts for water electrolysis 

 

46 

 

the anode side, as they are not long-term oxidation stable under the applied potentials of >1.5 V 

vs. RHE. PEM electrolyzers typically employ Ti-sinters with mean pore sizes of 10 - 20 µm 

acting as current collectors and allowing efficient gas and water permeation.[134, 196-197] 

State-of-the art electrolyzers employ relatively high anode catalyst loadings of ≈2 mgIr cm-2 of 

an unsupported or TiO2 supported Ir-oxide based catalyst with high Ir content of ≈75 wt% Ir.[134, 

198-199] The high loading of several mg cm-2 of the precious Ir-oxide catalyst is not only based 

on the limited kinetics of the OER, but is mainly required to obtain a stable micrometer thick 

conductive electrode as depicted in Figure 21b.  

 

Figure 21 (a) Schematic cross-section of PEM electrolysis cell, consisting of a membrane (MEM) coated with 

cathodic and anodic catalyst layer (CLc, CLa) sandwiched between two porous transport layers (PTLc, 

PTLa) and bipolar plates (BPPs).[196] Schematic and corresponding SEM cross-section of PTL-catalyst 

layer-membrane region of an electrolysis cell with (b) high and (c) low Ir catalyst loading. Red arrow, 

labeled Re- indicating the charge percolation pathway within the catalyst layer to the PTL current 

collector.[198] 

(a) Reproduced with permission from Ref. [196]. Copyright 2017, the authors. Published by The 

Electrochemical Society. 

(b) and (c) reproduced (modified) with permission from Ref. [198]. Copyright 2018, the authors. Published 

by The Electrochemical Society. 

Low loadings (< 0.5 mgIr cm-2) of unsupported or TiO2/IrO2 mixed oxide catalyst without an 

optimized morphology result in thin (below 2 µm) discontinuous electrode layers with 

decreased in-plane conductivity caused by electronically isolated regions of catalyst on the 

non-conductive Nafion® membrane. The lowered Ir loading further results in a decreased 

catalyst utilization due to the presence of electrically isolated active material not in the direct 
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contact with the PTL current collector, as the latter has a relatively large pore size required for 

efficient mass transport at high current densities.[198] 

Overall voltage losses related to the electrical conductivity and mass transport in the electrode 

layer are minimized for anode electrode thicknesses of ≈4 – 8 μm, which translates to an Ir 

loading of ≈1 – 2 mgIr cm-2 for a conventional industrially available TiO2/IrO2 mixed oxide 

OER catalyst.[198] 

Due to the aforementioned requirements, a lowering of the iridium loading in PEM electrolyzer 

anodes is only possible by an increase of the iridium volume dispersion. The latter can be 

realized either by the use of highly porous Ir-oxide structures or of non-precious, ideally 

conductive and stable support materials.  

Unfortunately, a simple reduction of the Ir-content in TiO2/IrO2 mixed oxide catalysts is not 

possible, as the material is practically insolating when Ir content drops below 25 wt% Ir. At 

low iridium contents, electrically insolating TiO2 domains prevent electron transfer across the 

electrode layer. Theoretically, 25 wt% of highly conductive IrO2 domains should ensure 

sufficient overall conductivity as they are statistically in contact throughout the material to 

allow charge percolation. However, much higher iridium contents (typically >40 wt%) are 

required in practice as a minimum required conductivity of 10-3 S cm-1 is reported as a 

threshold for unrestricted OER.[134, 200] Due to the voltage loss at industrially relevant current 

densities of several A cm-2, even higher Ir contents (typically 75 wt%) are employed in 

TiO2/IrO2 catalysts to obtain a macroscopic conductivity of several tens of S cm-2.[198-200] 

To circumvent these problems, nanostructured IrO2 catalyst with high void volume and an 

interconnected Ir-oxide phase were introduced, which allow for the fabrication of highly 

conductive electrode layers of sufficient thickness of 4 – 8 µm with a reduced Ir-loading per 

membrane area at the same time.[134] 
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A suitable morphology is represented by an inverse opal type oxide nanomorphology described 

in Section 1.4.2, which is derived from an ordered 3D array of interconnected spherical voids 

resulting from a self-assembly of polymer bead templates (e.g. poly(methyl methacrylate) or 

polystyrene) with subsequent removal by thermal oxidation or organic solvents. Depending on 

the polymer bead size, void diameters of ≈50 nm to several hundred nanometers with wall 

thicknesses of only tens of nanometers and below can be obtained, resulting in a high void 

volume of the structure of >90% and high-surface to volume ratio reaching several tens of 

meters per gram.[201-202] 

In a recent work Park et al. described the fabrication of IrO2 inverse-opal electrodes for the 

application as PEM electrolyzer anodes. These structures were synthesized using pulse 

electrodeposition of an iridium solution and a preformed polystyrene-based colloidal crystal 

template thin film on a conductive substrate. By variation of the electrodeposition parameters, 

porous structures with ultra-low IrO2 loadings of 0.001 – 0.03 mg cm-2 could be realized in the 

membrane electrode assemblies. The electrodes showed excellent performance with current 

density as high as 870 mA cm-2 at a cell voltage of 1.6 V, which is ≈2.5 times that of a 

conventional MEA with significantly higher Ir loading. The improved performance was 

attributed to an enhanced electron transfer throughout the electrode layer and the increased 

surface area of the inverse-opal structure that allows for an increased utilization of the IrO2 

phase.[79] 

A further successful application of the inverse opal nanomorphology is given by Faustini et al. 

who prepared MEAs from microparticles (≈1 – 2 µm) of inverse opal-structured IrO2 and 

IrRuOx.
[203] An advantage of the employed ultrasonic spray pyrolysis synthesis approach with 

resulting individual particles is a facile processability for MEA fabrication and the possibility 

of tuning the final IrOx or IrO2 phase and nanostructure by a thermal oxidation procedure. By 

increasing the oxidation temperature to over 450 °C, a transition from pure inverse-opal like 
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morphology with small spherical nanosized building blocks to the formation of a hierarchical 

structure with rod-like building blocks due the growth of crystalline domains could be 

observed.[203] Figure 22a-c depicts similarly prepared macroporous inverse opal IrOx 

microparticles (preparation in analogy to experimental section in Chapter 8) with high 

resolution TEM and STEM images (Figure 22b,c) to visualize the highly porous and accessible 

structure built from individual domains of below 10 nm. 

 

Figure 22 (a) TEM micrograph of unsupported macroporous IrO2
 microparticle with high-resolution TEM 

(b) and STEM (c) images of individual IrO2 nanocrystal building blocks. SEM image of macroporous TiO2 

microparticle before (d) and after (e) coating with IrOHx layer. Secondary electron (SE) and back-scattered 

electron (BSE) sensor-based images for visualization of smooth IrOHx coating. (f) Proposed morphology of 

supported IrO2 nanoparticle catalyst with high Ir dispersion and conductive MOx support for highly 

efficient OER catalysts for PEM electrolysis. 

Electron microscopy data recorded by Beetz M. (a-c) and Böhm D. (d,e). Artwork (f) created by the author. 

A further development in the synthesis of low-Ir content OER catalysts could make use of the 

inverse opal-type nanomorphology to create an oxidic support for a nanosized Ir-oxide based 

catalyst. Figure 22d shows macroporous TiO2 microparticles that can be homogeneously coated 



1.4 Nanosized transition metal oxides catalysts for water electrolysis 

 

50 

 

by an Ir-oxide phase as shown in Figure 22e (morphology (SE) vs. morphology/material 

contrast (BSE) SEM image) to even further increase the iridium dispersion and maximize its 

utilization. By employing a conductive oxide support as schematically depicted in Figure 22f, 

the required Ir-oxide layer could be minimized due to an additional charge percolation pathway 

through the support, and even a discontinuous layer of active material would still result in full 

utilization of the precious catalyst material. 

Although the share of the catalyst material of electrolyzers in the kW range only accounts for 

≈5 % of the total cost, this value increases for electrolyzers at the MW scale as the contribution 

by the balance of plant cost are reduced due to scaling relations in the production. However, 

for potential installation strategies involving the GW scale not the price alone but the natural 

abundance and availability of iridium will be a limiting factor with current industrially 

employed OER catalyst and loadings. To allow for large-scale applications of this technology, 

a reduction of the iridium loading down to ≈0.05 mgIr cm-2 is required according to an 

estimation by Bernt et al.. This value is regarded to be achievable using the advanced 

nanostructured and supported catalyst concepts discussed above.[134, 196, 198] 
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1.5 Electrochemical energy storage by transition metal oxides in 

secondary alkali metal ion batteries 

Short history and construction of conventional lithium ion batteries (LIBs) 

With an increasing interest in portable electronic devices and after reaching technological 

limits in the energy density of Ni-Cd batteries in the 1980s, Sony Corporation started research 

activities on lithium-based anodes. At that time, primary lithium cells with metallic anodes and 

non-aqueous electrolyte were already widely employed for special applications as they offered 

a high cell voltage, high energy density, a low self-discharge and allowed for operation over a 

wide temperature range.[204] 

The use of metallic lithium as high energy density anodes for secondary lithium ion batteries 

is still very appealing.[205] However, lithium dendrite formation that occurs inevitably during 

the charging process leads to poor safety characteristics due to short-circuits and a resulting 

poor cyclability.[204] 

Although recent studies on metallic lithium anodes have shown that the dendrite formation can 

be generally limited by adding nanometer thin inorganic coatings (e.g. Al2O3
 by atomic layer 

deposition), it still does not allow the fabrication of highly stable and cyclable anodes in a 

conventional LIB design with liquid electrolytes.[206] 

The breakthrough in the commercialization of lithium ion secondary batteries was achieved 

when graphite intercalation compounds (GIC) were discovered as anode materials, which were 

known at that time to reversibly accommodate different atoms and atomic groups between the 

layers. It could be further shown that GICs could be used for electrochemical lithium 

intercalation when used with lithium containing salts such as LiPF6, LiBF4, LiAsF6 or LiClO4 

in aprotic organic solvents.[204] 

Inspired by the development of AgNO2 anodes for primary silver oxide cells and literature 

reports of layered LiNiO2 and LiCoO2, Sony managed to construct their first-generation LIB 
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full cell with a LiCoO2 cathode, microporous polyethylene film separator and a soft carbon-

based anode according to Figure 23 that was commercialized in 1991.[204] 

 

Figure 23 (a) Schematic construction and working principal of a secondary lithium ion battery. (b) 

Schematic construction of a cylindrical secondary lithium ion battery.[204] 

(a) Reproduced with permission from Ref. [204]. Copyright 2001, John Wiley & Sons, Inc. and The Japan 

Chemical Journal Forum. 

In a typical LIB cell, a slurry of the microscale cathode active material (e.g. LiCoO2
 powder) 

with a polymeric binder such poly(vinylidene fluoride) (PVDF), organic solvent (e.g. N-

methyl-2-pyrrolidone (NMP)) and a specific amount of carbonaceous conduction additive (e.g. 

Super C65 carbon black) are mixed in a defined ratio to be coated on an aluminum foil. The 

anode active material (e.g. soft/hard or graphitic carbon) is prepared in a similar fashion and 

coated on a copper foil.[207] 

Although the energy density of the first generation of LIBs with soft carbon anodes with 

200 Wh l-1 and 80 Wh kg-1 was not much higher than that of the existing Ni-Cd cell technology, 

it could be improved by the use of hard carbon based anodes to a capacity value of 295 Wh l-1 

and 120 Wh kg-1 due to an increased cell voltage of up to 4.2 V.[204] The third generation LIB 

cells from Sony employed graphitic carbon and advanced electrolyte formulations and thereby 

allowed an increase of the energy density to 400 Wh l-1 and 155 Wh kg-1.[204] Further 

improvements of cell design and fabrication together with an optimization of the active material 
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led to a reported energy density of 697 Wh l-1 and a specific energy of 256 Wh kg-1 in 2017.[204, 

208] 

Nanostructured transition metal oxide anodes 

Due to the increased demand for high-energy density portable power sources - also beyond 

consumer electronics (e.g. battery electric vehicles, portable electrical power tools or medical 

equipment and more), research on novel battery active materials was continued. Metallic 

lithium anodes exhibit practically the upper capacity limit with a theoretical gravimetric and 

volumetric capacity of 3860 mAh g-1 and 2047 mAh cm-3 respectively, which translates to a 

theoretical full-cell capacity of 1177 Wh l-1 with a 100 µm nickel cobalt aluminum oxide 

(NCA) cathode and poly propylene (PP) separator as depicted in Figure 24. A further advantage 

of a metallic lithium electrode is its low electrode potential of -3.05 V vs. SHE, which 

theoretically enables a large voltage window of the full cell.[208] 

 

Figure 24 Schematic representation of various LIB electrode stacks with calculated specific energies and 

energy densities (a) Graphite / nickel cobalt aluminum oxide (NCA), (b) metallic lithium / NCA, (c) Carbon-

coated Si (SiC) / NCA. The shown scale arrows refer to the thickness of the composite cathode of 100 μm.[208] 

Reproduced (modified) with permission from Ref. [208]. Copyright 2017, Springer Nature. 
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However, due to the thermodynamic instability of the organic electrolyte in contact with high-

surface area lithium and a moss-like or dendritic growth of lithium metal during charging, 

alternative novel and safe anode materials were explored. 

Besides the introduced carbonaceous anode materials, insertion-type transition metal oxides 

such as lithium titanate (Li4Ti5O12) or TiO2-based oxides exhibit negligible volume changes 

upon lithium extraction and insertion, which enables high rate applications.[49, 209] A drawback 

of these oxide-based insertion-type anodes is however an increased density, which lowers the 

overall gravimetric capacity. In addition, the relatively high Li-ion insertion potential of over 

1 V versus metallic lithium further limits the power density by a reduced cell voltage. However, 

due to their low volume changes, insertion-type anode materials are ideal candidates for the 

construction of all-solid-state batteries as depicted in Figure 25 that use solid ion conducting 

electrolytes (e.g. Li1.3Al0.3Ti1.7(PO4)3 (LATP)).[208] It is believed that solid state electrolytes can 

increase the operational safety, as the thermally/chemically unstable liquid organic solvents 

and moisture sensitive and toxic conducting salts such as LiPF6 can be avoided.[210-211] 

 

Figure 25 Schematic illustrations of a conventional lithium ion cell with graphite anode and lithium nickel 

manganese cobalt oxide (NMC) cathode containing a liquid electrolyte and a polypropylene (PP) separator 

(a) and an all-solid-state battery (ASSB) cell with an electrolyte and separating layer consisting of an 

ionically conductive material (b).[208] 

Reproduced with permission from Ref. [208]. Copyright 2017, Springer Nature. 

For a significant increase in gravimetric and volumetric energy density, the alloying-type 

anodes of transition metals and metalloids such as Si, Sn, Ge or Zn can be used. Alloys with 

lithium or sodium such as Li15Si4 or Li4.4Sn have unprecedented high gravimetric capacities of 
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3579 mAh g-1[212] (Si) and 790 mAh g-1[213] (Sn), which are however accompanied by huge 

volume changes of ≈280[214] and up to 300 %[213] for Si and Sn, respectively. This fact 

drastically limits the cyclability due to a mechanical disintegration - often termed 

´pulverization´ - of the electrodes. In addition, the continuous increase of the 

electrode/electrolyte interface due this pulverization process leads to an ongoing 

decomposition of the electrolyte, as no stable solid electrolyte interface can be formed.[215] 

To overcome these problems, (transition) metal oxide nanostructures instead of the respective 

(transition) metals were explored as active material in alkali ion battery anodes. On the one 

hand, the resulting conversion reactions further increase the maximum theoretical gravimetric 

capacity to 4200 mAh g-1[216] and 1491 mAh g-1[217] for SiO2 and SnO2, respectively. On the 

other hand, the use of oxides instead of metals also leads to the formation of an amorphous 

alkali ion super oxide (MO2) matrix around the ideally nanosized (transition) metal. The 

formed metallic nanostructure thereby allows for an efficient charge transfer and the 

amorphous LiO2 or SnO2 phase effectively buffers the huge volume changes upon alloying.[215] 

In summary, (transition) metal oxide nanostructure-based conversion and alloying type anodes 

may be regarded as a safe alternative to metallic alkali metal electrodes with otherwise 

comparable calculated full-cell capacities, as indicated in Figure 24b,c. 

The introduction of transition metal oxides for energy storage in secondary alkali ion batteries 

is continued in Chapter 3 of this thesis, which will give a brief literature overview of advanced 

ceramic anodes for secondary lithium and sodium ion batteries including those for all-solid-

state batteries. Chapter 4 gives a further, more detailed literature overview of recent 

developments in the field of nanostructured tin-oxide based anodes for lithium, sodium and 

potassium ion batteries. 
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2. Characterization 

For the development of novel nanosized oxide-based materials discussed in this thesis a variety 

of physico-chemical characterization techniques was employed, which allowed a 

comprehensive structural and functional description of the respective systems. 

The atomic arrangement of inorganic materials encoded in their crystal structure is of 

fundamental importance for their physico-chemical properties. X-ray diffraction (XRD) is 

thereby a common method for an initial characterization of synthesis products providing 

primarily information about the crystallinity in general, the specific phase and the crystalline 

domain size as well as the presence of a preferential growth along the crystallographic axes. 

The information about the crystalline phase and domain size can be complemented with results 

from vibrational spectroscopy such as Raman spectroscopy, which does not require a long-

range crystalline order to be observed in contrast to X-ray diffraction. Therefore, Raman 

spectroscopy is a useful tool to investigate the phase or surface termination of small oxide 

nanoparticles and further allows the detection of non-crystalline carbonaceous materials as 

present in oxide/carbon composite materials used in battery materials, for example. 

The properties of phase transitions and related temperatures, as well as (residual) carbon 

content was furthermore determined by thermogravimetric analysis and differential scanning 

calorimetry. 

To determine the size of synthesized particles, dispersions can be measured by dynamic light 

scattering (DLS) to assess the hydrodynamic radius and compare it to the crystalline domain 

size calculated by XRD line broadening. Furthermore, zeta potential measurements as a DLS-

based technique can be performed as well, to determine the surface charge of particles which 

in turn allows one to draw conclusions about the agglomeration behaviour in different solvents. 

To determine the overall atomic composition of synthesized materials or dissolved atoms in 

solution, inductively coupled plasma optical emission spectroscopy (ICP-OES) was used. 
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The pore structure, surface area and pore size distribution of nanostructured metal oxides was 

further analyzed quantitatively by nitrogen sorption measurements. 

Electron microscopy combined with energy dispersive X-ray spectroscopy (EDX) is a most 

powerful technique, employed to analyse the local sample composition (by EDX), 

nanomorphology by scanning or transmission electron microscopy and the local crystal 

structure by electron diffraction. 

For a quantitative description of catalyst activities, quartz crystal microbalance (QCM) sensors 

were employed for accurately determining the mass as well as the direct use as working 

electrodes in electrochemical measurements. 

The bulk conductivity of samples, as a further important property influencing the OER activity, 

was determined by 4-point Van der Pauw and for selected samples by 2-point direct current 

(DC) measurements.  

The functionality of synthesized catalysts was investigated concerning their redox activity by 

cyclic voltammetry. OER performance parameters were furthermore obtained by linear sweep 

voltammetry and for selected specimens by rotating disc electrode measurements. The stability 

of samples under OER conditions was finally investigated by chronopotentiometry 

measurements.  

2.1 X-ray diffraction (XRD) 

X-ray diffraction (XRD) is a powerful non-destructive analytical tool to derive structural and 

phase compositional information of a given specimen with higher order structure of its 

constituents. XRD measurements are commonly performed on organic and inorganic materials 

with crystalline structure, but also measurements on single crystal biomolecules are performed 

for structure-solving purposes. 
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X-rays, discovered in 1895 by Wilhelm Conrad Röntgen, were first employed by Max von 

Laue to investigate the scattering properties of this electromagnetic radiation with a wavelength 

in the range of chemical bonds of around 1 Å. The first diffraction pattern of Cu-sulfate 

published by them in 1912 supported the hypothesis of the wave-like nature of X-rays and 

further the hypothesis of Paul Peter Ewald regarding the space-lattice-like construction of 

crystalline materials. Inspired by these results, William Henry and William Lawrence Bragg 

developed a first diffractometer in 1913 and solved the crystal structure of NaCl.[1-4] 

𝜆 = 2 𝑑ℎ𝑘𝑙 sin 𝜃     (1) 

Bragg’s Law (equation 1) describes the condition for constructive interference of X-rays by 

scattering on the lattice planes of a crystalline structure and therefore the possible appearance 

of diffraction peaks. 

According to Figure 1a, all X-rays coming from a collimated beam are elastically scattered by 

independent scattering centers (lattice planes) of the crystal and appear as constructive 

interference under the specific Bragg angle 2θ. This is true if the difference of the path length 

of the radiation is a multiple of λ. Bragg’s Law relates the wavelength λ of the X-ray radiation, 

which is defined by the source material (≈1.54 Å for CuKα)
[5] and the interplanar lattice spacing 

dhkl to the diffraction angle 2θ.[4] 

An equivalent condition for constructive interference to the Bragg law is given by the Laue 

model (Figure 1b) for the reciprocal space. The latter introduces scattering vectors k and k‘ that 

sum up to the wavevector transfer Q. The condition of constructive interference is fulfilled if 

the wavevector transfer Q equals the reciprocal lattice vector Ghkl (Figure 1b). A direct 

connection of the reciprocal and real lattice is thereby given by the reciprocal lattice vector 

Ghkl, which is perpendicular to a set of (h,k,l) lattice planes (Figure 1c) and has a magnitude 

equal to 2π / dhkl. 



2.1 X-ray diffraction (XRD) 

 

72 

 

 

Figure 1 Schematic representation of Bragg (a) and Laue (b) conditions on constructive interference from 

elastic scatting of X-rays by a crystal lattice in real and reciprocal space. (c) Relation of scattering lattice 

vector Ghkl (reciprocal space) and (h,k,l) lattice planes in real space.[1] 

Reproduced (adapted) with permission from Ref. [1]. Copyright 2011, John Wiley and Sons. 

 

The Miller indices of the lattice planes describe the orientation in the unit cell (Figure 1c) and 

are therefore used to label reflections representing reciprocal lattice vectors of the crystal in the 

diffractograms.[4] Fulfilling Bragg’s Law or the Laue relation is however only one prerequisite 

for the presence of reflections in a diffractogram, while the intensity (equation 1) is determined 

by the structure factor Fhkl that is composed of all scattering atoms in the crystal. 

𝐼ℎ𝑘𝑙 ∝  |𝐹ℎ𝑘𝑙|
2     (1) 
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The structure factor Fhkl is thereby the sum (Nj) of the scattering factors fj of the individual 

scattering centers (atomic planes) of the whole crystal and related to them by equation 2: 

               𝐹ℎ𝑘𝑙 =  ∑ 𝑁𝑗𝑓𝑗  𝑒[2𝜋𝑖(ℎ𝑥𝑗+𝑘𝑦𝑗+𝑙𝑧𝑗)]𝑚
𝑗=1    (2) 

Fhkl further depends on the position of scattering factors in the unit cell xj yj zj and on the 

quantity of the scattering factor fj, which describes the X-ray scattering ability with respect to 

the incident angle and whose magnitude is a function of the electron density, strongly related 

to the atomic number or charge distribution within a molecule.[1] 

 

Figure 2 Schematic construction of an X-ray diffractometer in transmission mode geometry.[6] 

Reproduced (adapted) with permission from Ref. [6]. Copyright 2006, Wiley-VCH Verlag GmbH & Co. 

KGaA, Weinheim. 

Figure 2 depicts the schematic construction of an X-ray diffractometer with transmission mode 

geometry, opposed to the second available Bragg-Brentano parafocusing geometry, where the 

incident X-ray radiation is reflected by a crystalline film or powder sample. In the geometry 

shown above the X-rays generated by a source are collimated by slit-like apertures and are 

possibly filtered by a single crystal (e.g. Ge 111) used as monochromator if present before 

hitting the target crystal. Incident X-rays fulfilling the conditions for constructive interference 

and exhibiting a measurable intensity determined by the structure factor Fhkl are scattered in 

the angle of 2θ. The detector located on a semicircle scans a given range of 2θ to record all 
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possible reflections. Polycrystalline samples (powders) are thereby rotated while measuring to 

average out orientation-induced intensity variations of the individual crystalline domains and 

to record all possible reflections of the respective material. 

X-ray diffractograms can provide a variety of information about a sample that is encoded in 

the position, intensity and shape of the reflections. Comparison with crystallographic database 

entries and Rietveld refinement can reveal the phase composition, unit cell lattice parameters 

and Bravais lattice symmetry as well as residual strain (macrostrain), crystal structure, 

epitaxy/texture/orientation and crystallite size and microstrain.[1, 7-8] 

A common method very useful for nanosized inorganic materials to determine the crystallite 

domain size is to analyze the broadening of diffraction peaks. With the following Debye-

Scherrer formula introduced in 1918, the crystallite size B is related to the full width at half 

maximum of a reflection (L) at a certain scattering angle θ with the shape-dependent 

proportionality factor K and the wavelength of the incident X-ray radiation λ.[7] 

     𝐵(2𝜃) =  
𝐾 𝜆

𝐿 cos 𝜃
    (3) 

The shape-dependent proportionality factor K is usually around 0.9 for spherical particles and 

the FWHM is corrected for the intrinsic instrumental broadening. The crystallite size should 

be determined for several reflections over a broad range of 2θ as microstrain or a strong 

contribution of one of the Miller indices (by elongated nanocrystals) may distort the result if 

microstrain is present or anisotropic particles are investigated.[1, 7] 

In the context of this thesis, wide-angle X-ray diffraction analysis was carried out in 

transmission mode using a STOE STADI P diffractometer with Cu-Kα1 radiation 

(λ = 1.54060 Å) and a Ge(111) single crystal monochromator equipped with a DECTRIS solid 

state strip detector Mythen 1K. For a typical measurement few milligrams of powdered 

material were enclosed between thin amorphous acetate foils in a STOE sample holder. Powder 

XRD patterns of the samples were collected under sample rotation with an Ω-2θ scan in the 2θ 
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range from 5° to 90° with a step size of 1° and fixed integration times of 25 – 35 s per step and 

a resolution of 0.05°. Experimentally obtained diffraction patterns were indexed according to 

ICDD database entries from the Powder Diffraction File-2 (PDF-2) 2015-2019. The size of the 

crystalline domains was calculated from the XRD patterns for the Ir 111 (ICDD#00-006-0598), 

IrO2 112 (ICDD#00- 015-0870), and SnO2 110 (ICDD#00-041-1445), β-Ni(OH)2 101 (ICDD# 

00-014-0117),  NiO 111 (ICDD#01-071-1179), β-FeOOH 112 and 301 (ICDD#01-074-2567) 

reflections, respectively, using the Scherrer equation (equation 3, 4). 

   𝐵(2𝜃) [𝑛𝑚] =  
0.9  × 1.5418 Å 

𝐿 × cos(
2𝜃

360  
 𝜋)

× 10−1    (4) 

with:  proportionality factor K = 0.9 

  𝐿 =  
𝐿ℎ𝑘𝑙−𝐿𝑖𝑛𝑠𝑡𝑟𝑢𝑚𝑒𝑛𝑡 

180
 𝜋 

  Lhkl = FWHM (ℎ𝑘𝑙2𝜃) 

  Linstrument = 0.107 (instrumental broadening factor) 

 

2.2 Raman spectroscopy 

Raman spectroscopy is a non-destructive inelastic light scattering characterization technique 

that can be applied on solid, liquid and gaseous specimens. With its use the structure of 

molecules and inorganic compounds can be investigated through interaction of the incident 

electromagnetic radiation and induced population of vibrational and rotational modes.[9]  

For inorganic compounds, Raman spectroscopy can provide not only the information about the 

crystal structure, but it can be employed to elucidate the structure of materials without 

crystallinity or long-range order, or with limited dimensions as typical for nanoparticles smaller 

than ≈1.5 nm that are too small for X-ray diffraction analysis due to line broadening. The 

spectroscopic technique can furthermore provide information about the stress or strain present 
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in the phase, the grain size or defect concentrations or the presence of doping atoms which lead 

to a slightly altered local structure that affects the energy of vibrational modes.[10] 

It was C. V. Raman and K. S. Krishnan in 1928 who first reported the inelastic scattering of 

monochromatic light described as a new type of secondary radiation by organic molecules.[11] 

At that time Raman spectroscopy was not a very sensitive tool, as the scattering cross sections 

for inelastic (Raman) scattering of photons is very low with 1.05×10-29 cm2 / molecule, sr, cm-1 

for benzene as an example.[12] It was not until the introduction of LASER technology that 

monochromatic light sources of sufficient intensity were available that allowed the application 

of Raman spectroscopy also on samples with low concentration and poor scattering properties. 

In general, the illumination of a specimen with monochromatic light leads to elastic Rayleigh 

scattering (equation 5) of photons by the molecule or crystal structure, so that no net change in 

photon energy occurs. 

    ℏ𝜔𝑖𝑛𝑐𝑖𝑑𝑒𝑛𝑡 = ℏ𝜔𝑠𝑐𝑎𝑡𝑡𝑒𝑟𝑒𝑑    (1) 

The energy difference exhibited by inelastic Raman scattering originates from vibrational, 

rotational or other low frequency modes (referred to as Ω in equation 6) of molecules or 

inorganic compounds. 

    ℏ𝜔𝑖𝑛𝑐𝑖𝑑𝑒𝑛𝑡 = ℏ𝜔𝑠𝑐𝑎𝑡𝑡𝑒𝑟𝑒𝑑  ± ℏΩ   (6) 

Figure 3 depicts the energy levels of a molecule upon laser irradiation with ν0-2 associated with 

the vibrational ground and excited states as an example and higher, only transiently occupied 

virtual energy levels (dashed lines). The photon energy of the incident light can generally lead 

to multiple excitations such as molecular vibrations, optical and acoustical phonons, magnons, 

collective excitations (plasmons) of electrons and phonons and resonant excitations such as 

spin-flip excitations. 
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Figure 3 Schematic energy level diagram of vibrational Raman process (a) and resulting Stokes (blue peaks) 

and anti-Stokes (red peaks) shift of the incident frequency (b). 

Elastic (Rayleigh) scattered photons are absorbed by the molecule or crystal lattice and lead to 

a transition from the ground state to an excited virtual state. Subsequent relaxation to the ground 

state then leads to the emission of a photon of the same wavelength. In inelastic Raman 

scattering the energy of the emitted photons can be reduced (hν0-hνvibriation/rotation : Stokes-shift) 

or increased (hν0+hνvibriation/rotation : Anti-Stokes shift) by either excitation from the 

vibrational/rotational ground state and subsequent relaxation to an excited 

vibrational/rotational state (Figure 3a blue transition) or vice versa (Figure 3a red transition). 

The intensity of Stokes Raman scattering is thereby higher than for anti-Stokes scattering, 

because the latter requires occupied excited states that are limited at room temperature and 

available according to the Boltzmann distribution.[9] 

One requirement for inelastic Raman scattering is a non-zero derivative of the electronic 

polarizability at the equilibrium geometry along the normal coordinate (q), which constitutes a 

“selection rule” for the presence or absence of Raman active modes:[9] 

     (
𝜕𝛼

𝜕𝑞
)

𝑞0

≠ 0     (7)

The intensity of stokes scattering is thereby proportional to the total power emitted by the 

induced dipole moment and can be written as:[9] 
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        𝐼𝑠𝑡𝑜𝑘𝑒𝑠 ∝  (
𝜕𝛼

𝜕𝑞
)

𝑞

2

0

 ×  (𝜔0 − 𝜔𝑞)
4

 ×  𝐸0
2   (8) 

 

Figure 4  Schematic representation of a micro-Raman spectrometer.[10] 

Reproduced (modified) with permission from Ref. [10]. Copyright 2007, Elsevier Ltd. 

Raman spectroscopy was carried out using a LabRAM HR UV–Vis (HORIBA JOBIN YVON) 

Raman Microscope (OLYMPUS BX41) with a SYMPHONY CCD detection system and a He–

Ne laser (λ = 633 nm) with 10 mW and an illumination spot size of ≈100 µm with a setup as 

schematically depicted in Figure 4. Spectra were recorded using a lens with a 10-fold 

magnification in the range from 100 to 1000 cm-1 with filters of OD 0.3–0.6. Spectrum 

accumulation mode was used with integration times of 30 s per spectrum and 600 cycles. The 

data acquisition was carried out with LabSpec software. 

For the case of (heat) sensitive materials (e.g. β-FeOOH, α/β-Ni(OH)2, IrOOHx) the intensity 

of the laser was reduced by OD filters up to 4 with prolonged integration time to avoid heat 

induced phase transformations.
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2.3 Thermogravimetric analysis (TGA) and differential scanning 

calorimetry (DSC) 

Thermogravimetric analysis is a technique established in the late 1950s with the introduction 

of automatic and recording balances in combination with programmable furnaces. With this 

instrumentation, a specific amount of sample is linearly heated to temperatures up to 1000 °C 

and more under controlled atmosphere of a purging gas to precisely monitor weight changes. 

The choice of the gas can provide an inert, oxidizing or reducing atmosphere by using a stream 

of nitrogen, argon, oxygen, synthetic air or forming gas, respectively.[13-14] 

The measured data can provide information about the temperature regime of physical and 

chemical phenomena occurring in the course of heating under a specific atmosphere. Physical 

phenomena thereby include crystalline and second-order transitions, fusion, vaporisation, 

sublimation, absorption, adsorption and desorption. Chemical phenomena include 

chemisorption, desolvation (dehydration), decomposition, oxidative degradation, solid-state 

reaction as well as solid-gas reactions.[14] 

Differential thermogravimetric analysis is a convenient representation of the measured data as  

(
𝜕𝑤

𝜕𝑡
) which displays regions of mass loss as peaks to determine and compare transition or 

decomposition temperatures. 

Differential scanning calorimetry (DSC) is a second and additional thermal analysis technique 

integrated in thermogravimetric analysis devices, which determines the difference in heat flow 

into the sample substance and a reference. DSC can thereby provide information about melting 

and crystallization temperatures, the heat capacity, the heat of fusion and other thermal 

parameters.[15] 

The basis of DSC is the equation 9, which represents the first law of thermodynamics that 

describes the change in internal energy equaling the sum of the exchanged heat and work:  

∆𝑈 = 𝑄 + 𝑊     (9)
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If a process occurs at constant volume, which is a valid approximation for solids and liquids 

below their melting or evaporation point, the work W is zero and the internal energy of the 

system equals the heat added or extracted to or from the system: 

     𝑑𝑈 = 𝛿𝑄     (10) 

The change in enthalpy of the system with including volume changes could be formulated as 

follows:        𝑑𝐻 = 𝑑𝑈 + 𝑝 𝑑𝑉     (11) 

By the assumption of a constant volume, the DSC can measure enthalpy changes from 

temperature differences between the sample and a reference. 

 

Δ𝐻 = 𝑄      (12) 

 

Endothermic processes with positive heat flow in direction of the sample include melting or 

evaporation that show an increased enthalpy of the system, while exothermic processes like 

condensation or crystallization exhibit a decreased enthalpy versus an inert reference.[15] 

Dynamic thermogravimetric analysis (TGA) and differential scanning calorimetry (DSC) of a 

few milligrams of the respective samples was performed on a NETZSCH STA 440 C TG/DSC 

device with a heating rate of 10 K min-1 in a stream of synthetic air of about 25 mL min-1. 

Measurement data were analyzed by NETZSCH Proteus (R) Software for thermal analysis. 

 

2.4 Dynamic light scattering (DLS) 

To gain information about the apparent size or hydrodynamic radius and agglomeration 

behavior of nanoparticles in different solvents, the photon correlation spectroscopy (PCS) 

technique of dynamic light scattering (DLS) can be used. Prerequisite for this technique is a 

dispersibility of the particles, as a laser beam is scattered by particles in solution crossing the 

beam path as depicted in Figure 5a known as the Tyndall effect. The thermal activation of the 
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dispersed particles in solution known as Brownian motion thereby leads to a random movement 

of the colloidal particles. 

 

Figure 5 Schematic representation of a dynamic light scattering setup (a). Light scattering intensity (b) with 

derived correlation function (g2-1) (c) and intensity weighted particle size distribution (d).[16] 

Reproduced (adapted) with permission from Ref. [16]. Copyright 2019, Springer Nature. 

Upon laser irradiation each particle acts as a secondary scattering center that randomly moves 

in solution. The changing distance of the multiple scattering centers to the detector thereby 

leads to a fluctuation of (constructive or destructive) interference with time. The fluctuation of 

the signal intensity is dependent on the stochastic process of the nanoparticle diffusion in the 

solvent, which can be described by the Stokes-Einstein equation for spherical particles in dilute 

dispersions:[16-19] 

𝐷 =  
𝑘𝐵𝑇

6𝜋𝜂𝑅ℎ
     (13)

Known parameters in the DLS experiment should be the adjusted temperature T and the 

viscosity η of the solvent. To determine the apparent hydrodynamic radius Rh the diffusion 

coefficient is obtained by processing the intensity signal by an autocorrelation function:[17] 

     𝑔2(𝜏) =  
〈𝐼(𝑡)𝐼(𝑡+𝜏)〉

〈𝐼(𝑡)〉2
    (14) 
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With I(t) being the detected intensity at time t and I(t+τ) the intensity after a delay time τ. 

This autocorrelation function g2(τ) is related to the 1st order correlation function of the electric 

field according to following equation 15:[17] 

     𝑔1(𝜏) = √[g2(𝜏) − 1]    (15) 

g1(τ) is thereby related to the diffusion coefficient as following:[17] 

     𝑔1(𝜏) = 𝐴 𝑒−𝐷𝑞2𝜏 + 𝐵   (16) 

A equals the amplitude of the correlation function, B the baseline and q is the magnitude of the 

scattering vector related to the scattering angle theta, and the refractive index of the solvent 

by:[17]     𝑞 = (
4𝜋𝑛

𝜆
) sin(

𝜃

2
)    (17) 

Dynamic light scattering measurements were performed on a MALVERN Zetasizer-Nano 

instrument equipped with a 4 mW He-Ne laser (633 nm) and an avalanche photodiode detector. 

For a typical measurement ≈1-2 mg of nanoparticles or powder were dispersed in 1-3 mL H2O 

or EtOH. Turbid dispersions with larger aggregates eventually required ultrasonication or 

filtration (0.2 µm). 

2.5 Inductively coupled plasma optical emission spectroscopy 

Atomic emission spectroscopy (AES) in form of flame atomic emission spectroscopy (F-AES) 

is a classical analytical technique to quantify the presence of metallic elements according to 

the emission of specific wavelengths separated by a dispersive element. 

In general, atomic spectroscopy observes well-defined electronic transitions between excited 

state and ground state valence shell electrons of free atoms (atomized sample). These 

energetically well-defined transitions of valence shell electrons of free atoms (atomized 

sample) originating from element specific orbital energies are observable as sharp spectral 

lines. Although only electronic transitions involving a change in the parity of the orbital are 

allowed in centrosymmetric systems (e.g. s-p, s-d, s-f, p-d, p-f, d-f) according to the Laporte 
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rule, hydrogen already shows 374 spectral lines with transition probabilities greater than 

zero.[20] Transition metals with an increased number of occupied orbitals and multiple 

ionization probabilities thereby lead to a spectral richness (e.g. 1573 spectral lines with 

transition probability for iridium)[20] that requires an advanced excitation source and dispersive 

element or monochromator.[21-23] 

An inductively coupled plasma (ICP) employed as excitation source in modern optical 

emission spectroscopy (OES) devices typically reaches ~10000 K to quickly vaporize 

introduced aerosol samples. The plasma (typically argon) further leads to an ionization and an 

excitation of valence shell electrons of sample atoms. Upon relaxation to orbitals of lower 

energy (or the ground state), the energy difference between the respective atomic orbitals is 

emitted as a photon with corresponding wavelength resulting in the formation of atom specific 

spectral lines.[21-22]  

Generated photons are collected by a lens or concave mirror and focused on the aperture of a 

wavelength selector or monochromator before they are registered by a photodetector. The 

signal is processed by a computer.[21] 

Advantages of the ICP technique over conventional sources such as an acetylene flame are the 

high temperature (up to 10000 K), leading to a rapid atomization, high electron densities of the 

plasma and a high degree of ionization allowing multi-element detection, a high stability and 

low background and a wide linear dynamic range (104-106) leading to excellent limits of 

detection (0.1-100 ng mL-1).[21, 23] 

The development of gratings in the dispersive system and photoelectric detection enabled high 

resolution spectral imaging, which allows for a parallel detection and quantification of up to 

about 70 elements within a sample by the exact assignment and quantification of spectral 

lines.[22] 
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For determining the concentration of dissolved Ir and Ti in the diluted sulfuric acid electrolyte 

after continuous OER over 24 h as corrosion products, ICP-OES measurements were 

performed. IrOOHx/TiO2 and IrOx/TiO2 samples on fluorine-doped tin oxide (FTO) glass 

substrates were first immersed for ≈5 min in ≈3 mL electrolyte before the samples were 

immersed in 20 mL of fresh electrolyte used for continuous OER over 24 h. 2 mL sample 

volumes were taken for each catalyst sample and element to be analyzed, with fresh electrolyte 

(0.5 M H2SO4) as reference. Inductively coupled plasma optical emission spectroscopy was 

performed on a VARIAN VISTA RL CCD simultaneous ICP-OES. 

2.6 Nitrogen sorption 

The heterogeneous OER catalyst for the water splitting reaction under acidic conditions 

presented in this thesis exhibits a specifically designed porous structure to maximize the surface 

area of the iridium precious metal and provide an optimized environment for efficient mass 

transport. A further prerequisite for Ir-based OER catalysts employed in PEM electrolyzer 

anodes is a significant reduction of the apparent precious metal density, which can be controlled 

by the fabrication of highly porous nanostructures with high void volume. However, full 

utilization of the precious metal catalyst is only possible if an interconnected and thus 

accessible pore structure is present. 

To determine the available surface area that is correlated to the electrochemically active surface 

area and the pore structure, nitrogen sorption measurements were performed. Physisorption of 

nitrogen is an interfacial non-specific process governed by long-range London dispersion 

forces and short-range intermolecular repulsion, which are also responsible for the 

condensation of vapors and the deviation from the ideal gas behavior.[24] 

In a typical measurement the amount of gas adsorbed is dependent on the equilibrium pressure 

p, the temperature T and the nature of the gas-solid system to be written as: 
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    𝑛𝑁2
= 𝑓(𝑝, 𝑇,   𝑠𝑦𝑠𝑡𝑒𝑚𝑠𝑜𝑙𝑖𝑑−𝑔𝑎𝑠)   (18) 

A typical nitrogen sorption measurement is performed at the boiling point of liquid N2 with a 

constant temperature of the adsorbent, which allows to formulate the equation of the adsorption 

isotherm as follows: 

     𝑛𝑁2
= 𝑓 (

𝑝

𝑝0
)

𝑇
    (19) 

The adsorption isotherm is the graphical representation or relation between the amount of 

adsorbed gas (nN2) and the relative pressure (p/p0) with p0 being the equilibrium pressure at 

TN2-boiling = 77 K. 

 

Figure 6 Type of physisorption isotherms proposed by IUPAC.[24-25] 

Reproduced with permission from Ref. [24]. Copyright 1997, VCH Verlagsgesellschaft mbH. 

The shape of the graphical representation of the sorption isotherm can be classified according 

to the IUPAC in six main types [I-VI] with additional sub-types, which allow one to draw 

conclusions on the porosity and pore size of the absorbent. [24, 26] 
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The type I isotherm is associated with adsorbents with narrow slit-like, cylindrical or randomly 

shaped nanopores (micropores), whereas type II represents the sorption isotherm of non-porous 

or macroporous material. Type III, which does not display a turning point indicating the 

formation of an adsorption monolayer, is associated with relatively weak and non-uniform 

adsorbent-adsorbate interactions. Type V is thereby based on the shape of type III isotherm 

with an additional hysteresis originating from the presence of mesopores. Mesoporous 

materials with pores ranging between 2 and 50 nm show an isotherm (type IV) with an initial 

steep increase of adsorbate originating from monolayer formation and eventual mesopore 

filling, and a hysteresis loop (depending on pore diameter) caused by the pore blocking and 

cavitation phenomena upon desorption of mesopores and by capillary condensation well below 

the saturated bulk vapor pressure during adsorption. Finally, isotherms related to type VI are 

associated with uniform adsorbents that display a layer-by-layer adsorption characteristic.[24-

25]  

The adsorbents analyzed in the course of this work are mainly macroporous oxides with 

additional textural porosity and micro/small mesopores arising from aggregated nanoparticle 

building blocks. This results in isotherms resembling features of type II (larger macropores) 

and type IV (micro and mesopores).[24] 

From the physisorption data the accessible surface area can be determined by the Brunauer-

Emmett-Teller (BET) method with a restriction on the partial pressure range of p/p0 ≈0.05 - 

0.30, which is caused by an over-simplification of the model. The BET equation is formulated 

accordingly:[27] 

(
𝑝

𝑝0)

[𝑛(
1−𝑝

𝑝0 )]
= (

1

𝑛𝑚𝐶
) + [

(𝐶−1)

𝑛𝑚𝐶
] (

𝑝

𝑝0)    (20)

with nm being the BET monolayer capacity and C being an empirical constant related to the 

adsorbent-adsorbate interactions:[27] 
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     𝐶 =  𝑒
[

(𝐸1−𝐸𝐿)

𝑅𝑇
]
     (21) 

In this region the BET-plot defined as 
𝑝

𝑛(𝑝0−𝑝)
 vs. 

𝑝

𝑝0 is linear and the BET monolayer capacity 

nm and the parameter C can be determined by the slope and the intercept of the curve. Together 

with the molecular area σN2
 of nitrogen of 0.162 nm2 and Avogadro number L the BET area is 

calculated as follows:[24, 27] 

𝑎𝐵𝐸𝑇 = 𝑛𝑚 𝐿 𝜎     (22) 

For the analysis of the porosity of Sb:SnO2 and TiO2/IrOx catalysts, the samples were degassed 

for 12 h at 120 °C under vacuum. Nitrogen sorption measurements were performed on a 

QUANTACHROME Autosorb-1 instrument at the boiling point of liquid nitrogen (77 K). Data 

were processed by QUANTACHROME(R) ASiQwin (TM) sorption analysis software. The 

specific surface area was determined with the Brunauer–Emmett–Teller (BET) method at 

p/p0 = 0.05-0.2. The pore size distribution was calculated using a nonlocal DFT equilibrium 

model for silica with cylindrical pores. 

2.7 Electron microscopy 

A very powerful and essential analytical technique for the development of novel nanostructured 

composite catalysts is electron microscopy. Within this thesis the electron microscopy was 

used to visualize oxidic support structures at the micrometer size range as well as catalyst 

nanoparticles with atomic precision. In addition to morphology and structural analysis, 

analytical electron microscopy can provide information about the phase (electron diffraction 

by elastically scattered electrons), chemical identity (characteristic X-rays, backscattered 

electrons, Auger electrons) and electronic structure (energy loss of direct beam by inelastic 

scattering) resulting from the complex interactions of accelerated electrons with matter as 

depicted in Figure 7.[24, 28] 
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Two type of microscopes exist that make use of signals below and above the specimen plane, 

namely the transmission and the scanning electron microscope. In (HR)-TEM, primarily a 

phase change of the direct beam and elastically scattered electrons are detected for image 

synthesis, with a registration of secondary and backscattered electrons in scanning electron 

microscopy. 

 

Figure 7 Schematic representation of high-energy electron-matter interaction.[29] 

Reproduced with permission from Ref. [29]. Copyright 1996, Springer Science Business Media, New 

York. 

In contrast to photons employed as radiation carriers in light microscopy, electrons strongly 

interact with matter due to their negative charge, which requires high vacuum for the operation 

of an electron microscope. In addition, electrons possess a considerable mass of  

𝑚0 [1 − (
𝑣2

𝑐2)]
−

1

2
  compared to photons (

ℎ𝑣

𝑐2) with a rest mass of m0. Based on the two 

aforementioned properties, a momentum of the electron of mv results with a potential energy 

of 𝐸 =
𝑚𝑣2

2
 that is directly related to the acceleration voltage U by 𝑝 = 𝑚0𝑣 = √2𝑚0𝑒𝑈  with 

e being the elemental charge of the electron.[29-30] 
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According to the De-Broglie relation (eqn. 23) the wavelength of a particle is related to its 

momentum by the Planck’s constant:[29] 

      𝜆 =
ℎ

𝑝
=

ℎ

𝑚𝑜𝑣 
     (23) 

The resolution of a conventional optical microscope is furthermore ultimately limited by 

Abbe’s equation (24) and therefore by the wavelength. As electrons share the wave-particle 

duality with photons by exhibiting respective diffraction properties, the formula for the 

resolution limit also applies in electron microscopy:[29] 

𝑑 =
0.61 𝜆

𝑁𝐴
 with    𝑁𝐴 = 𝑛 𝑠𝑖𝑛𝛼    (24) 

As the acceleration of electrons in an applied potential field determines the wavelength by the 

following formula:[31] 

    𝜆 =
ℎ

√2𝑚0𝑒𝑈
 ≈

1.23

√𝑈
 𝑛𝑚    (25) 

The theoretical (non-relativistic) resolution limit of an electron microscope is obtained when 

the accelerating voltage dependent wavelength λ (eqn. 25) is used as input in Abbe’s formula 

together with the approximation of a small half opening angle (e.g. 10-2 rads) of the objective 

lens in a transmission electron microscope (n ≈ 1 and n sin α ≈ α) according to equation (26). 

     𝑑 =
0.753

𝛼 √𝑈
𝑛𝑚     (26) 

The theoretical (non-relativistic) resolution limit d of a TEM operated at 300 kV with a half 

opening angle of ≈10-2 rads can be calculated to be ≈ 0.14 nm. 

2.7.1 Transmission electron microscopy 

In transmission electron microscopy (TEM) the acceleration voltage of several hundred kV 

results in wavelengths in the picometer range (e.g. 1.64 pm at 400 keV) which would suggest 

the spatial resolution in a similar range.[24] In practice, however, a spatial resolution down to 

0.12 nm can be obtained, which still enables the observation of single atom columns in thin 
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samples suitable for high resolution imaging. The main limitations are astigmatism, spherical 

and chromatic aberrations in the imperfect objective lenses as well as an incoherent 

illumination and mechanical instabilities.[24] 

In principle, a transmission electron microscope and a wide field light microscope share a 

common construction design (see Figure 8) that consists of an illumination system, condenser 

lens system, specimen, objective lens, projective lens and finally the image plane with a 

detector.[24, 30] 

However, due to the nature of electrons, the components of the TEM differ from the 

conventional light microscope as the illumination system is no lamp but an electron gun 

(filament/thermoionic/Schottky or cold field emission) and electromagnetic lenses are used to 

focus the electron beam which can be operated dynamically.[28, 30] 

 

Figure 8 Ray diagram in the electron microscope under imaging conditions. E: electron source, C: 

condenser lens, S: specimen, O: objective lens, bfp: back focal plane of O, I: intermediate lens, P: projector 

lens.[32] 

Reproduced with permission from Ref. [32]. Copyright 2004, Elsevier Inc. 
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The similarities between the two types of microscope imply that electrons and photons also 

share a similar optical behavior. Diffraction, chromatic aberration, spherical aberration and 

astigmatism are known for both types of instruments and need to be corrected for high 

resolution imaging.[28] 

An advantage of the TEM with its adjustable electromagnetic lenses is the capability of 

switching between imaging mode (information in real space) and diffraction mode (information 

in reciprocal space) by adjusting the lens current and thus the focus plane as indicated in 

Figure 9. 

 

Figure 9 Optical ray diagram of a TEM with objective lens.[33] 

Reproduced with permission from Ref. [33]. Copyright 2001, the authors. 

The diffraction patterns formed in the back focal plane thereby represent a Fourier transform 

of the crystal observed and inverse Fourier transform of the image formed in the objective 

lens.[32] By inserting a selected area aperture in the back focal plane and by using a convergent 

beam illumination, diffraction patterns of nanosized structures can be obtained. 

Another very useful technique for the analysis of nanocomposites such as supported catalysts 

developed in this work is Z-contrast imaging. The latter is achieved by selecting only the high 

angle annular darkfield (HAADF) signal defined at >50 mrad off-axis of the direct beam after 

the specimen plane for image synthesis. The signal at high angles thereby corresponds to the 

totally incoherent scattering with an intensity variation proportional to the atomic number Z 

(or Z2).[34] 
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In addition to the high-resolution capability and diffraction imaging mode of the transmission 

electron microscope, various signals from below or above the specimen plane can be detected 

that originate from interactions of electrons with matter (Figure 7). Besides the elastically 

scattered electrons which are used for high resolution imaging, inelastically scattered electrons 

can be used in electron energy loss spectroscopy (EELS) to gain information about the 

composition, chemical bonding, coordination, band structure as well as plasmons and phonons 

on the local scale of the specimen. Signals collected above the sample include characteristic 

X-ray radiation, which can be used in an energy dispersive X-ray (EDX) measurement to obtain 

qualitative and quantitative information about the composition of the specimen and also map 

the spatial distribution of elements on the nanoscale.[28] 

HR-TEM and HAADF-STEM images as well as electron diffraction patterns shown in this 

thesis were recorded using an FEI Titan Themis 80-300 transmission electron microscope with 

aberration correction of the probe-forming lenses operated at 120 kV or 300 kV, respectively. 

EDX was performed using a SuperX windowless, four quadrant Silicon drift detector with a 

solid angle of 0.7 sr. TEM specimens in this work were prepared by dispersing IrOx colloids, 

catalyst nanoparticles, or Ir loaded ATO microparticles, respectively in a 1:1 (v:v) ratio of 

water to ethanol and depositing them on a carbon-film coated copper grid, followed by drying 

in air. HAADF-STEM tilt series of 29 images for TEM tomography were recorded in 5° steps 

from -70° to +70°. For a reconstruction of the 3D intensity volume and a presentation of 

different phases of Ir and ATO, respectively, a masked simultaneous iterative reconstruction 

technique (SIRT) with further refinement by a discrete algebraic reconstruction technique 

(DART) were employed (see the Supporting Information for further details). 

2.7.2 Scanning electron microscopy 

Besides transmission electron microscopy, a second major technique to investigate a sample 

on the nanoscale is scanning electron microscopy (SEM). The construction principle of an SEM 
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shares the geometric arrangement and basic working principle with a confocal scanning laser 

microscope. Both types of microscopes use a convergent beam that is focused on the specimen. 

The image in SEM is formed by rastering across the surface and detecting back-scattered (BSE) 

and secondary electrons (SE) or characteristic X-ray radiation (EDX mapping). 

Auger electrons and X-ray radiation are can be further used for material characterization of 

surface-near structures. 

The resolution limit of an SEM is as well as for TEM is significantly below the Abbe limit of 

conventional light microscopes due to the short wavelengths of electrons accelerated up to 20-

30 kV. However, in SEM imaging the signals above the specimen plane are used, which avoids 

the restrictions of thin, electron transparent samples investigated with TEM. Together with the 

fundamental properties of electron-matter interactions already discussed in the TEM section, 

the resolution is not solely influenced by the acceleration voltage but is restricted by the size 

of the interaction volume from which the detected signal (secondary and back scattered 

electrons or characteristic X-rays) originated.[35] 

For high topographical contrast, secondary electrons (SE) are used for imaging. SE are 

generated on the specimen surface within escape depth (dark blue volume indicated in 

Figure 10a), which is independent of acceleration voltage. The resolution of SE imaging is 

limited by the electron beam minimum spot size and the type of surface atoms as the escape 

depth decreases with increasing atomic number Z (density).[35]  

A second type of signal obtained by electron-matter interactions in the SEM are back scattered 

electrons (BSE) from the interaction volume (volume occupied by red trajectories indicated in 

Figure 10b). 
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Figure 10 Schematic diagram (a) showing the origins of different classes of secondary electrons (SE) and 

the near surface interaction volume of SE1.[36] Monte Carlo simulation of a flat, bulk target of copper at 0° 

tilt. Red trajectories lead to backscattering events.[37] 

Reproduced with permission from Ref. [36] (a) and Ref [37] (b). Copyright 2018, Springer Science 

Business Media LLC.

In contrast to TEM, an increased accelerating voltage of the primary electrons does not improve 

the resolution. The reason for that is that the resolution limiting factor is not the wavelength of 

the electrons but the interaction volume, which increases with the increasing accelerating 

voltage. BSE imaging provides higher material contrast, as the scattering cross-section is 

related to the atomic number Z that enables the investigation of structures beneath the specimen 

surface.[35] BSE imaging can be a useful mode to discriminate noble metal catalyst 

nanoparticles on oxidic support structures as investigated in the scope of this work. 

SEM images in this work were obtained with a FEI Helios Nanolab G3 UC scanning electron 

microscope equipped with a field emission gun operated at 3–5 kV. SEM specimens were 

prepared by dispersing dried catalyst nanoparticles, microparticles, and composites in a (1:1 

v/v) water to ethanol ratio on FTO or Si substrates that were glued onto a stainless-steel sample 

holder with silver lacquer. EDX measurements were performed at an operating voltage of 

20 kV with a X-MaxN Silicon Drift Detector with 80 mm2 detector area (OXFORD 

INSTRUMENTS) and quantified with the AZTec acquisition software (OXFORD 

INSTRUMENTS). 
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2.8 Quartz crystal microbalance (QCM) 

To precisely determine the mass-based current and therefore the electrocatalytic activity of a 

catalyst, an accurate measurement of the deposited mass on the electrode is required. The 

quartz crystal microbalance (QCM) can be employed to accurately measure the mass of thin 

films of catalyst particles in the µg-range and below. 

The QCM is based on the piezoelectric properties of a thin slice of quartz crystal with partially 

overlapping thin evaporated top and bottom metal (mostly Au, Pt) electrodes as depicted in 

Figure 11. The quartz exhibits a piezoelectric effect causing a deformation by shear forces upon 

applying a sinusoidal electrical field by the opposing metal electrodes. The oscillation thereby 

shows a mechanical resonant mode at a frequency f0, which depends on the dimensions 

(diameter and thickness) of the crystal.[38] 

 

Figure 11 Schematic edge and top views of a QCM crystal with deposited Au electrodes.[38] 

Reproduced with permission from Ref. [38]. Copyright 2000, John Wiley and Sons. 

Quartz crystals that exhibit the desired shear forces with acoustic waves perpendicular to the 

crystal faces need to be cut along a specific orientation. Generally, ´AT-cut´ quartz crystals are 

used besides possible ´BT-cuts´ as they show a small inherent temperature coefficient of only 

≈5 Hz K-1.[38] 



2.8 Quartz crystal microbalance 

 

96 

 

A resonant oscillation is obtained by driving the crystal in an oscillator circuit near the 

fundamental frequency f0 (e.g. ≈5 MHz for a 1-inch diameter crystal with ≈330 µm thickness). 

As the oscillation frequency of the crystal at the resonant frequency is dependent on the crystal 

dimension and shear modulus of quartz which are both fixed, the main influence remaining is 

the physical properties of the adjacent media in form of a viscous liquid or an acoustically 

coupled rigid thin film on the overlapping area of the metal electrodes.[38-39] 

The Sauerbrey equation describes the relation between change in resonant frequency and mass 

loading attached to the crystal electrodes:[40] 

     ∆𝑓 =  
−2𝑓0

2𝑚𝑛

√𝜌𝜇
=  − 𝐶𝑓𝑚   (27) 

Where 

Δf = f-f0 = frequency change in Hz (f0 being nominal oscillation frequency of resonant mode) 

m = change in mass per unit area in g cm-2
 

n = harmonic number of oscillation (n=1 for 5 MHz for 1-inch crystal) 

ρ = density of the quartz crystal (2.648 g cm-3) 

µ = shear modulus of quartz (2.947 x 1011 g cm-1 s-2) 

The constants are taken together to obtain the sensitivity factor Cf, which is 56.6 Hz cm2 µg-1 

for a 5 MHz crystal in air.[38] 

As the Sauerbrey equation is only strictly applicable to uniform, acoustically rigid, thin films 

with a maximum mass loading not exceeding a corresponding frequency difference of Δf ≤ 2 % 

f0,
[39] catalyst thin films of ≈5 µg and less were deposited in the course of this work. 

Unsupported IrOx, IrO2 nanoparticles and ATO supported IrO2 nanoparticles as well as 

undoped or V-doped Ni(OH)2 were dispersed in 1:1 (v/v) H2O to isopropanol and drop-cast 

onto Au-coated QCM sensors (14 mm, 5 and 10 MHz AT-cut Cr/Au crystals from KVG 

QUARTZ CRYSTAL TECHNOLOGY GMBH and QUARTZ PRO AB). Electrodes were 

masked with tape to leave a circular area 0.126 cm2 centered on the 0.169 cm2 Au electrodes.
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 Prior to each measurement, the samples were dried at 60 °C in air over night. The frequency 

of uncoated and coated QCM sensor crystals was determined with a QCM200 5 MHz 

measurement system (STANFORD RESEARCH SYSTEMS INC.) and an openQCM 

5/10 MHz measurement system (NOVAETECH SRL). Deposited mass loadings on QCM 

chips were calculated according to the Sauerbrey equation[40] from determined frequency 

differences Δf, an overlapping electrode area A of 0.196 cm2 and a sensitivity factor Cf of 56.6 

and 4.4 Hz µg-1 cm2 for 5 and 10 MHz AT-cut crystals, respectively. 

 

2.9 4-Point probe (Van-der-Pauw) and 2-point direct current (DC) 

conductivity measurements 

The electrical conductivity of a catalyst layer strongly influences the electrochemical 

performance at elevated current densities. To probe the conductivity of (oxide supported) noble 

metal catalysts, either two-point direct current or 4-point probe Van-der-Pauw measurements 

were conducted. 

The conductivity value σ is equal to the inverse of the resistivity ρ and related to it by the 

relation:[41]      𝜎 =  
1

𝜌
     (28) 

with the units: ρ [Ω m] and σ [S m-1] (conductivity). 

The resistivity is thereby defined in the continuum form of ohm`s law as:[41] 

      𝐸 =  ρ ×  J    (29) 

with the electric field E [V m-1], the current density J [A m-2] and the resistivity ρ [Ω m]. 

Figure 12 depicts a schematic representation of a two-point probe conductivity/resistivity 

measurement.  
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Figure 12 Schematic representation of the 2-point technique for measuring resistivity/conductivity of a bar 

of material. The amperemeter measures the current flowing at a respective applied potential across the 

bar. 

The electric field across the two ends of the material is given by:[41]   

       𝐸 =  
𝑉

𝑙
     (30) 

And the current density equals  𝐽 =
𝐼

𝐴
=  

𝐼

𝑤 × ℎ
    (31) 

To determine the resistivity the current at a respective voltage needs to be measured and the 

dimensions of the sample need to be known:[41] 

     𝜌 =  
𝑉 × 𝐴

𝐼 ×𝑙
  in [Ωm]  (32) 

The conductivity as the inverse resistivity can be therefore written as:[41] 

     𝜎 =  
𝐼 × 𝑙

𝑉 × 𝐴
  in [S m-1]  (33) 

The conductivity, as a fundamental materials property, strongly depends on the electronic 

structure and properties of inorganic and organic materials and ranges from σ = 10-18 – 

10-22 S cm-1 for solid insulators like aromatic hydrocarbons to σ = 6 × 105 S cm-1 for metallic 

conductors (e.g. copper).[42] 

Although the two-point measurement is a simple and theoretically valid approach to determine 

the conductivity of samples, it is regarded to be not fully reliable as various factors can 
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influence the result. Among possible factors, the contact resistance between the measurement 

device and sample needs to be considered, especially for semiconducting samples as well as a 

potential dependence of the current flowing by probing semiconducting materials.[41] 

However, the main advantage of two-point measurement is the capability of measuring small 

amounts of material down to the milligram scale in a simple measurement setup.[42] 

To accurately determine the conductivity, the four-point probe technique can be used that 

overcomes many of the problems of the two-point technique such as contact resistances. For 

the simple case of a bar-like sample, the four-point measurement can be realized by driving a 

current I through the sample and measuring the voltage drop in an inner section of known 

length.[41] 

A more flexible approach towards the four-point probe technique for samples with arbitrary 

shape is the van der Pauw technique. It requires a flat and uniform sample thickness composed 

of a homogeneous and isotropic sample free of isolated holes, and four contacts at the outer 

edges achieved by small contacting tips (with an area of at least one order of magnitude smaller 

than that of a sample) as depicted in Figure 13.[41, 43-44] 

 

Figure 13 Schematic representation of the 4-point van der Pauw technique for measuring 

resistivity/conductivity of a disc sample of arbitrary shape. 

The van der Pauw theorem states that the resistivity of a material which is regarded as isotropic, 

can be formulated according to equation 34:[43-44] 

    𝑒
−

𝜋 × 𝑑 × 𝑅𝐴𝐵,𝐶𝐷
𝜌 +  𝑒

−
𝜋 × 𝑑 × 𝑅𝐵𝐶,𝐷𝐴

𝜌 = 1   (34)
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RAB,CD is thereby defined as the resistance calculated from the voltage difference measured 

between C and D per unit current through A and B. The resistance RBC,AD is defined 

analogously.[43] The only remaining variable is the thickness of the sample (typically pressed 

pellets), which is determined by a caliper. 

In this work, conductivity measurements of macroporous ATO microparticles and 

IrOOHx/TiO2 and IrOx/TiO2 catalysts were carried out on an HMS 3000 apparatus (ECOPIA) 

in the van der Pauw geometry (≈5 mm separation of electrodes). Powder samples were 

measured in form of pellets that were compressed for ≈10 min at 150 kg cm-2 with a typical 

thickness of ≈200 – 400 µm. Conductivity measurements of ATO/IrO2 and commercial TiO2 

supported reference catalysts were conducted - due to restrictions on sample volume - on an in

house constructed dc-conductivity measurements cell on loosely compressed powders by 

recording I–V curves between -5 to +5 V by an AUTOLAB 302N. 

2.10 Electrochemical characterization 

Catalyst thin films prepared in the context of this thesis were characterized by potentiostatic 

and galvanostatic methods to elucidate electrode kinetics and the stability of oxygen evolution 

reaction catalysts under continuous operation. 

A basic electrochemical cell is composed of two separate metallic electrodes or electronic 

conductors that are immersed in an electrolyte or ionic conductor. The electrodes are connected 

over an outer circuit to a voltage source (or a voltmeter and an amperemeter) to apply an electric 

field in the cell and drive chemical reactions or measure the voltage or current generated by 

spontaneous electrode reactions. The force that acts on ions in the electrolyte is related to the 

electric field E over the elemental charge e0 and the charge identity z = ±1 for anions and 

cations, respectively, according to following equation:[38, 45] 

       𝐹 = 𝑧 × 𝑒0 × 𝐸    (35) 
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The fundamental process for the charge flow over an external circuit in an electrochemical cell 

is the spatial separation of redox reactions at the opposing electrodes. Oxidation of redox active 

species in the electrolyte takes place at the anode which is the positively polarized electrode. 

The reduction takes place at the cathode which is the negatively polarized electrode. Charges 

from the reduced active center to the oxidized species flow through the external circuit that 

connects the electrodes and may thereby perform electrical work. Depending on the 

combination of electrode materials and electrolyte a potential difference of the electrochemical 

cell can be measured. The absolute values as well as potential differences are expressed in volt 

(V) and are normally measured with a high impedance voltmeter.[38, 45] 

The aforementioned process describes an electrochemical cell with a negative potential 

difference derived from spontaneous (exergonic) oxidation and reduction reactions at the 

electrodes indicating a negative Gibbs free energy. In contrary to the exergonic reactions in the 

electrochemical cells, a voltage exceeding the open circuit potential of the cell has to be applied 

to drive a chemical reaction in an electrolytic cell.[38] 

The difference in Gibbs free energy for an electrochemical cell is defined as the sum over the 

change of the chemical potentials which can be formulated as following:[45] 

     Δ𝑟𝑥𝑛𝐺 =  ∑ 𝜈𝑖 𝜇𝑖𝑖     (36) 

with 𝜈𝑖 beeing the stoichiometric number of reactants and 𝜇𝑖 the chemical potentials. 

The Gibbs free energy is furthermore related to the electromotive force EMF (reversible 

potential difference of the cell) and amount of charges that flow (n x F) in the cell by:[38] 

     Δ𝐺 =  −𝑛𝐹𝐸𝑟𝑥𝑛    (37) 

The Gibbs free energy and the EMF are further related to the equilibrium constant by:[38] 

    𝑅𝑇 ln 𝐾𝑟𝑥𝑛 =  −Δ𝐺0 = 𝑛𝐹𝐸𝑟𝑥𝑛
0    (38) 
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This allows, for example, the prediction of cell voltages of concentration elements or the 

construction of electrochemical sensors. As the equilibrium constant is related to the activity, 

the formula can be rewritten to express the equilibrium potential known as the Nernst 

equation:[38, 46] 

    𝐸𝑒𝑞 = 𝐸𝑟𝑥𝑛
0 +  

𝑅𝑇

𝑛𝐹
𝑙𝑛

∏ 𝑎𝑂𝑖

𝜈𝑂𝑖

∏ 𝑎𝑅𝑖

𝜈𝑅𝑖
    (39) 

From this representation and the spatially separated oxidation and reduction processes in an 

electrochemical cell it can be concluded that the cell potential is the difference of potentials of 

two coupled half-cell reaction:[38] 𝐸𝑐𝑒𝑙𝑙
0 = 𝐸𝑅

0 −  𝐸𝑂
0    (40) 

The electrode at which the reaction of interest takes place is called working electrode. For the 

characterization of an electrocatalytic electrode in an electrolytic cell, the counter electrode is 

typically an inert noble metal electrode (e.g. Pt, Au) that facilitates redox reactions at the 

surface but does not undergo chemical changes itself in the applied potential range. To be able 

to apply a defined potential on the working electrode, a reference electrode with constant 

potential is employed in a standard 3-electrode measurement setup.[38, 45-46] 

One of the most important reference electrodes is the normal hydrogen electrode (NHE), which 

is constructed of a platinum electrode immersed in a 1 M acidic solution (e.g. HCl) with 

hydrogen of 1 atm bubbled through. The potential of the standard hydrogen electrode (SHE) 

which equals that of the normal hydrogen electrode but with an ideal solution (unit activity and 

no interaction between ions), has thereby a defined standard reaction potential of E0 = 0 V.[47] 

A more practical implementation of the NHE is the reversible hydrogen electrode which is 

directly in contact with the electrolyte and whose potential is dependent on the pH value as 

follows:[38] 

 𝐸 =  𝐸𝐻2/𝐻+
0 +  

𝑅𝑇

𝑧𝐹
ln(𝑎𝐻+) =  𝐸0 −  

2.303 𝑅𝑇

𝑧𝐹
 𝑝𝐻 = 0.000 − 0.059  × 𝑝𝐻 (41)  
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Besides the reversible hydrogen electrode, other reference electrodes such as Ag/AgCl/KCl, 

Hg/HgSO4/K2SO4, Hg/HgO/KOH or other electrodes with stable electrode potentials are used 

depending on the measurement conditions (e.g. acidic or basic electrolyte, avoid chloride 

contaminations etc.). 

For the description of electrode kinetics at first the equilibrium concentration ratio (
𝑐𝐵

𝑐𝐴
) and 

corresponding ratio of reaction rates (
𝑘𝑓

𝑘𝑟
)  can be formulated to be constant: 

𝑘𝑓

𝑘𝑟
= 𝐾 =  

𝐶𝐵

𝐶𝐴
     (42) 

Where  

cA, cB = equilibrium concentrations of educt (cA) and product (cB)  

kf, kr = rate constant of forward and reverse electrode reaction 

It is further known that most rate constants vary with the temperature according to the 

Arrhenius law, which introduces EA as the activation energy for the reaction:[38, 48]  

     𝑘 = 𝐴𝑒−
𝐸𝐴
𝑅𝑇     (43) 

 

Figure 14 Effects of a potential change (E-E0´) on the standard free energies of activation for oxidation and 

reduction (ΔGa
‡, ΔGc

‡) (a). Magnification of the boxed area of intersection (b) that depicts a shift of the 

potential energy of the oxidized species by F(E-E0´) and an accompanied shift of the point of intersection 

towards the reduced species (R) on the reaction coordinate. The angle of intersection and the difference in 

standard free energy versus the equilibrium point of intersection is defined by the parabola shaped 

potential energy curves of oxidized and reduced species and is quantified by the transfer coefficient α.[38] 

Reproduced with permission from Ref. [38]. Copyright 2000, John Wiley and Sons. 
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The Arrhenius concept and activation energies lead to a model with educts and products with 

parabolically shaped standard free energies as function of the reaction coordinate that are 

separated on the reaction coordinate but intercept at some point as shown in Figure 14. 

This point can be understood as the activated complex between oxidized and reduced species 

or the transition point according to transition state theory. For the case of an applied potential 

E0´ the standard free energy of the educt is shifted by F(E-E0´), which lowers the required 

activation energy to reach the transition point and hence influences the rate constant of the 

respective forward reaction according to the following formula:[38, 48]  

     𝑘𝑓 =  𝑘0𝑒−
𝛼𝐹

𝑅𝑇
 (𝐸−𝐸0´)

     (44) 

with α being the transfer coefficient for the forward reaction which describes the symmetry of 

the activation barrier as shown in Figure 14. The transfer coefficient ranges from zero to unity 

and depends on the shape of the intersection region. For an electrode reaction with equal 

potential energy curves of oxidized and reduced species it equals 0.5 and is decreased for an 

asymmetric activation barrier in favor of the forward reaction (reduction reaction as formulated 

in Figure 14) and increased in the opposite case. The transfer coefficient of the backwards 

reaction is defined as 1-α. The current relates to the applied overpotential η = (E - E0´) via the 

following equation (an alternative writing of the Tafel equation):[38, 48] 

𝑖 =  𝑎`𝑒
𝜂

𝑏´     (45) 

Furthermore, the net conversion rate of educt to product defined as the product of reaction rate 

k and surface concentration CO/R(0,t) is also linked to the current by the following equation:[38, 

48] 

     𝜈𝑓 =  𝑘𝑓𝐶𝑂(0, 𝑡) =  
𝑖𝑐

𝑛𝐹𝐴
   (46) 
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Combining the relations on the net conversion rate, the current and overpotential, the complete 

current-potential characteristic expressed by the Butler-Volmer equation can be formulated:[38, 

48] 

   𝑖 = 𝐹𝐴𝑘0 [𝐶𝑂(0, 𝑡)𝑒−
𝛼 𝐹 𝜂

𝑅𝑇 − 𝐶𝑅(0, 𝑡)𝑒−
(1−𝛼) 𝐹 𝜂

𝑅𝑇 ]  (47) 

Where 

i = electrode current 

F = Faraday constant 

A = electrode area 

k0 = standard rate constant 

α = transfer coefficient 

Co(0,t) / CR(0,t) = surface concentration of oxidized and reduced species at time t 

η = activation overpotential (E - E0´) 

R = universal gas constant 

T = temperature 

 

2.10.1 Redox activity probed by cyclic voltammetry 

In a cyclic voltammetry experiment the current response upon a continuous potential sweep 

with controlled scan speed between an upper (E2) and lower limit (E1) is recorded and analyzed 

for characteristic peaks representing oxidation or reduction events of the analyte on the working 

electrode:     𝐴 ± 𝑒 ⇌ 𝐵      (48) 

The observed voltammogram and its peak heights will depend on the standard rate constant k0, 

the diffusion coefficients of A and B for solution species and the voltage sweep rate v (in V s-1) 

and the potential window (E1, E2). 

The peak height defined by the maximum current flowing for a reversible charge transfer at 

25 °C under given parameters can be calculated for soluble analytes according to the Randles-

Sevcik equation:[38] 

𝑖𝑝 = 0.4463 𝑛 𝐹 𝐴 𝐶0 √
𝑛𝐹𝑣𝐷

𝑅𝑇
    (49) 
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The current thereby depends on the number of electrons n transferred by the redox process, the 

electrode area A, the concentration of the redox species in solution C, the scan rate v and the 

diffusion coefficient D. 

Figure 15b depicts the resulting I-V curve of a diffusion limited reduction. The reduction 

current starts below the standard potential E0´ and increases further due to depletion of oxidized 

species at the electrode-electrolyte interface. This leads to an increased diffusion to the 

electrode surface of oxidized species and further increases the current. For higher 

overpotentials the current reaches a maximum (ip at Ep) and levels out when the diffusion limit 

is reached. 

For the irreversible multi electron process of the oxygen evolution reaction the current increase 

is dependent on the overpotential but no diffusion limit is reached (within reasonable potential 

windows) as the redox active species (H2O) is at the same time solvent of the electrolyte. 

 

Figure 15 Cyclic potential sweep (a) and resulting cyclic voltammogram (b).[38] 

Reproduced (modified) with permission from Ref. [38]. Copyright 2000, John Wiley and Sons. 

Besides the peak current ip the position of the oxidation and reduction peaks and their 

separation ΔEpp can be seen as an indicator for a reversible or irreversible redox reaction. A 

fully reversible cyclovoltammogram thereby shows a ΔEpp ≈57 mV at 298 K with increased 

peak-to-peak separation for non-reversible reactions and less for a totally irreversible system. 

Analysis of the wave-shape can give further evidence of reversible or irreversible reactions. A 
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reversible system shows a separation of peak potential Ep to half-peak potential Ep/2 as 

follows:[49] 

   |𝐸𝑝 −  𝐸𝑝

2
| = 2.218 

𝑅𝑇

𝑧𝐹
=

56.5

𝑧
 mV at 25°C    (50) 

Where the half-peak potential Ep/2 is defined at the potential of the half peak current ( 
𝑖𝑝

2
 ).  

And for a totally irreversible redox system:[49] 

  |𝐸𝑝 −  𝐸𝑝

2
| = 1.857 

𝑅𝑇

𝛼 𝑧 𝐹
=

47.7

𝛼 𝑧
 mV at 25°C    (51) 

For the characterization of oxygen evolution reaction electrocatalysts by cyclic voltammetry in 

this work, the lower vertex potential was selected slightly above the hydrogen evolution 

reaction (0.05 V vs. RHE) and an upper potential limit of 1.45 V vs. RHE was chosen, which 

is close to the oxygen evolution reaction onset (E0
OER=1.23V vs. RHE + η). This allows for the 

observation of potential redox reactions of the electrocatalyst. 

Cyclic voltammograms of Ir-based (oxide supported) catalysts discussed in the framework of 

this thesis were recorded in a rotating disc electrode (RDE) setup without rotation which 

allowed the precise control of the measurement conditions (catalyst loading, temperature, 

electrode area, O2 saturation) before and after linear sweep voltammetry scan cycles 

(performed with electrode rotation). 

RDE measurements were conducted with an MSR electrode rotator with mirror finished 

polished 5 mm diameter glassy carbon disc insets (PINE RESEARCH 

INSTRUMENTATION) connected to an Autolab PGSTAT302N potentiostat/galvanostat 

equipped with a FRA32 M impedance analyzer (METROHM AUTOLAB B.V.) and an in-

house constructed glass/silicone cell with Luggin-capillary for the reference electrode 

(HYDROFLEX reversible hydrogen electrode by GASKATEL GESELLSCHAFT FÜR 

GASSYSTEME DURCH KATALYSE UND ELEKTROCHEMIE MBH) compartment or an 

commercial double walled glass cell (PINE RESEARCH INSTRUMENTATION) connected 
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to a KISS 104A thermostat (PETER HUBER KÄLTEMASCHINENBAU AG). An electrolyte 

temperature of 60 °C was maintained by an oil bath with external stirrer or thermostat and 

monitored with an immersed silicone coated K-element temperature sensor. The Nernst 

potential for water oxidation was kept constant by continuous O2 (AIR LIQUIDE, AlphaGaz2 

N5 purity) purging of the electrolyte (0.5 M H2SO4, SIGMA-ALDRICH, Titripur volumetric 

standard). Catalyst loadings of 50 µgIr cm-2 (10 µgIr per disc) were drop-casted on cleaned 

glassy carbon discs and dried at 60 °C before applying 10 µL of a 1:100 dilution of a Nafion 

perfluorinated resin solution (SIGMA-ALDRICH, 5 wt% in lower aliphatic alcohols and water 

(15 – 20% water)) in a H2O/iPrOH mixture (1:1 v/v). 

Cyclic voltammograms were recorded over a potential range of 0.05 – 1.52 V vs. RHE without 

RDE rotation to identify redox active features and to compare the electrocatalytically active 

surface area of catalyst samples (see section 2.10.4 for further details). RDE rotation was 

disabled during the cyclic voltammetry measurements to obtain accurate data also in the non-

Faradaic regions with low observable currents. Three cyclic voltammograms at a scan rate of 

50 mV s-1 were therefore recorded prior to each RDE measurement after 50 and after 75 linear 

sweep voltammetry cycles between 1.0 and ≈1.45 – 1.5 V vs. RHE (upper vertex potential 

defined at j = 1 mA cm-2). 

2.10.2  Characterization of oxygen evolution reaction kinetics by linear sweep                  

            voltammetry 

In a typical linear sweep voltammetry experiment with a three-electrode-setup, the working 

electrode is polarized starting from the open circuit voltage in small potential steps (µV – mV 

range per second) and with a certain scan rate (normally 0.05 – 50 mV s-1) towards negative 

(cathodic) or positive (anodic) potentials. Similar to a cyclic voltammogram, the applied 

potential is linearly increased to an upper vertex potential (anodic scan) and reversed to a lower 

vertex potential (cathodic scan) in consecutive cycles. 
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For the characterization of oxygen evolution reaction catalysts discussed in the context of this 

thesis, a potential range of well below the OER onset at 1.0 V vs. RHE up to 1.8 V vs. RHE 

was chosen with a cycling range of 10 – 75 cycles. 

To determine the electrocatalytic performance of catalysts towards the oxygen evolution 

reaction, the catalyst samples were measured at room temperature on conductive fluorine doped 

tin oxide glass substrates or, for accurate mass determination, on Au-coated quartz crystal 

microbalance sensors. Electrochemical measurements at room temperature were carried out 

with a three-electrode setup in a quartz cell filled with ≈20 mL 0.5 M H2SO4 (SIGMA-

ALDRICH, Titripur volumetric standard) for Ir-based catalysts as electrolyte or with 0.5 M 

KOH (SIGMA-ALDRICH, volumetric solution) for Ni(OH)2-based catalysts. A 

PGSTAT302N potentiostat/galvanostat (METROHM AUTOLAB B.V.) equipped with a 

FRA32 M impedance analyzer connected to a Hydroflex reversible hydrogen electrode 

(GASKATEL GESELLSCHAFT FÜR GASSYSTEME DURCH KATALYSE UND 

ELEKTROCHEMIE MBH) was used as potentiostat and reference electrode together with a 

Pt-wire counter electrode. 

Prior to each measurement the electrolyte resistance was determined by impedance 

spectroscopy and further measurements were iR-drop corrected during the measurement by 

NOVA 1.11 control software and the potentiostat (METROHM AUTOLAB B.V.). For further 

details see section “2.10.5 Impedance spectroscopy”. 

The electrochemical activity of catalysts on FTO and QCM substrates was measured by linear 

sweep voltammetry (LSV) in a potential window of 1.0–1.8 V vs. RHE and 1.0–1.65 V vs. 

RHE, respectively. 10 or 20 scan cycles with a scan rate of 10 mV s-1 were recorded each. 

The mass-based catalyst activity was either directly calculated with measured QCM-

determined mass loadings (for Ni(OH)2) or for supported catalysts calculated from the coating 

volume (3–15 µL) of a dispersion of known concentration (2 mg mL-1) in combination with 
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the atomic fraction of catalyst in a catalyst/oxide support composite determined by SEM/EDX 

(mean value of at least three independent measurements).  

Reported current densities were determined from the mean value of capacity current-corrected 

(mean current in the potential region 1.0 – 1.23 V vs RHE) anodic and cathodic scans of the 

respective LSV cycle. 

For determining the onset potentials and catalyst activities at low overpotential, the linear 

sweep voltammetry measurements were recorded with an RDE setup under controlled 

measurement parameters (for further details see section “2.10.4 Rotating disc electrode cyclic 

voltammetry”). 

2.10.3 Characterization of oxygen evolution reaction kinetics by  

chronopotentiometry 

In the constant current chronopotentiometry, a certain current is applied between the working 

and counter electrode and held for a certain time t while recording the potential E. For a system 

with soluble redox species the constant current leads to a constant flux of oxidized species to 

be reduced at the cathode. If the current exceeds the flux the concentration of the oxidized 

species will drop to zero at the electrode interface and the potential will increase to enable an 

alternative second reduction process.[38] 

For water oxidation at the anode being an irreversible and non-diffusion limited process, the 

obtained potential can be related to the electrocatalytic activity of the working electrode under 

continuous OER. In addition, measurements over longer periods of time (several hours) can 

provide information about the stability of the respective OER catalyst, as dissolution or 

inactivation would cause a shift in the overpotential and increase the measured potential over 

time. In general, for a totally irreversible reduction/oxidation wave the whole E-t curve shifts 

towards more negative/positive potentials with increasing current. A tenfold increase in the 

current causes a shift of 
2.3 𝑅𝑇

𝛼𝐹
 (

59 𝑚𝑉

𝛼
 at 298 K).[38] 
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All constant current chronopotentiometry measurements in this work were carried out in a 

three-electrode setup with a quartz cell filled with ≈20 mL 0.5 M H2SO4 (SIGMA-ALDRICH, 

Titripur volumetric standard) as electrolyte at room temperature using an PGSTAT302N 

potentiostat/galvanostat (METROHM AUTOLAB B.V.) connected to a Hg/HgSO4/K2SO4 

(sat.) (REF601, RADIOMETER ANALYTICALHACH COMPANY) reference electrode. 

Potentials versus the reversible hydrogen electrode ERHE were calculated by measuring the 

open circuit potential of the Hg/HgSO4/K2SO4(sat.) reference electrode against a Hydroflex 

RHE (GASKATEL Gesellschaft für Gassysteme durch Katalyse und Elektrochemie mbH) 

before and after each chronopotentiometry measurement and by shifting the measured potential 

accordingly. Stability measurements of electrodes (active material corresponding to 15 µgIr 

(76 µgIr cm-2) deposited on FTO glass substrates) were performed with an 

Hg/HgSO4/K2SO4(sat.) reference electrode at room temperature under constant stirring of the 

electrolyte. Potentials versus the reversible hydrogen electrode ERHE were calculated by 

measuring the open circuit potential of the Hg/HgSO4/K2SO4(sat.) reference electrode against 

a Hydroflex RHE (GASKATEL Gesellschaft für Gassysteme durch Katalyse und 

Elektrochemie mbH) before and after each chronopotentiometry measurement and by shifting 

the measured potential accordingly. 

2.10.4 Cyclic voltammetry on rotating disc electrode 

Rotating disc electrode (RDE) measurements are a class of hydrodynamic electrodes that do 

not only rely on Fick´s law on diffusion of the redox species in the electrolyte but introduce a 

forced convection. For an electrochemical cell with stationary electrodes and soluble freely 

diffusive redox species, the increasing polarization of the electrodes accelerates the rate of the 

electrochemical reaction and thus the current until the peak current is reached. In the absence 

of convection, however, the current decreases even in spite of the increasing electrode 

polarization due to a reduced flow of reacting species to the electrode interface because of slow 
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diffusion (as in classical cyclic voltammograms on stationary electrodes). A hydrodynamic 

voltammogram shows a similar increase of the current reaching a maximum but without 

levelling off due to the continuous flux of educts established by the forced convection. A 

hydrodynamic voltammogram is thereby characterized by the mass transport limited current 

ilim and the half-wave potential E1/2, which is located at 
𝑖𝑙𝑖𝑚

2
 .[50] 

The total mass-transfer-limited current ilim at the RDE can thereby be described by the Levich 

equation:   𝑖𝑙𝑖𝑚,𝑐 = 0.62 𝑛𝐹𝐴𝐷𝑂

2

3 √𝜔𝜈−
1

6𝐶𝑂
∗    (52) 

which is dependent on the electrode area A (cm2), the diffusion coefficient DO (cm2 s-1), the 

angular rotation rate ω (rad s-1), the kinematic viscosity ν (cm2 s-1) and the analyte concentration 

CO
*.[38, 50] 

When RDE measurements are applied for OER catalyst characterization it is not the stationary 

flux of educt (water) that is of interest, but gaseous oxygen. By rotation and convection, the O2 

bubbles formed on the electrode surface are constantly removed, which avoids inactivation of 

the catalyst surface due to educt depletion. 

RDE measurements with linear sweep voltammetry of Ir-based (oxide supported) catalysts 

discussed in this thesis were conducted with an MSR electrode rotator with mirror finished 

polished 5 mm diameter glassy carbon disc insets (PINE RESEARCH 

INSTRUMENTATION) connected to an Autolab PGSTAT302N potentiostat/galvanostat 

(METROHM AUTOLAB B.V.) and an in-house constructed glass/silicone cell with Luggin-

capillary for the reference electrode (HYDROFLEX reversible hydrogen electrode by 

GASKATEL GESELLSCHAFT FÜR GASSYSTEME DURCH KATALYSE UND 

ELEKTROCHEMIE MBH) compartment. Alternatively, a commercial double walled glass 

cell (PINE RESEARCH INSTRUMENTATION) connected to a KISS 104A thermostat 

(PETER HUBER KÄLTEMASCHINENBAU AG) was used. An electrolyte temperature of 
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60 °C was maintained by an oil bath with external stirrer or thermostat and monitored with an 

immersed silicone coated K-element temperature sensor. The Nernst potential for water 

oxidation was kept constant by continuous O2 (AIR LIQUIDE, AlphaGaz 2 N5 purity) purging 

of the electrolyte (0.5 M H2SO4, SIGMAALDRICH, Titripur volumetric standard). Catalyst 

loadings of 50 µgIr cm-2 (10 µgIr per disc) were drop-cast on cleaned glassy carbon discs and 

dried at 60 °C before applying 10 µL of a 1:100 dilution of a Nafion perfluorinated resin 

solution (SIGMA-ALDRICH, 5 wt% in lower aliphatic alcohols and water (15–20% water)) in 

a H2O/iPrOH mixture (1:1 v/v). 

75 linear sweep voltammetry cycles between 1.0 and ≈1.45 – 1.5 V vs. RHE with a variable 

upper vertex potential defined at j = 1 mA cm-2 were recorded at a scan rate of 5 mV s-1. The 

cyclic voltammograms were recorded for the first cycles and after 50 and 75 LSV cycles (for 

further details see section “2.10.1 Redox activity probed by cyclic voltammetry”). The 

overpotentials for each LSV cycle were determined as a mean value of the anodic and cathodic 

scan. Reported overpotential values were taken from the 75th scan cycle each. 

2.10.5 Impedance spectroscopy  

Electrochemical impedance spectroscopy (EIS) was employed in the context of this work to 

determine the electrolyte resistance in linear sweep voltammetry experiments. This allows for 

a correction of the iR-drop in the respective measurements to obtain comparable current 

densities of OER catalysts. Besides this rather straightforward application, EIS is a powerful 

tool for the investigation of electrochemical reaction mechanisms, for measuring dielectric and 

transport properties of materials, for analyzing properties of porous electrodes and to examine 

passivation of surfaces.[38] 

Impedance is a generalized complex form of the classical electrical resistance described by 

Ohm`s law (𝑅 =  
𝐸

𝐼
). Impedance is the complex and time dependent form of the classical 
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resistance relation that takes the phase differences between input voltage and output current 

into account and is defined according to following equations: 

Perturbation:                     𝐸𝑡 =  𝐸0𝑠𝑖𝑛(𝜔𝑡)       (53) 

Response:        𝐼𝑡 =  𝐼0 sin(𝜔𝑡 + 𝜙)              (54) 

Impedance:   𝑍(𝜔)  =   
𝐸𝑡

𝐼𝑡
 =   

𝐸0sin (𝜔𝑡)

𝐼0 sin(𝜔𝑡+𝜙)
  =    𝑍0  

sin (𝜔𝑡)

sin (𝜔𝑡+𝜙)
   (55)  

Et and It are the potential and current at time t with 𝜙 being the phase shift of the responding 

current versus the potential. The impedance of an electrochemical system and thus the phase 

shift is thereby dependent on the perturbation frequency ω that typically ranges from several 

hundred kHz to few Hz. 

In an EIS experiment an electrochemical cell is held at a given potential such that the system 

remains in a steady state. The actual frequency response experiment superimposes an 

alternating sinusoidal potential (usually 5 – 10 mV RMS) on the constant potential to get a 

linear electrical perturbation/response of the system. This perturbation is repeated for a wide 

range of frequencies to probe for different electrochemical mechanisms and to record a full 

spectrum.[38] 

The impedance, as a complex entity, consists of an amplitude and phase with different common 

representations. There are Lissajous figures that plot E(t) vs. I(t), Nyquist plots with Re(Z) vs. 

–Im(Z) (Figure 16a) and Bode frequency plots with ω vs. log(Z) or Φ (Figure 16b).[38, 46] 

In the complex representation of the impedance (Nyquist plot) the x-axis (Z′) or real part 

represents the resistive part of the impedance and the y-axis as the imaginary axis (-Z″) the 

reactive part, which can be attributed to, e.g., capacitive behavior. 
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Figure 16 Electrochemical impedance spectrum (a) in a complex plane (Nyquist plot) representation and 

(b) Bode diagram with impedance magnitude (squares) and phase angle (triangles) representation for the 

equivalent circuit shown as inset in (a).[46] 

Reproduced with permission from Ref. [46]. Copyright 2004, Springer-Verlag Berlin Heidelberg. 

For the interpretation of an impedance spectrum the data are often fitted to equivalent electrical 

circuit models. These models are derived from the interconnection of individual building 

blocks (e.g. resistors, capacitors, inductors, etc.) with a known mathematical description of 

their impedance to adequately describe the actual electrochemical system. 

In the framework of this thesis the impedance was measured to determine the electrolyte 

resistance under non-faradaic conditions (0.5 V vs. RHE). For this purpose, the series 

resistance Rs (also denoted as high-frequency resistance Rhf) is of interest, which can be 

extracted from fitting the impedance data (semi circles consisting of series and charge transfer 

resistance) by an Rs(Rct CPE) “electrochemical-circle” equivalent circuit by NOVA 1.11 data 

acquisition software (METROHM AUTOLAB B.V.), with CPE being a constant phase 

element. 

The electrolyte resistance was determined before and after each RDE measurement in the high 

frequency region of recorded impedance spectra at 0.5 V vs. RHE. Due to low current densities 

reached in the measurement protocol and repeatedly low electrolyte resistance values around 

5 Ω, an iR drop correction of the recorded data was not performed. 
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The electrolyte resistance was further determined before and after each LSV measurement of 

catalyst samples on FTO and QCM chips that reached current densities up to ≈100 mA cm-2 at 

potentials up to 1.8 V vs. RHE, therefore an iR drop compensation was required. The 

impedance spectra were recorded at 0.5 V vs. RHE over a frequency range of 1.6 – 100 kHz 

with a sinusoidal perturbation of 10 mV (RMS). The electrolyte resistance was taken as 95 % 

of the series resistance Rs obtained from an Rs(Rct CPE) electrochemical circle fit. 
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3. Ceramic anodes for Li and Na-ion batteries 

This chapter is based on the following book chapter: 

Arinicheva Y., Wolff M., Lobe S., Dellen C., Fattakhova-Rohlfing, D., Guillon, O., Böhm, D., 

Zoller, F., Schmuch, R., Li, J., Winter, M., Adamczyk, E., Pralong, V., 10 - Ceramics for 

electrochemical storage. In Advanced Ceramics for Energy Conversion and Storage, Guillon, 

O., Ed. Elsevier: 2020, pp 549-709. 

Specific:  Chapter 10 - Subsection 2 – Ceramic anodes for Li and Na-ion batteries, pp 563-

593 – Böhm, D.*, Zoller, F.*, Pralong V. and Fattakhova-Rohlfing, D. (*these authors 

contributed equally to the work) 

3.1 Introduction 

Anodes (negative electrodes) of rechargeable batteries should ideally possess a possible low 

insertion/extraction potential and a high reversible gravimetric and volumetric capacity to 

provide maximum energy density. Metallic lithium is the best possible anode for LIBs as it is 

the most electropositive element (3.04 V vs. SHE) with the highest theoretical gravimetric 

capacity (~3862 mA g-1) due to its light weight (6.94 g mol-1) and low density (0.534 g cm-3). 

However, the high reactivity of metallic lithium and the tendency to mossy growth and dendrite 

formation upon cycling in conventional aprotic solvent are still serious challenges preventing 

its application as an anode in secondary lithium batteries. A similar situation applies for the use 

of metallic sodium in secondary SIBs, as sodium is chemically even more reactive than lithium 

and has a relatively low melting point (97.7 °C).[1-2] As a practical solution of this problem, 

graphitic carbons were introduced as anode materials, and currently, they dominate the market 

of the commercially available rechargeable lithium cells. Graphitic carbon is an insertion-type 

anode material acting as a stable host structure for lithium  
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intercalation able to withstand several hundreds of charge/discharge cycles without structure 

degradation. Due to a slightly more positive lithium insertion potential (~0.1 V vs. Li/Li+), 

graphitic carbons do not suffer from lithium plating and lithium dendrite issues, rendering them 

safe anode material at moderate charging rates. Shortcomings of graphitic anodes, however, 

are a much lower insertion capacity as compared to lithium metal (372 mAh g-1) and a limited 

rate capability (power density). In spite of the progress achieved in the performance of state-

of-the-art rechargeable lithium cell, there is a strong need for anode materials with high-energy 

and power density, low-cycle life, and safe operation. 

 

Figure 1 Structural changes during charge-discharge of insertion, alloying, and conversion anodes 

materials.[3] 

Reproduced (modified) with Permission from Ref. [3]. Copyright 2016 Bensalah N., et al.. 

Ceramic materials are in the focus of intensive research activity as possible anode materials 

due to a huge variety of their compositions and hence, possible solid-state chemistries available 

for ion/electron storage. Ceramic materials can be produced by scalable methods with an 

unlimited variety of different morphologies and microstructures, making them attractive for 

commercialization and large-scale production. From the point of view of electrochemical 

energy storage mechanism, ceramic anodes can be broadly divided in three classes: insertion-

type, conversion-type, and conversion and alloying-type materials (Figure 1). Insertion-type 
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materials can incorporate additional ions in their structure without significant structural 

changes. The benefits of such materials are low volume changes and low structure 

reorganization energies ensuring reversible insertion/extraction and long cycle life. The penalty 

for the structure stability is, however, the unavoidably lower insertion capacity, which is 

determined by the available ion vacancies in the host structure. 

So far, a variety of transition metal-based insertion-type anodes for alkali metal ions were 

introduced but among them ceramic compositions including titania-based materials are 

projected to be able to replace graphitic anodes as they provide the required cell safety, cost 

effectiveness, compatibility with cathodes, and improved electrochemical activity for high-rate 

applications.[2] The electrochemical potential of these non-carbonaceous anodes is, however, 

comparably high (>1 V vs. Li/Li+), lowering the applicable potential window of the cell. In 

addition, the practical reversible capacity is less than that of graphite and most ceramic 

materials possess a rather limited electronic conductivity. 

Conversion-type anode materials (CTAMs) undergo a complete transformation from oxidized 

(transition metal ions) to fully reduced (metal state) during charge and discharge cycles. In 

some cases, the metal phase can be reduced further with formation of lithium (or sodium) alloys 

(conversion and alloying mechanism). Because of the multiple electron reactions, conversion 

and combined conversion/alloying-type anodes can provide much higher storage capacities as 

compared to the insertion-type anodes. However, a significant drawback of such anodes is a 

huge structure reorganization accompanied by significant (up to several 100%) volume 

changes, which typically results in a very fast degradation during charge/discharge and rapid 

capacity loss. 

It should be noted that practically all the ceramic materials feature in their bulk (macroscopic) 

state low electronic and ionic conductivities, and often also lower reversibility and higher 

degradation as compared to graphite anodes. These shortcomings can be, however, successfully 



3.1 Introduction 

 

124 

 

mitigated via nanoscaling of ceramic materials. Particularly, a very small size of crystalline 

domains of only a few nanometers drastically improves the performance of ceramic anodes due 

to the change in electrochemical storage mechanism as it will be shown below. Furthermore, 

coating of ceramic powders with carbonaceous materials, optimization of nanostructures, and 

combination of nanostructures with conducting carbonaceous compounds to form 

nanocomposites are extremely efficient strategies to enhance storage capacity, improve the rate 

performance, sustain the volume variation, and thus improve the cycling stability of ceramic 

anode materials. A dominating majority of ceramic anode materials are prepared as 

nanostructured materials or nanocomposites, with the number of available compositions and 

morphologies increasing daily. As it is practically impossible to hold step with this dynamically 

developing field, this chapter intends at introducing only the most established and promising 

classes of ceramic anode materials for rechargeable lithium batteries, with a special focus on 

their structure and the basic electrochemical properties. Moreover, for the interested reader 

there are several reviews dedicated to the anode materials for SIBs[4-9] that are at an earlier 

stage of development compared to LIBs. In the following, we summarize the main advances 

regarding the three main types of ceramic anodes for SIBs and LIBs. 
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3.2 Insertion-type ceramic anodes 

3.2.1 Titanate-related battery anodes — Structure and key properties 

 

 Titanium dioxide (TiO2) anodes 

TiO2-based materials are among the most studied and attractive ceramic anodes for the Li-

ion[10] and increasingly also for Na-ion batteries[11-16]. TiO2 exists in eight polymorphs, namely 

rutile, anatase, brookite, TiO2-B, TiO2-R, TiO2-H, TiO2-II, and TiO2-III.
[17] Among these 

phases, anatase, rutile and bronze are the most investigated as battery anodes due to the 

abundance of TiO2, availability, and suitable electrochemical performance.[18] For all TiO2 

phases, irrespective of their crystalline structure, storage of 1 mol Li+ per mole is theoretically 

possible due to the reversible transformation of Ti4+ to Ti3+ state, resulting in a theoretical 

insertion capacity of 335 mAh g-1. In practice, however, typically only 0.5 mol Li can be 

reversibly inserted/extracted per mole TiO2 resulting in a moderate insertion capacity of 170–

180 mAh g-1.[10] Insertion of Li in all titania polymorphs takes place at potentials of around 

1.5–1.8 V vs. Li/Li+. The relatively high insertion potential renders titania a safe anode material 

due to a greatly minimized risk of lithium dendrite growth, but on the other hand it limits the 

voltage (and thereby the energy density) of the respective full cells. 

TiO2 anatase 

Anatase is one of the most investigated titania phases for lithium storage.[19] Bulk anatase is a 

metastable phase[20], however, it is the thermodynamically most stable phase on the nanoscale. 

Anatase crystallizes in a tetragonal symmetry with the body-centered I41/amd space group in 

which distorted edge-sharing [TiO6] octahedra are stacked in one-dimensional (1D) zigzag 

chains (Figure 2a).[21-23] Upon insertion, Li ions can diffuse along the empty [TiO6] zigzag 

channels connecting octahedral interstitial sites. The diffusion coefficient for Li ions in the 

anatase phase is relatively low, being in the range of 2 – 6 × 10-13 cm2 s-1, as reported for single 
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crystals by Kavan et al.[24] to 4.7 × 10-12 cm2 s-1 determined by 7Li MAS nuclear magnetic 

resonance (NMR).[25] Li insertion into the anatase phase induces the phase transformation from 

the tetragonal to the orthorhombic Li0.5TiO2 phase (space group Pnm21) because of a loss of 

symmetry in the y-direction, resulting in an increase of the unit cell volume by 3.7%.[2] In 

addition to nanostructuring, carbon coating of the titania surface and fabrication of carbon-

titania nanocomposites are other efficient and intensively explored ways to overcome the poor 

lithium-ion diffusion and low electrical conductivity in titania materials. In typical synthesis 

methods, incorporation of carbon into TiO2 is conducted by hydrothermal heating of metal salts in 

presence of carbon sources such as glucose.[26-27] 

 

Figure 2 (a) The structure of anatase[28] and (b) potential-capacity profiles of anatase anodes with different 

particle sizes: 6 nm (A6), 15 nm (A15), and 30 nm (A30).[29] 

(a) Reproduced (modified) with permission from Ref. [28]. Copyright 2013 Chinese Materials Research 

Society. Production and hosting by Elsevier B.V. 

(b) Reproduced with permission from Ref. [29]. Copyright 2007 Elsevier. 

Li insertion/extraction in the anatase phase takes place at a potential around 1.75 V vs. Li/Li+. 

The major part of Li ions is stored in a two-phase reaction manifested by a plateau at 1.75 V 

vs. Li/Li+, with a total insertion of 0.5 mol Li and a gravimetric capacity of 175 mAh g-1 

(Figure 2b). Further Li-ion storage into the TiO2 framework is restrained because of the strong 

repulsive forces among the Li ions.[10] At the initial steps of the Li-insertion process, a solid 

solution is formed, observed as a monotonous curve at potentials below 1.75 V vs. Li/Li+, while 
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for a fully lithiated material some amount of Li can be stored interfacially at a potential above 

1.75 V vs. Li/Li+.[30] The mechanism of lithium insertion, the amount of Li ions stored via 

different mechanisms, and also the rate of the Li-insertion process greatly depends on the size 

of crystalline domains and the microstructure of the anatase phase (Figure 2b) .[31] Generally, 

the slower two-phase reaction mechanism dominates the storage in bulk macroscopic materials, 

while the faster processes of solid solution and interfacial lithium storage play an increasing 

role in the nanostructured materials.[32] The strong impact of microstructure on the lithium 

insertion process provides broad possibilities to optimize the performance of anatase anodes 

by controlling their morphology, which boosted research on nanostructured titania materials.[33] 

Systematic investigation of the impact of particle size on the electrochemical performance of 

anatase was performed by Wagemaker et al..[34] The authors have demonstrated that, in contrast 

to the bulk phase, nanoparticles below 7 nm in size can deliver up to 1 mol of Li ions per 

formula unit (f.u.) due to a greatly increased solubility on the nanoscale. The very small 

particles size, however, often negatively affects the cycling stability. Therefore, an optimum 

range exists for different materials to achieve the highest possible capacity, fast insertion rate, 

and cycling stability. For anatase, the optimum particle size is considered to be between 8 and 

25 nm, thereby the anodes demonstrate a rather high cycling stability.[35] Thus, full-Li cells 

with respective anodes were reported to retain 90% of their initial capacity after 700 cycles.[36] 

The electrochemical properties of anatase TiO2 vs. Na/Na+ offer an appealing working voltage 

of 0.8 V, and researchers have already demonstrated high-rate capability, suggesting potential 

use in commercial SIBs.[37-39] 

 TiO2 rutile 

In contrast to anatase, the most thermodynamically stable polymorph, rutile, attracts much less 

attention as an anode material. The Li-insertion potential of 1.85 V vs. Li/Li+ is the most 

positive among all titania polymorphs, which makes it less suitable for the application as an 
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anode.[40] Furthermore, bulk rutile features a lower Li-insertion capacity given by its crystalline 

structure. Rutile crystallizes in a tetragonal symmetry with the space group P42/mnm, with 

[TiO6] octahedra sharing edges along the c-direction and corners located along the ab-planes 

(Figure 3a).[41]  

 

Figure 3 (a) Structure of rutile[28] and (b) potential-capacity profiles of rutile electrodes with particle sizes 

of 15 nm (R15), 30 nm (R30), and 300 nm (R300) (the initial cycles at 0.05 A g-1).[29] 

(a) Reproduced (modified) with permission from Ref. [28]. Copyright 2013 Chinese Materials Research 

Society. Production and hosting by Elsevier B.V. 

(b) Reproduced with permission from Ref. [29]. Copyright 2007 Elsevier. 

This property explains the different availability of tetrahedral and octahedral sites and a strong 

anisotropy for Li diffusion. The Li-ion diffusion into rutile is thermodynamically favorable 

only along the c-axis channels between the tetrahedral sites, with a diffusion coefficient of 

10-6 cm2 s-1. In contrast to that, the octahedral interstitial sites are practically unavailable for Li 

insertion[42], with diffusion along the ab-planes being prohibitively slow[25, 42]. In addition, the 

strong repulsive Li-Li interactions in the c-channels, together with trapped Li-ion pairs in the 

ab-planes, block the c-channels and restrict insertion to well below its theoretical limit.[22] As 

a result, in the bulk crystalline form, it is able to accommodate up to 0.1 mol Li only.[2] The 

storage capacity of rutile, however, strongly benefits from nanostructuring.[33, 43-44] Thus, it was 

reported that nanosized rutile shows a stable capacity of 346 mAh g-1 and a superior rate 
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capability (Figure 3b).[45] The absence of phase boundaries in nanoparticles is believed to be 

the main reason for the enhanced Li-ion solubility. 

TiO2-B (bronze) 

Among other polymorphs, TiO2-B (bronze) has attracted particular attention as a promising 

anode for lithium batteries due to a combination of favorable properties.[46] TiO2-B features the 

lowest insertion potential of 1.55 V vs. Li/Li+ (Figure 4c) among all TiO2 materials, which is 

beneficial for its use as an anode.[46] TiO2-B crystallizes in a monoclinic structure with C2/m 

symmetry. It is composed of corrugated sheets of edge and corner-sharing [TiO6] octahedra[47], 

which are joined together to form a three-dimensional (3D) framework containing 1D channels 

(Figure 4a).[48] In the unique open structure of TiO2-B, practically all octahedral sites are 

accessible, resulting in an insertion capacity close to the theoretical value of 335 mAh g-1 

(Figure 4b).[46] Moreover, the structure is capable of buffering structure changes during 

lithium-ion insertion without lattice deformation, promoting a high reversibility of the 

insertion/extraction process and a long cycle life.[48] Different to other TiO2 polymorphs whose 

lithium insertion rate is diffusion limited, lithium insertion into the bronze phase has a 

pseudocapacitive behavior resulting in a high-power capability.[49] Although practically infinite 

unidirectional channels provide fast pathways for Li diffusion, long transport distances are 

responsible for poor rate capability of bulk TiO2-B material.[48] 

Nanostructuring was demonstrated to be a very efficient means to overcome this limitation and 

to improve the charging rate of TiO2-B.[50] The numerous reported nano-morphologies include, 

among others, nanoparticles[51], nanosheets[52], nanowires[53], nanorods [54], and 

microspheres[55] which show a greatly improved rate performance (Figure 4c). 



3.2 Insertion-type ceramic anodes 

 

130 

 

 

Figure 4 (a) The structure of TiO2-B, (b) variation of voltage with state-of-charge for discharge then charge 

of bulk TiO2-B, TiO2-B nanowires, nanotubes, and nanoparticles on the second cycle, and (c) corresponding 

differential capacity plots at 50 mA g-1.[28]  

Reproduced (modified) with permission from Ref. [28]. Copyright 2013 Chinese Materials Research 

Society. Production and hosting by Elsevier B.V. 

A serious drawback of nanosized TiO2-B is, however, an ICL in the first charging cycle, which 

was explained by irreversible reactions on the surface.[47] Coating with carbonaceous species, 

like for other titania polymorphs, is a promising way to minimize these contributions. Another 

efficient strategy to boost the rate performance of TiO2-B-based anodes and to increase their 

cycling stability is hybridization with different conductive carbon materials such as reduced 

graphene oxide (rGO) for the fabrication of nanocomposites.[56-57] 

 Lithium titanate Li4Ti5O12/LiTi2O4 (LTO) 

Among all Ti-based ceramic anodes, Li4Ti5O12 (LTO) is the most prominent member of the Li 

solid-solution family Li3+xTi6-xO12 (0 ≤ x ≤ 1)[58] that has been developed to a marketable 

product for electrochemical energy storage (including batteries for EVs)[59] since its discovery 

as a Li-insertion host by Murphy et al.[60] and first electrochemical measurements in 1989 by 

Colbow et al..[61-63] The unique and advantageous properties of LTO as a LIB anode material 

are mainly caused by its spinel (AB2X4) crystal structure (Fd3̅m) that can accommodate three 

Li+ ions per f.u. with a negligible change of ~0.07%[64] of the lattice parameters also known as 

“zero-strain” Li+ insertion.[62-63] The spinel structure of Li4Ti5O12 [alternative writing: 

Li(Li1/3Ti2/3)O4] is built from a cubic-close-packing (ccp) of oxygen atoms (32e sites) with 
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tetrahedrally (8a, 8b, and 48c) as well as octahedrally (16c and 16d) interstitial sites partially 

occupied by Li and Ti atoms which can be expressed in space notation as 

[Li3]8a[Ti5Li]16d[O12]32e (Figure 5).[62-63]  

 

Figure 5 (a) Schematic representation of spinel-type Li4Ti5O12 crystal structure with octahedral and 

tetrahedral coordination of Ti (16d site) and Li (8a and 16d sites) by O atoms[65] and (b) ball and stick 

representation of the unit cell with Li occupation sites (16d, 16c, and 8a for fully lithiated structure). O 

atoms represented with big red spheres and Ti atoms represented by small light gray spheres. Yellow, green 

and blue spheres represent Li occupancies.[66] 

(a) Reproduced with permission from Ref. [65]. Copyright 2015 American Chemical Society. 

(b) Reproduced with permission from Ref. [66]. Copyright 2011 Elsevier. 

Upon cell charging the LTO anode can reversibly accommodate up to three Li+ ions per 

formula unit in differing tetrahedral (8a) and/or octahedral (16c) interstitial sites within the 

packed oxygen array. Following Eq. (1) and Figure 6a describe the insertion of Li+ ions 

(beyond the present Li+ ions of the Li4Ti5O12) into empty octahedral sites (16c) that cause a 

further population of octahedral (16c) sites (and removal from tetrahedral 8a sites) by Li+ ions 

initially present in the spinel structure by electrostatic repulsion. Fully lithiated Li7Ti5O12, also 

noted as [Li6]16c[Ti5Li]16d[O12]32e, thereby constitutes a rock-salt structure with coinciding 

lattice symmetry (Fd3̅m).[62-63] 

[Li]8a [Li1/3Ti5/3]16d [O4]32e + x e- + x Li+ 
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⇌   [Li1+x]8a,16c [Li1/3Ti5/3]16d [O4]32e + x e-  (1) 

⇌   [Li2]16c [Li1/3Ti5/3]16d [O4]32e  

Galvanostatic charge/discharge curves reflecting the electrochemical potential of the LTO 

phase according to its lithiation state are governed by three regimes (Figure 6b). During 

charging, initial Li+ ions (α) are inserted into an isostructural Li4+αTi5O12 phase resulting in a 

continuous drop of the electrochemical potential stabilizing with the formation of a parallel 

existing rock-salt Li7-γTi5O12 structure. Ongoing Li+ insertion into the Li4+αTi5O12-Li7-γTi5O12 

two-phase system results in a flat operating potential of ~1.55 V vs. Li/Li+ until the remaining 

spinel phase is fully converted to the rock-salt phase, which again results in a single-phase 

system with a final insertion potential of 1.0 V vs. Li/Li+.[62-63] 

The electrochemical potential of ~1.55 V vs. Li/Li+ of LTO[67] limits the overall cell voltage 

compared to carbonaceous anodes but significantly increases the LIB safety and stability. The 

relative high potential prevents the SEI formation, the reduction of an organic electrolyte and 

dendritic lithium growth. Beyond that, LTO is nontoxic, possesses a high thermodynamic 

stability (compared to carbonaceous anodes) and has a well-characterized stable crystal 

structure upon lithium insertion making it a “zero-strain” material.[62, 64] In addition, LTO 

anodes have a negligible amount of ICL, are not prone to solvent co-intercalation or electrolyte 

decomposition and are in principle capable of delivering high-power density.[2, 62-63] 
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Figure 6 (a) Schematic illustration of Li+ intercalation and deintercalation into spinel-type Li4Ti5O12 

structure[68] and (b) galvanostatic charge/discharge curve with indicated one and two-phase potential 

regions.[62] 

(a) Reproduced with permission from Ref. [68]. Copyright 2011 Elsevier. 

(b) Reproduced with permission from Ref. [62]. Copyright 2015 Elsevier. 

Bulk phase spinel Li4Ti5O12 shows a rather poor electrochemical performance due to its low 

electronic (<10-13 S cm-1)[69] and ionic conductivity (~1.6 × 10-11 cm2 s-1)[70], which requires 

nanostructuring and the fabrication of carbon composite anodes to shorten the Li+ ion diffusion 

length and enhance the conductivity within the electrode.[2, 62-63] Due to a simple and 

inexpensive synthesis of nanostructured LTO, primarily by sol-gel-based synthesis routes, 

research advanced rapidly in the recent years so that composite anodes with a high reversibility 

(Coulombic efficiency >95%) even at high current rates of up to >1000C could be obtained.[2] 

Nano- and microstructures accessible primarily by sol-gel-based synthesis range from zero-

dimensional (0D) (nanoparticles) over 1D in the form of nanofibers, -wires, -tubes, or -rods to 

two-dimensional (2D) nanoplate or -sheet structures. By use of advanced templating techniques 

and/or suitable synthesis conditions, a variety of porous, hierarchical, or array 3D structures 

could be fabricated.[62-63, 71]. As an example, a mesoporous thin film built from nanocrystalline 

spinel LTO particles could reach the theoretical 175 mA g-1 up to a rate of 25C (144 s 

charge/discharge duration) and maintain up to ~115 mA g-1 at a rate of 800C (4.5 s 
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charge/discharge duration) with a capacity retention of 89% after 1000 cycles at a rate of 100C 

(Figure 7).[72] 

 

Figure 7 (a) Transmission electron micrograph of spinel Li4Ti5O12 nanocrystals forming mesoporous thin 

film electrode. (b) Gravimetric capacity of mesoporous thin film LTO nanocrystal electrodes at different 

C-rates and (c) capacity retention at a rate of 100C.[72] 

Reproduced (modified) with permission from Ref. [72]. Copyright 2012 John Wiley and Sons. 

For the preparation of anodes and full cells with thicker electrodes enabling high rate and high 

gravimetric and volumetric capacities, composites with carbonaceous materials [e.g., (reduced) 

graphene oxide (GO, rGO), carbon nanotubes] and carbon coatings are prepared.[62-63]. Zhu et 

al. prepared spherical LTO microparticles with a porous morphology resulting from close 

packing of nanoparticle building blocks.[73] The conductivity of the material was significantly 

increased to ~10 S cm-1 by applying a ~6 nm homogeneous carbon coating. Due to a relatively 

high electrode/electrolyte interface of the porous structure increasing and facilitating the Li+ 

ion flux, a reversible capacity of 126.4 mAh g-1 could be demonstrated at a rate of 20C 

(corresponding to 3 min charge or discharge time). In addition, the high stability of the 

composite anode was shown by a capacity retention of 95% after 1000 cycles at a rate of 1C 

(1 h charge/discharge time).[74] 

The electrochemical performance of Li4Ti5O12/C electrodes is dependent on various parameters 

such as the carbon coating thickness and uniformity, the choice of precursor, the preparation 

technique as well as the synthesis conditions. Thin, <10 nm carbon coatings can be applied by 

using sugar (glucose), polyvinylpyrrolidone (PVP), polyacrylonitrile (PAN), citric acid (CA), 
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polyacrylate (PAA), maleic acid (MA), or LTO acetate precursors with an adjacent thermal 

decomposition and graphitization under nitrogen atmosphere.[62-63] Beyond carbon composites, 

also metal (Ag, Au, or Cu) composites were prepared to increase the overall conductivity 

within the electrode and to enable a high capacity retention of ~75% [131 mAh g-1 for LTO/Ag 

composite[75]] at a rate of 30C (2 min charge/discharge time).[62-63] The electrochemical 

performance of active LTO phases is greatly affected by the way of their fabrication. Possible 

preparation techniques include solid-state reactions at high temperatures of 600–1000 °C, 

microwave-assisted synthesis, molten-salt synthesis, hydrothermal, and combustion 

synthesis.[2, 63] Among them, combustion and sol-gel-based LTO anodes show a superior 

performance as compared to the anodes containing solid-state derived active material. 

Furthermore, electrodes with hydro- or solvothermally derived LTO product also show an 

excellent cyclability and high-rate capability.[63] Full-cell assemblies with high-voltage 

cathodes like LiCoO2 (LCO) or LiMn2O4 provide cell voltages of 2.5–3.0 V, whereby LTO 

shows a better compatibility with LiCoO2 than with Mn-based layered oxide cathodes.[2, 62] For 

a LTO/LCO full-cell configuration, an ultralong cyclability of 117,000 cycles could be 

demonstrated.[2, 76] A cell composed of a LiMn2O4 cathode with a nanostructured LTO anode 

has exhibited an extended stability for 30,000 cycles at a rate of 10C (6 min charge and 

discharge time) with a capacity retention of 95%.[77] A full cell with LiFePO4 cathode in a 

18,650 cell configuration retained its full capacity for 20,000 cycles at a charging rate of 10C 

(6 min charge/discharge time) and still retained 95% after 30,000 cycles at a charging rate of 

15C with discharge rates of 5C, respectively.[78] In total, the high structural stability upon Li+ 

insertion, cyclability, and rate capability render Li4Ti5O12-based anodes suitable for the 

application in battery electric vehicles (BEVs) or stationary power supply with high-power and 

safety demands. 
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LTO has been also investigated as an anode material for SIBs. A capacity of 155 mAh g-1 at 

0.91 V was reported and presented the best cyclability among all reported oxide-based anode 

materials.[79] 

Two sodium ions were inserted per formula unit of the zigzag layered Na2Ti3O7 phase through 

a biphasic process at a very low potential of 0.3 V vs. Na/Na+—the lowest voltage ever reported 

for a transition metal oxide in Na-ion batteries.[80] The fully reduced phase Na4Ti3O7 formed in 

this process was reported to crystallize in an ordered rock-salt-type structure.[81] 

 TiNb2O7 (TNO) 

Besides the already commercialized LTO, TiNb2O7 (TNO) is in the focus of research for an 

application as novel high rate, high-capacity LIB anode material based on its discovery as a 

Li+ ion insertion host by Cava et al. and the work of Goodenough and Kim proposing its 

application as an anode material.[82-83] TiNb2O7 crystallizes in a layered monoclinic structure 

(C2/m space group), where all Ti4+ and Nb5+ metal ions are octahedrally coordinated by 

oxygen. Edge and corner shared octahedral [MO6] units form a crystallographic shear structure 

that can reversibly accommodate Li+ ions in its interstitial sites (Figure 8a (a–d)) oriented along 

the crystallographic [010] direction.[84] Due to the similar ionic radii of Ti4+ and Nb5+ ions, an 

anti-site disorder can be found for this structure.[2, 85] In contrast to LTO, the unit cell volume 

of TiNb2O7 is enlarged by ~7.22% upon Li+ insertion, which can be a reason for experimentally 

observed capacity fading.[2, 85] The maximum theoretical capacity of the material depends on 

the number of transferred electrons and thus on the applied potential window for cycling. For 

a five electron transfer involving the Ti3+/Ti4+ and Nb3+/Nb5+ redox couples, a theoretical 

capacity of 387.6 mAh g-1 is obtained. Cycling in a smaller potential window involving only 

the Nb3+/Nb5+ redox couple and thus a four-electron transfer process TiNb2O7 shows a 

maximum capacity of 310 mAh g-1.[84] The experimentally observed maximum reversible 
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capacity is about 280 mAh g-1 (Figure 8c) when operated in a potential window from 1.0 to 

2.5 V.[86] This corresponds to an insertion of 3.6 Li+ ions per f.u. of TiNb2O7 and is associated 

with a full reduction of Nb5+ and Ti4+ to Nb4+ and Ti3+, respectively, and a partial contribution 

by the Nb4+ to Nb3+ redox couple.[84, 86] The clearly visible feature between 1.5 and 1.75 V vs. 

Li/Li+ in the cyclic voltammogram of NTO[87] (Figure 8b) originates thereby from the 

Nb4+/Nb5+ and Ti3+/Ti4+ redox couples, resulting in an average insertion voltage of about 

1.64 V vs. Li/Li+ at a rate of 0.1C (10 h charge/discharge time).[84] The broader Nb3+/Nb4+ 

redox couple around 1.25 V vs. Li/Li+ thereby only partially contributes to the total capacity 

when cycled down to 1.0 V vs. Li/Li+.[84] 

 

Figure 8 (a) Schematic representation of calculated primitive cell of (1) LiTiNb2O7, (2) Li2TiNb2O7, (3) 

Li3TiNb2O7, and (4) Li4TiNb2O7 with Li-ion insertion sites [84]. (b) Cyclic voltammetry of solid-state 

synthesized TiNb2O7 particle.[87] (c) Galvanostatic charge/discharge curves of mesoporous TiNb2O7 

templated the block copolymer at different current rates.[85] 

(a) Reproduced (modified) with permission from Ref. [84]. Copyright 2011 Royal Society of Chemistry 

(Great Britain). 

(b) Reproduced with permission from Ref. [87]. Copyright 2018 Elsevier. 

(c) Reproduced with permission from Ref. [85]. Copyright 2018 Elsevier. 

Band structure calculations of TiNb2O7 suggest that the material is an indirect semiconductor 

with a bandgap of 2.17 eV[84], whose conductivity significantly increases upon Li+ insertion 

due to a transformation to a metal-like band structure.[84, 86] To alter the band structure and to 

increase the conductivity of delithiated TNO, Nb(IV) doping into the Ti sites can be used as 

was demonstrated for a Ti0.9Nb0.1Nb2O7 stoichiometry.[88] Besides doping, carbon coating or 

nanostructuring of the TiNb2O7 active phase is necessary to enable fast electron and Li+ ion 
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migration at high charge/discharge rates similar to other low-conducting ceramic anode 

materials previously discussed in this chapter.[2] In addition to the increasing power density, 

nanostructuring also mitigates capacity fading of TNO upon extended cycling attributed to its 

unit cell volume expansion[2], which is the prime issue of using TNO as LIB anode material. 

In the recent years, different synthesis approaches for the fabrication of TiNb2O7 as high-rate 

LIB anode material were used, including solid-state reactions of TiO2 and Nb2O5
[84], sol-gel 

routes with polymer templates to generate mesoporous structures[85, 89] (Figure 9), and 

electrospinning of TNO nanofibers[86, 90].  

 

Figure 9 Schematic diagram of the synthesis and formation of block-copolymer-templated mesoporous 

TiNb2O7.[85]  

Reproduced with permission from Ref. [85]. Copyright 2014 The Royal Society of Chemistry. 

Nanostructured mesoporous sol-gel-based TiNb2O7 (Figure 9) anode material shows a high 

reversible capacity of 281 mAh g-1 at a low rate of 0.1C greatly surpassing that of LTO. At a 

rate of 20C (3 min charge/discharge duration) still over 180 mAh g-1 could be realized. The 

cyclability of nanostructure TiNb2O7 is promising with a capacity retention of 84% after 1000 

cycles at 5C (12 min charge/discharge duration) and Coulombic efficiencies close to 100%.[85] 

Research on nanofiber-based TiNb2O7/LiNi0.5Mn1.5O4 full cells showed an operating voltage 

of ~3 V with a reversible capacity of ~100 mAh g-1 at high C-rates and a capacity retention of 

~90% over 700 cycles.[90] Due to the superior reversible gravimetric capacity together with its 
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high-rate capability, TiNb2O7 is a potential LIB anode material for future commercialization 

(BEVs and stationary energy storage batteries) and replacement of LTO, if capacity fading 

upon extended cycling can be affectively addressed and minimized.[2, 84] 

3.2.2 Other transition metal oxides: Li3Nd3W2O12—A garnet-type ceramic 

anode 

Garnet framework materials composed of Li3A3B2O12 structures gained lots of interest since 

Weppners’ group reported Li5La3M2O12 (M = Nb, Ta) garnet materials as potential solid-state 

lithium-ion conductors exhibiting ionic conductivities of > 10-4 S cm-1 at ambient conditions.[2, 

91-92]. Li3Nd3W2O12 is a member of the garnet framework structure family and was investigated 

by Goodenough and his coworkers as a possible insertion-type anode material.  

The crystal structure of Li3Nd3W2O12 can be described as a Li3A3B2O12, where Li occupies 

square antiprismatic, octahedral, and tetrahedral sites in a 3:2:3 ratio (Figure 10).[92-93] The 

tetrahedral Li-sites are bridged by empty octahedral sharing opposite faces with two tetrahedral 

sites. Every face of a Li-site is bridged to neighboring Li-sites by the means of octahedral sites 

creating a 3D interstitial space, which can theoretically host up to 9 mol of lithium. 

 

Figure 10 (a) Schematic representation of Li3A3B2O12 garnet framework and (b) octahedral and tetrahedral 

Li+ ion occupancies.[93] 

Reproduced with permission from Ref [93]. Copyright 2007 Elsevier. 
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However, there is a practical limit of 7 mol of Li per formula unit. The W4+/5+ and W5+/6+ redox 

couples (Figure 11a) in Li3Nd3W2O12 can be used to host reversibly Li ions resulting in a 

theoretical capacity of 106 mAh g-1. This material benefits from a low operating voltage of 

0.3 V vs. Li/Li+ with high-power capability (Figure 11). Nevertheless, an irreversible huge 

capacity loss in the first cycle and the high sensitivity toward H2O and CO2 with the formation 

of insulating carbonates are the main drawbacks of this material.[92, 94] In order to address the 

last point, Satish et al. were able to protect the lithium garnet network and keep it 

electrochemical active by a uniform carbon coating.[92] Moreover, Luo et al. showed that 

Li3Nd3W2O12 synthesized via a sol-gel route consists of smaller primary particles and shows a 

superior rate performance and cycling stability as compared to Li3Nd3W2O12 prepared by a 

conventional solid-state method.[91] 

 

Figure 11 (a) CV curve of Li3Nd3W2O12 with indicated wolfram redox couples and (b) galvanostatic 

charge/discharge curve for first two cycles.[91] 

Reproduced (modified) with permission from Ref. [91]. Copyright 2018 American Chemical Society. 

Satish et al. and Luo et al. also reported the electrochemical performance on a full-cell level 

with Li3Nd3W2O12 as anode and LiMn2O4 and LiFePO4 as a cathode, respectively.[91-92] Satish 

et al. reported that the Li3Nd3W2O12/LiMn2O4 full cells deliver an initial discharge capacity of 

around 115 mAh g-1 at 1C (100 mA g1) and 82 mAh g-1 after 100 cycles (capacity retention of 

71%) within a working window of 2.95–3.9 V.[92] The Li3Nd3W2O12/LiFePO4 full cell reported 
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by Luo et al. exhibits an initial discharge capacity of around 110 mAh g-1 within a working 

window of 2–3.4 V, which only slightly decreases during the following 20 cycles to reach 

100 mAh g-1.[92] 

3.2.3 Silicon (SiON, SiCN, SiOC and related)-based ceramic anodes 

Polymer-derived silicon oxycarbide (SiOC) and silicon carbonitride (SiCN) have emerged as 

potential anode materials in the middle of the 1990s. SiOC and SiCN ceramics are typically 

prepared by pyrolysis of organic polymers containing Si, H, C and N, or/and O in an inert 

atmosphere at 1000–1600 °C, or alternatively via a sol-gel approach.[95-96] The microstructure 

of SiOC consists of an amorphous polymer-like Si-O-C network interpenetrated by a 

disordered free carbon phase. Silicon atoms in the Si-O-C network are tetrahedrally bonded to 

oxygen and carbon coincidently forming SiO4-xCx (x = 1–4) building units, which include also 

SiO2 and carbonrich regions.[96-99] The amorphous free carbon phase is composed of isolated 

carbon nanodomains (lower free carbon content) or a carbon percolation network (higher 

amount of free carbon) (Figure 12).[96] The major lithium storage sides aren’t fully ensured, 

yet, whether they are the Si-O-C units or the free carbon phase.[100] Nevertheless, it is expected 

that a reversible capacity of up to 1350 mAh g-1 for SiOC ceramics should be possible.[98] 

 

Figure 12 Schematic synthesis routes of polymer-derived SiOC and SiCN ceramics and sketches of the 

resulting microstructures.[99] 

Reproduced with permission from Ref. [99]. Copyright 2013 Royal Society of Chemistry (Great Britain). 
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SiCN can be obtained with a broad variety of different microstructures tunable by the choice 

of polymers, typically polysilylcarbodiimides or polysilazanes. Polysilylcarbodiimides lead to 

tetrahedrally coordinated silicon SiN4-xCx (x = 1–4) building units and an amorphous carbon 

phase analogous to SiOC. Polysilazanes initiate nanocomposites of Si3N4, SiC, and a free 

carbon phase (Figure 12).[99, 101] 

Nevertheless, the intrinsically poor electrical/ionic conductivity of SiOC and SiCN ceramics 

results in a rather poor electrochemical performance (Figure 13).[95, 97-98] SiOC and SiCN 

ceramics with high free carbon content exhibit a better electrical conductivity and usually a 

better electrochemical performance.[95, 98, 102] Introducing conductive carbonaceous compounds 

such as carbon nanotubes, graphite, or graphene is another strategy to further improve the 

conductivity as was demonstrated by Sang et al. by comparing SiOC and a 3D-graphene-SiOC 

composite.[98] Using SiCN or SiOC ceramics together with Si or Sn nanoparticles is a promising 

approach to increase the capacity, as was demonstrated by Rohrer et al. and Kaspar et al..[96, 

103] 

 

Figure 13 (a) Galvanostatic charge/discharge curves and (b) cycling performance of SiCN synthesized from 

polysilylcarbodiimide at 800 °C [HN1-800(black)] and at 1300 °C [HN1- 1300(red)], respectively.[102] 

Reproduced with permission from Ref. [102]. Copyright 2015 Elsevier. 
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3.2.4 Na-Super-Ionic-CONductor (NASICON)-type battery anodes 

The abbreviation NASICON standing for Na-Super-Ionic-CONductor describes a class of 

ceramic compounds with a stable 3D framework built from two types of transition metal-

oxygen (MO6 and M´O6) octahedra that share all corners with sulfate, phosphate, silicate, or 

arsenate tetrahedra. The resulting interstitial space in the prototype structure of the 

AxMM´(XO4)3 composition can accommodate up to five alkali metal ions depending on the 

oxidation state of the transition metals M, M´ (Fe, V, Ti, Zr, Sc, Mn, Nb, In) and the polyanion 

forming center atom X (S, P, Si, As).[104] Due to the interconnected voids in all directions of 

the structure, an outstanding sodium (also a high lithium and a reasonable K+, Mg2+, Ca2+) 

conductivity is reached which led to an investigation of NASICON structures as solid 

electrolytes from the discovery in 1976 onwards.[104]  

 

Figure 14 Schematic representation of NASICON polymorphs: (a) orthorhombic (Pbna), (b) monoclinic 

(P21/c), (c) triclinic (C1), and (d) corundum like.[105]  

Reproduced with permission from Ref. [105]. Copyright 2011 Springer Nature. 
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Besides the use as solid ion conductors, the capability of sodium and lithium-ion insertion for 

energy storage applications was also systematically investigated for this class of materials. The 

electrochemical potential for (de)sodation or (de)lithiation of a NASICON compound is in the 

first place affected by the comprised transition metals (M, M´) and their oxidation state but is 

in addition altered by the electron-withdrawing properties of the polyanions (XO4), termed as 

induction effect in that context. Furthermore, there exist four structural polymorphs (Figure 14) 

for a given composition, namely an orthorhombic (Pbna), monoclinic (P21/c), triclinic (C1), 

and a corundum-like structure that mainly differ in the alignment of M-M´ dimers 

([MO6]2[XO4]3) along the crystallographic c-axis and which affects the electrochemical 

potential of inserted ions.[104]  

The electrochemical potentials for (de)lithiation of selected NASICON structures with 

differing transition metal redox couple can in principle be ordered as following: V4+/V5+ (4.6 V 

vs. Li/Li+) > V3+/V4+ (3.8 V vs. Li/Li+) > Fe2+/Fe3+ (2.8 V vs. Li/ Li+) > Ti3+/Ti4+ (2.5 V vs. 

Li/Li+) > Nb4+/Nb5+ (2.2 V vs. Li/Li+) > Nb3+/Nb4+ (1.8 V vs. Li/Li+) > V2+/V3+ (1.7 V vs. 

Li/Li+) > Ti2+/Ti3+ (0.4 V vs. Na/Na+).[104, 106] The relatively high operating potentials of most 

NASICON compounds mainly led to the development and application as cathode materials in 

solid-state batteries.[107] NASICON structures applicable as anodes are mainly limited to 

zirconium, vanadium, and titanium-containing compounds with electrochemical potentials 

ranging from 0.4 V vs. Na/Na+ (roughly equals 0.7 V vs. Li/Li+) for Na3Ti2(PO4)3 (NTP) 

Ti2+/Ti3+ (0.7 V vs. Li/Li+) up to 2.1 V vs. Na/Na+ for NaTi2(PO4)3 (NTP) based on the Ti3+/Ti4+ 

conversion.[106] In a full-cell solid-state battery configuration with suitable solid electrolytes 

(e.g., NASICON or garnet type) and high-voltage cathodes (e.g., NASICON, layered transition 

metal oxides or spinel structures) cell voltages of 1.7 V and more are obtained.[106, 108] Although 

the reversible capacity of NASICON-type anodes is below that of graphite, the ICL due to the 

initial formation of a metal ion intercalated anode structure is omitted. A further advantage of 
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the NASICON-type anodes conditioned by its relatively high electrode potential is an avoided 

SEI formation.[1] 

Zr-based NASICON anodes (NZP) 

NaZr2(PO4)3 (NZP) was among the first compounds structurally characterized in 1968 and later known to 

be a representative composition of the NASICON structure family.[109] The structure is built up from edge-

sharing [PO4] tetrahedra with [ZrO6] octahedra that form interstitial voids in shape of tunnels for an 

efficient sodium-ion migration and storage (Figure 15).[1] 

 

Figure 15 Schematic representation of NaZr2(PO4)3 (NZP) structure with Na+ ion migration pathways.[111] 

Reproduced with permission from Ref. [111]. Copyright 2013 Royal Society of Chemistry (Great Britain). 

In the range of x = 1–2.5 Na+ per formula unit. NaxZr2(PO4)3 no change in the crystal structure 

is observed, but to reach the full theoretical capacity with three Na+ ions a change in the 

structure can be observed with an accompanied volume change of 10% from NaZr2(PO4)3 to 

Na3Zr2(PO4)3. In a half-cell configuration, an initial capacity of 150 mAh g-1 could be obtained 

which is close to the theoretical value of 153 mAh g-1 for solid-state synthesized material. The 

reversibility and stability of the NZP structure shown by galvanostatic measurements and also 

by high Coulombic efficiencies over 100 cycles render this composition promising for the 

application as SIB anodes.[1, 110] 
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Ti-based NASICON anodes (NTP/LTP) 

Titanium-based NASICON A3Ti2(PO4)3 (A = Na, Li) shares the common 3D framework 

structure of [metal-O6] octahedra and [PO4] tetrahedra connected by shared oxygen corner 

atoms. Sodium-containing Na3Ti2(PO4)3 NTP has been shown to be ordered as a triclinic 

variant of the NASICON prototype structure shown in Figure 16.[106] 

 

Figure 16 Schematic representation of triclinic Na3Ti2(PO4)3 (NTP) structure (a) and galvanostatic cycling 

curve (b) at potential region of Ti3+/Ti2+ plateau.[106] 

Reproduced with permission from Ref. [106]. Copyright 2013 American Chemical Society. 

Remarkable for the Ti-containing NASICON structure (LTP) that can be used as an anode is 

its high room-temperature ionic conductivity of ~10-6 S cm-1[112], which renders the material a 

suitable solid electrolyte for SIBs and LIBs. However, comparable to other ceramic NASICON 

materials, pure NTP and LTP suffer from a low electronic conductivity which requires carbon 

coating, particle size reduction and transition metal doping to achieve higher rate 

performances.[1, 104] NTP as well as Li3Ti2(PO4)3, LTP are widely investigated electro-active 

materials for SIB and LIB applications in terms of their use as anode, cathode, and electrolyte 

material. However, the insertion potential related to the Ti3+/Ti4+ redox couple with ~2.5 V vs. 

Li/Li+ or 2.2 V vs. Na/Na+ in LTP or NTP, respectively, are considered to be too high to be 

used as anodes and too low to be employed as cathodes in nonaqueous LIBs or SIBs.[104] To 

apply Ti-based NASICON as anode in nonaqueous environment, insertion at ~0.4 V vs. Na/Na+ 
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assigned to the Ti2+/Ti3+ redox couple (Figure 16b) is used, which provides a reversible 

capacity of ~60 mAh g-1. The reduction of Na3Ti2(PO4)3 to Na4Ti2(PO4)3 thereby causes a 

structural rearrangement from triclinic to rhombohedral unit cell symmetry.[106] Beyond solid-

state or nonaqueous battery application, Ti-based NTP[113] and LTP[114] NASICON structures 

are investigated as anodes for aqueous batteries in combination with high-voltage layered oxide 

cathodes (LiMn2O4, LiCoO2, etc.). For this application, the anode is operated at a potential of 

~2.6 V vs. Li/Li+ corresponding to the Ti3+/Ti4+ redox couple located within the stability 

window of H2O.[1, 104] High-rate NTP/LTP anode material may be synthesized by various 

approaches; an example is a hydrothermal synthesis of small nanocrystals that are embedded 

in a carbon matrix to form the anode. In combination with a layered oxide cathode and liquid 

electrolyte a capacity of ~40 mAh g-1 with respect to the combined mass of cathode and anode 

is reached at high charge-discharge rates. Furthermore, for aqueous full cells with LTP-C 

composites, a high cycling stability and capacity retention of up to 90% after 1000 cycles at 

high rates of 6C (equals 10 min for full charge/discharge cycle) could be obtained.[104, 115] 



3.3 Conversion-type ceramic anode materials 

 

148 

 

3.3 Conversion-type ceramic anode materials 

A lot of attention has been given to CTAMs for LIBs and SIBs, including mainly transition 

metal compounds (MaXb, M = Mn, Fe, Co, Ni, Cu and X = O, S, Se, F, N, P, etc.). The MaXb 

materials undergo reversible electrochemical redox reactions with Li+/Na+ leading to the 

formation of transition metal particles M and a binary lithium/sodium compound LinX/NanX. 

After delithiation, the initial state is (theoretically) formed again (Eq. 2): 

MaXb + (b × n)Li+ + (b × n)e-   ⇌   aM + bLinX 

MaXb + (b × n)Na+ + (b × n)e-  ⇌   aM + bNanX  (2) 

The reaction potential determined by the ionicity of the M-X bond is normally in the range of 

0.5–1.0 V vs. Li/Li+, with increasing ionicity the potential shifts to higher values. The low and 

safe lithiation potential together with a high theoretical specific capacity are the main 

advantages of the CTAMs.[116-118] Nevertheless, the conversion-type compounds suffer from 

poor reaction kinetics, low electronic and ionic conductivity, huge volume expansion (>200%), 

large potential hysteresis, and continuous electrolyte decomposition.[116-118] CTAMs used in 

SIBs reveal additionally a low initial Coulombic efficiency and a poor cycling stability.[118] 

Nanoengineering is a very promising strategy to address these drawbacks. Downsizing is of 

great interest because the reaction of the formed nanosized transition metal M with the binary 

lithium/sodium compound is more favorable due to an increased electrode-electrolyte 

interphase and a decreased diffusion length enabling faster reaction kinetics. In addition, it has 

been demonstrated by numerous research groups that nanostructured materials can at least 

partially accommodate volume changes during cycling. The conductivity of the CTAMs can 

be further improved by introducing carbonaceous support materials, which inhibits the 

electrolyte from decomposition.[116, 118] Even more efficient is using the CTAMs together with 

an alloying-type material as composites, which enable to efficiently reduce the voltage 
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hysteresis.[116] Iron oxides are well-studied CTAMs in both LIBs and SIBs. Besides the high 

specific capacities, additional advantages of this class of materials are their low cost, high 

abundance, environmental friendliness, and the high corrosion resistance. Especially, the 

hematite α-Fe2O3 and the magnetite Fe3O4 phase are thoroughly investigated. The hematite 

phase α-Fe2O3 has a theoretical specific capacity of 1008 mAh g-1, involving a six-electron 

redox reaction (Eq. 3):[2, 118-119] 

Fe2O3 + 6Li+ + 6e-    ⇌   2Fe + 3Li2O 

Fe2O3 + 6Na+ + 6e-   ⇌   2Fe + 3Na2O    (3) 

Nevertheless, the low electrical conductivity and the large volume changes during 

electrochemical cycling are serious drawbacks of hematite. Nanoengineering, as mentioned 

before, and the addition of carbon support materials are successful strategies to alleviate this 

problem, as, for example, proved by Zhao et al., Zhang et al., Aravindan et al., and Kong et 

al..[2, 26, 118-119] 

Zhao et al. reported a yolk-shell Fe2O3/C composite anchored on multiwalled carbon nanotubes 

(MWNT).[119] They could demonstrate that this composite exhibits a promising cycling 

stability together with high specific capacities for both lithium and sodium storage (Figure 17). 

That excellent performance was attributed to the good electrical conductivity provided by the 

MWNT and the carbon coating and the void space which has a buffering effect on the volume 

changes of Fe2O3.
[119]  
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Figure 17 Hematite phase α-Fe2O3/MWNT/C anode in LIBs: (a) CV curves at a scan rate of 0.5 mV s-1, (b) 

discharge/charge curves at 0.2 A g-1, (c) cycling performance at 0.2 and 2 A g-1 and in SIBs (d) cycling 

performance at 0.2–1.6 A g-1.[119] 

Reproduced with permission from Ref. [119]. Copyright 2015 Royal Society of Chemistry (Great Britain). 

Magnetite Fe3O4 is also a promising CTAM. It has a better electrical conductivity compared to 

α-Fe2O3 due to an electron exchange between the Fe2+ and Fe3+ centers. The theoretical specific 

capacity is a little bit lowered with 926 mAh g-1, involving an eight-electron process (Eq. 4):[2, 

118] 

Fe3O4 + 8Li+ + 8e-    ⇌   3Fe + 4Li2O  

Fe3O4 + 8Na+ + 8e-   ⇌   3Fe + 4Na2O    (4) 
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The reduction of Fe3O4 to Fe0 takes place at a potential around 0.7 V vs. Li/Li+ and the back 

reactions from Fe0 to Fe2+ to Fe3+ occur at around 1.7 and 1.8 V vs. Li/Li+. Unfortunately, 

similar to hematite and the other CTAMs, magnetite also suffers from relatively high volume 

changes during electrochemical cycling that rapidly lead to the deterioration of the electrode 

morphology. Among others, Fu et al. successfully demonstrated that nanosizing and 

nanostructuring are beneficial for the electrochemical performance of Fe3O4. Combining Fe3O4 

nanoparticles with a conductive support like graphene in the form of a composite material is 

an even more promising approach to stabilize and fully utilize the material.[120] Spinel oxide 

NiCo2O4 was first reported as a conversion material for SIBs.[121] A reversible conversion 

reaction was then reported (Eq. 5): 

NiCo2O4 + 8Na   ⟶   Ni + 2Co + 4Na2O   (5) 

Following this work, many transition metal oxides have been reported as anode materials for 

SIBs showing a conversion reaction, such as iron oxides Fe2O3 and Fe3O4
[122], cobalt oxide 

Co3O4
[123], nickel oxide NiO[124], tin oxides SnO and SnO2

[125], and copper oxide CuO[126]. 

Similar to the conversion-type anodes for the LIBs discussed above, nanosizing and carbon 

coating were shown to tremendously improve the performance of conversion-type anodes also 

in SIBs to reach reversible capacities up to 400 mAh g-1. Similar to the above-mentioned 

CTAMs, Sn, Sb, and Zn-based compounds (MaXb, M = Sn, Sb, Zn and X = O, S, P, etc.) 

undergo conversion reactions with Li+ or Na+ up to respective metal state. In addition to the 

conversion process, the formed metals can accommodate further amounts of Li+/Na+ upon 

subsequent polarization to form LixM or NaxM alloys. The theoretical specific capacity of such 

conversion and alloying materials is, therefore, higher than that of “pure” conversion-type 

materials, which is one of their biggest advantages. The alloying/dealloying reaction suffers 

from huge volume changes upon lithiation and delithiation leading to internal stress and the so-
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called pulverization, which is probably the most challenging problem of conversion-alloying 

materials (Figure 18). 

 

Figure 18 Schematic representation of volume changes accompanying conversion and alloying processes in 

LIB and SIB anode materials. 

Reproduced with permission from F. Zoller (2019). 

Those problems are even more severe in the case of SIBs. The volume expansions are more 

pronounced compared to the Li+ counterparts due to the larger ionic radius of Na+ (1.02 Å; Li+: 

0.59 Å). Resulting volume changes also cause an unstable SEI. Both, pulverization of the 

electrode and an unstable SEI thereby result in a limited cycling stability and performance.[2, 

118] Tailoring the bulk materials down to the nanosized range is again proven as a promising 

strategy. In addition, the use of soft carbonaceous support material can be beneficial to buffer 

volume changes. Among others, tin oxides are considered to be promising conversion-alloying 

anode materials for SIBs and LIBs due to their environmental friendliness, the low costs, and 

their high specific capacities. The reaction of SnOx with Li+/Na+ can be divided into two parts. 

At first, SnOx undergoes a conversion reaction (Eq. 6):[2, 118] 

SnOx + 2xLi+ +  2e-    ⇌      Sn + xLi2O      

SnOx + 2xNa+ +  2e-  ⇌      Sn + xNa2O    (6)  

Followed by the alloying step (Eq. 7):  

Sn + xLi+ + xe-    ⇌  LixSn   (0 ≤ x ≤ 4.4) 

Sn + xLi+ + xe-    ⇌  LixSn   (0 ≤ x ≤ 3.75)   (7) 
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According to these equations, a theoretical specific capacity of 1138 and 1494 mAh g-1 for SnO 

and SnO2 are obtained upon the reaction with Li+, respectively. In the case of Na+, values of 

1022 (SnO) and 1378 mAh g-1 (SnO2) are theoretically achievable. Tin oxides suffer from huge 

volume changes which result in an inferior electrochemical performance as pointed out above. 

It should be also mentioned that the conversion step is often discussed to be irreversible, 

especially in the case of bulk material. It is, however, reported that the conversion step becomes 

reversible or at least partially reversible in the case of nanosized tin oxides. Hence, 

nanoengineering and also the use of carbonaceous support materials is a promising way to 

improve the performance. Nanomaterials can provide voids that accommodate the internal 

structural strain during cycling. Together with the buffering effect of the carbonaceous support 

materials and the increased overall electrical conductivity, this leads to an improved 

electrochemical performance. Introducing dopants (such as antimony) into tin oxides is an 

additional strategy to ameliorate the conductivity and thus the cycling behavior.[127]  

 

Figure 19 (a) Cyclic voltammetry of Sb:SnO2 nanoparticles on rGO and (b) cycling performance of 

conversion and alloying-type (Sb:)SnO2 nanoparticles on rGO.[128]  

Reproduced with permission from Ref. [128]. Copyright 2018 John Wiley and Sons. 

Combining these strategies is also very promising as it was demonstrated recently by the 

Fattakhova-Rohlfing group using nanosized Sb-doped SnO2 and reduced graphene as support 

material exhibiting an excellent electrochemical performance (Figure 19).[128] 



3.3 Conversion-type ceramic anode materials 

 

154 

 

Since the M-S bonds in metal sulfide are weaker than the corresponding M-O bonds in metal 

oxides, sulfides can be kinetically favorable for conversion reactions with Na+ ions. Therefore, 

many transition metal sulfides such as MS or MS2 with M = Co, Mo, Fe, Sn, Cu, Mn, Zn, Ni, 

or Ti, have been studied.[5, 13] Depending on the transition metal elements, the Na+ ion storage 

mechanism of metal sulfide materials could be classified as the conversion reaction and/or 

combined insertion and the alloying reaction. The introduction of carbon additives such as 

graphene or carbon nanotubes into active materials is indispensable to have advantages over 

conversion materials such as accommodation of large volume expansion/shrinkage resulting in 

effective stress relief. 

The alloying materials have been also studied as anodes for SIBs for the same reasons as the 

conversion materials, that is to say the possibility to react with a large number of sodium 

reversibly at relatively low operating voltage (<1 V).[8] However, the main drawback of these 

materials (metals, metalloids, or polyatomic nonmetal compounds) is a large volume change 

during the alloying-dealloying reaction. Because of constrains imposed by the battery 

packaging, such volume change leads to mechanical stress of the active particles. Due to the 

relatively large abundance in the Earth crust, silicon has been widely studied but Morito et 

al.,[129] who report that contrary to the 4.4 lithium-ions uptake, only one sodium per Si could 

be uptaken with a very low diffusion. Nevertheless, Xu et al. demonstrated an excellent 

reversibility of Si nanoparticles composed of both amorphous and crystallize Si with a capacity 

of 279 mAh g-1 at 10 mA g-1.[130] Later, the sodiation/desodiation behavior of microsized and 

nanosized crystalline Si was investigated and it was shown that the amorphization of Si in the 

course of the first sodiation leads to the break of the majority of the Si-Si bonds, and crystalline 

Si is transformed into an amorphous Na-Si alloy. Finally, after the desodiation process, the 

amorphous structure is maintained. Similarly to silicon, germanium could form bonds with 

only one sodium and cannot store it in its crystalline structure due to the large ionic size of 
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sodium. Then, numerous studies have been performed in order to design nanostructured 

materials as nanowires or thin films achieving almost the theoretical capacity of 350 mAh g-1.[5] 

Another element of choice from the group 14 of the periodic table remains tin. Indeed, the 

metal could in theory form Na15Sn4 alloy (847 mAh g-1) through several intermediates. Ellis et 

al. and Ong et al. have experimentally demonstrated that Sn undergoes a reversible 

electrochemical redox reaction to reversibly form Sn-Na intermetallic phases.[131-132] The 

microstructural evolution and phase transformation study proves, however, the volume 

expansion from 56% for the amorphous NaSn2 to 336% and 420% to Na9Sn4 and Na15Sn4, 

respectively.[133-134] Therefore, the major part of the published work deals with the serious 

volume changes during alloying-dealloying reactions. In order to buffer the volume changes, 

carbon coatings using sophisticated core-shell architectures were mostly explored, leading to 

the delivery of a high specific capacity of 443 mAh g-1 and reversible sodium storage properties 

with negligible capacity fading after 100 cycles.[135-136] Similarly, the group 15 elements of the 

periodic table (Sb, P, Bi, and As) offer the possibility of a large specific capacity as anode 

materials with the same drawback of volume expansion during the charge. Antimony delivers 

a theoretical capacity of 660 mAh g-1 according to the formation of Na3Sb (full sodiation 

state).[137] The same strategy of carbon coating was then investigated to limit the large volume 

expansion (390%). Nanostructuring of Sb to 10–20 nm significantly improved the kinetics. For 

example, the preparation of uniform nanofiber structures with Sb nanoparticles embedded 

homogeneously in the carbon nanofibers leads to a large reversible capacity of 631 mAh g-1 at 

C/15, a greatly improved rate capability of 337 mAh g-1 at a rate of 5C and an excellent cycling 

stability for over 400 cycles.[138] With a theoretical capacity of 2596 mAh g-1 associated with 

the formation of Na3P, phosphorous is another element of choice as anode for SIBs. Among 

three known allotropes of phosphorous, the white one cannot be used due to its instability. The 

crystalline black phosphorous transforms at 550 °C to the amorphous red form. These two 
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forms of phosphorous were tested as electrode materials, showing a huge volume change 

(490%) during the electrochemical sodiation/desodiation process. An amorphous red 

phosphorous/carbon composite anode has been reported showing a reversible capacity of 

1890 mAh g-1 and good rate capability delivering 1540 mAh g-1 at a high current density of 

2.86 A g-1.[7] Recently, a variety of amorphous phosphorous with nano-architectures and 2D or 

3D carbon matrices exhibiting high conductivities were applied to achieve high capacities and 

stable cycling.[139-141] Bismuth reacts with sodium as well to form Na3Bi with an intermediate 

NaBi alloy leading to a capacity of 385 mAh g-1.[142] Binary intermetallic alloys have also been 

studied which implies the use of an electrochemically inactive transition element (Ni, Cu, Zn, 

and Mo) together with an active element (Sn, Sb, and Bi). The beneficial role of the inactive 

element is to buffer volume changes in the course of the alloying-dealloying process. As 

proposed by Liu et al. with highly porous Ni3Sn2 microcages composed of tiny nanoparticles, 

the mechanical strain of Sn during charge/discharge processes is effectively suppressed by the 

hollow core structure and the presence of a Ni matrix in the hollow microcages.[143] Moreover, 

homogeneously encapsulated Ni converted from the sodiation of Ni3Sn2 is beneficial for the 

required electron transport. As a result, a high reversible capacity of 348 mAh g-1 and a stable 

cycle retention of 91% after 300 cycles at 1C were demonstrated. 
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3.4 Protective ceramic coating of alkali metal anodes 

There is an increasing need for high-energy density storage to boost the performance of BEVs 

or large energy storage systems. Solid-state LIBs and SIBs employing (mostly) ceramic 

electrolytes are intrinsically safer than their conventional moisture-sensitive counterparts 

employing organic solvents. To further increase the safety of LIBs and SIBs and prevent 

possible thermal runaways, the use of carbonaceous anodes (graphite, etc.) should therefore be 

avoided. The use of ceramic anodes, as discussed in the previous part of this chapter, provides 

a possible solution. However, due to the relatively high potential vs. Li/Li+ (e.g., most 

NASICON or LTO anodes >1 V vs. Li/Li+) or Na/Na+ (e.g., most NASICON or LTO anodes 

>1 V vs. Na/Na+), the overall capacity of the cell employing ceramic anodes is rather limited. 

A breakthrough in the energy density of LIBs and SIBs can be achieved only when light-weight 

lithium or sodium-containing anodes with a very high specific capacity are used as anodes, and 

light-weight multi-ion reaction enabling elements such as sulfur and oxygen are used as 

cathodes. The main reason for the capacity limitation of today’s LIBs is the cathode and its 

single-ion intercalation mechanism (valid for most layered transition metal oxides like LiCoO2) 

exhibiting a theoretical capacity at a maximum of only 250 mAh g-1. In contrast, the cathodes 

based on multi-ion reactions like S and O2 have a really significantly higher theoretical capacity 

of 1672 mAh g-1. Metallic lithium itself is an ideal candidate as anode for S and O2 cathodes 

due to its highest theoretical capacity of 3860 mAh g-1 and the most negative electrochemical 

potential of 3.04 V vs. SHE. Furthermore, the theoretical energy densities of Li-O2 

(3505 Wh kg-1) and Li-S (2567 Wh kg-1) systems are remarkably higher than that of present 

LIBs (387 Wh kg-1; commercialized graphite/LiCoO2). Using metallic lithium directly as 

anode has been long seen as not achievable due to the following reasons: first, and probably 

the most important issue is the unrestrained formation of dendrites which can lead to short 

circuits, fire, or explosion in the presence of flammable electrolytes. Moreover, irreversible 
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reactions of the metallic lithium with the electrolyte, or the cathode materials result in a loss of 

active material and a fast increase of the cell impedance which means a rapid capacity fading. 

Another problem is caused by the volume changes within the metal anode upon cycling. This 

can cause lithium corrosion, pulverization of the anode, and the formation of a large amount of 

inaccessible (electrochemically inactive) lithium.  

 

Figure 20 Discharge capacities and Coulombic efficiencies of bare (a) and ALD-protected (b) Li metal 

anodes of Li-S cells.[144] 

Reproduced with permission from Ref. [144]. Copyright 2015 American Chemical Society. 

There are different strategies to address those problems, for example, tailoring the anode 

structure, using new and/or optimized electrolytes or building a protective layer (or artificial 

SEI).[145] Protective coatings have to fulfill certain requirements. They should be stable against 

lithium and the electrolyte, both mechanically strong and flexible, ionically conductive, and 

electrically insulating and have a high transference number. Protective layers based on 

polymers or ceramics are probably the most promising material classes.[145-146] LiF, Al2O3, 
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Li3N, SiO2, Li3PO4, or LiPON have been, for example, explored as possible inorganic surface 

protective layers. Atomic layer deposition (ALD) is a very promising method for preparing 

those layers because it enables a high uniformity with a very low layer thickness down to the 

subnanometer range at the same time.[144-147] 

Kozen et al. prepared ALD-protected Li-metal anodes with a 14 nm layer of Al2O3 and used 

them in Li-S batteries. They could demonstrate the superior electrochemical performance of 

the ALD-protected anode compared to the bare Li-foil exhibiting after 100 cycles a specific 

capacity of around 1080 mAh g-1 compared to 600 mAh g-1, respectively (Figure 20).[144] 
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4. Tin Oxide Based Nanomaterials and Their Application as 

Anodes in Lithium-Ion Batteries and Beyond 

This chapter is based on the following publication: 

Zoller, F.,* Böhm, D.,* Bein, T. and Fattakhova‐Rohlfing, D., ChemSusChem, 2019, 12, 4140 

– 4159 (* the authors contributed equally to the work) 

A cover image (ChemSusChem, 18/2019) and profile associated with this publication can be 

found in the following Section 4.1. 

 

 

 

The TOC graphic shows the lithiation, sodation 

and potassiation of SnO2 based composite 

materials. Occurring large volume changes 

related to the conversion and alloying reaction 

with alkali metal ions and its detrimental effect 

on the nano- and microstructure are identified as 

main obstacle for commercial application as 

anode material in secondary batteries. 

Fabrication of diverse 3D nanostructures, 

composite formation and doping are presented 

as possible solutions to enhance the cycling life 

and rate capability. 

 

Reprinted with permission from: Zoller, F., Böhm, D., Bein, T. and Fattakhova‐Rohlfing, D., ChemSusChem, 

2019, 12, 4140 – 4159. Copyright (2019) The Authors. Published by Wiley-VCH Verlag GmbH & Co. KGaA. 
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4.1 Cover image and profile 
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Reprinted with permission from: Zoller, F., Böhm, D., Bein, T. and Fattakhova‐Rohlfing, D., ChemSusChem, 

2019, 12, 4140 – 4159. Copyright (2019). © 2019 Wiley‐VCH Verlag GmbH & Co. KGaA, Weinheim 
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4.2 Introduction 

Lithium-ion batteries (LIBs) represent the most advanced electrochemical energy-storage 

technology for powering mobile and consumer applications, with energy and power densities 

greatly exceeding those of other battery systems. Although enormous progress in the 

performance of LIBs has been achieved in recent decades, making even large-scale energy 

storage applications, such as electric vehicles feasible, the constantly growing demand for 

electrical energy storage devices necessitates the development of novel battery chemistries to 

further increase the energy density on the cell level.[1-2] 

By using materials with different energy-storage mechanisms, such as alloying or conversion, 

instead of the state-of-the-art insertion anode material, graphite, is a promising way to 

significantly increase the charge-storage capacity. 

Tin-based conversion and alloying anode materials gained considerable attention in recent 

years due to their high theoretical capacity. Metallic tin, tin alloys, stannates, or tin 

chalcogenides such as tin (di)sulfide and tin (di)oxide were intensively investigated as battery 

anode materials.[3] Among the listed materials classes, metallic tin features the highest 

theoretical capacity, but suffers from severe stability issues upon cycling. Although 

nanostructuring or alloying were shown to be promising concepts to improve long-term 

stability, the use of metallic tin as an anode remains very challenging.[3]  

Tin dioxide (SnO2) and layered sulfides (SnS or SnS2) exhibit comparable theoretical 

capacities. However, tin oxides show faster lithiation/delithiation kinetics and a greatly 

enhanced cyclability, whereas the Li insertion and conversion reaction with SnS2 is only partly 

reversible.[3] Therefore, SnO2 is believed to be a potential candidate as an active anode material 

for nextgeneration LIBs.  

It was more than 20 years ago that tin oxide materials were reported, for the first time, by Idota 

et al. from the Fuji Photo Film Celltec Co. (Japan) company as highly promising anode 
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materials.[4] Since that time, tin oxide containing materials have gained tremendous attention 

due to the high theoretical and volumetric capacity, biological compatibility, environmental 

friendliness, and rather low cost. Moreover, the low discharge potential of SnO2 makes it even 

more attractive as an anode material in LIBs.[5-6]  

The lithium reaction with SnO2 has been long believed to proceed through two major steps, 

namely, a conversion reaction followed by a subsequent alloying/dealloying process; this was 

substantiated by various in situ studies.[7-11]  

However, more recent theoretical calculations[12-13] and in situ scanning transmission electron 

microscopy on nanowires[12] suggested the occurrence of Li+ insertion into the SnO2 lattice 

preceding the abovementioned steps (Figure 1). 

 

Figure 1 Cyclic voltammogram of a flat SnO2 model electrode with a schematic representation of the 

electrode composition, intermediate phases during lithiation, and redox features associated with interfacial 

reactions with the organic and inorganic part of the electrolyte. EC=ethylene carbonate, DMC=dimethyl 

carbonate.[14] 

Reproduced with permission from Ref. [14]. Copyright 2018, American Chemical Society. 

 

Based on the latest findings, the total process of the lithium reaction with SnO2 can be presented 

as Equations (1)–(3). 
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Insertion (intermediate phase): 

                         SnO2 + xLi+ +xe-   ⇌   LixSnO2   (1) 

Conversion: 

                                   SnO2 + 4Li+ +4e-   →   Sn + 2Li2O    (2) 

> 1.2 V vs. Li/Li+ with ≈ 711 mAh g-1 [14] 

Alloying/De-alloying: 

                                            Sn + xLi+ +xe- → LixSn (0 ≤ x ≤ 4.4)   (3) 

< 0.5 V vs. Li/Li+ ≈ 783 mAh g-1 [14] 

The LixSnO2 intercalation compound (according to Eq. 1) is an intermediate phase formed by 

a long-range Li+ diffusion into the SnO2 phase mediated by the nucleation of dislocations.[12] 

Ab initio calculations for the first lithiation cycle predicted Li2SnO3 and Li8SnO6 as 

compositions of intermediate phases.[13] Recently, Ferraresi et al. found strong experimental 

evidence for the existence of these phases by combining electrochemistry, post-mortem XPS, 

and SEM imaging together with DFT calculations.[14] Scarce literature reports indicate that the 

composition and spatial distribution of intermediate Li-Sn-O phases and the reversibility of 

subsequent reactions steps are strongly affected by the composition and morphology of parent 

SnO2 electrodes.  

The crystallinity and the composition (exact stoichiometry, defects, surface termination, 

impurities) as important parameters of SnO2 materials, all influenced by the choice of 

precursors and the way of fabrication, are viewed as factors affecting their electrochemical 

performance and stability. Studies on a flat amorphous SnO2 film taken as a model electrode 

demonstrate that the reversibility of the reaction steps strongly depends on the reactions during 

the first lithiation cycle, as proposed by calculations on the LixSn phase diagram.[12-14]  
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Figure 2 Schematic representation of unit cells of (a) SnO2 (rutile P42/mnm), (b) α-Sn (cubic 𝑭𝒅𝟑𝒎), and 

(c) β-Sn (I41/amd). Grey and red spheres represent Sn and O atoms, respectively.[13] 

Reproduced (adapted) with permission from Ref. [13]. Copyright 2015, Royal Society of Chemistry. 

 

The typical cyclic voltammogram (Figure 1) furthermore shows redox features of side-

reactions at the interface associated with solid electrolyte interface (SEI) formation and 

electrolyte reduction contributing to the irreversible capacity loss of SnO2 based anodes in the 

first cycles.[14] 

In a subsequent conversion reaction (Eq. 2) the intermediate LixSnO2 compounds are reduced 

to metallic Sn that crystallizes in a Li2O matrix.[12-13] The conversion reaction of SnO2 to 

metallic tin is reported to be irreversible for bulk SnO2, but it can get (partially) reversible for 

nanosized SnO2, greatly depending on the particle size and the morphology.[6-7, 15-18] 

Upon further Li-ion uptake the surrounding matrix with metallic Sn particles is lithiated to 

form LixSn alloys (Eq. 3). It has been shown that, starting from the β-Sn phase, a mixture of 

the cubic α- and the tetragonal β-Sn (Figure 2b and c) is formed, with the α-phase being 

stabilized for small nanostructures.[13, 19] The alloying/de-alloying process between Sn and Li+ 

is considered to be reversible.[17-18] 

According to the experimentally determined and ab initio calculated LixSn phase diagrams, the 

following Li-Sn alloys are proposed to form during the lithiation/delithiation cycles with 

increasing Li content : LiSn – Li13Sn5 – Li7Sn2
 up to Li17Sn4 (Figure 3 a-d).[13] 
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Figure 3 Schematic representation of theoretically predicted intermediate LixSn alloys: (a) LiSn, (b) Li13Sn5, 

(c) Li7Sn2, and (d) Li17Sn4. Green and grey spheres represent Li and Sn atoms, respectively.[13] 

Reproduced (adapted) with permission from Ref. [13]. Copyright 2015, Royal Society of Chemistry. 

 

The specific capacity of the SnO2 anodes is greatly dependent on the reversibility of different 

reaction steps. The theoretical capacity of the complete reaction, including both conversion and 

alloying is as high as 1494 mAh g-1, but it reduces to 783 mAh g-1 if only the 

alloying/dealloying reaction is reversible. It should be noted, however, that, even if only partial 

reversibility of the alloying/dealloying step is possible, the specific capacity still significantly 

exceeds that of graphite (372 mAh g-1).[20]  

Apart from the quasi-irreversibility of the conversion reaction and subsequent severe capacity 

loss during the first cycles, SnO2-based anodes suffer from large volume changes of up to 250% 

during the alloying and dealloying process.[8] This causes internal stress that leads to 

pulverization of the electrode. Moreover, in situ XRD and TEM measurements also reveal that 

the formed tin particles can agglomerate into tin clusters that are less electrochemically active. 

Last, but not least, volume changes impede the formation of a stable SEI, which prevents 

further electrolyte decomposition. These factors are responsible for fast capacity fading and 

decreased cycling performance upon repeated cycling,[7, 15, 17-20] and are the main reasons that 

SnO2-based anodes have not yet been commercialized.  
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The shortcomings of SnO2-based anodes are mainly addressed by using two main strategies. 

One is to tailor bulk SnO2 down to the nanosize and/or to nanostructure the SnO2 compounds 

towards nanoparticles,[19, 21-22] 1D nanorods,[23] nanowires,[24-25] nanotubes,[26] 2D 

nanosheets,[27-28] and 3D porous[29-30] or hollow[18, 31] structures. Nanosized materials are known 

to accommodate large volume changes and to shorten diffusion paths for electrons and lithium 

ions. Porous or hollow structured (nanosized) SnO2 can provide additional free space to reduce 

the problems of pulverization and large volume changes.[2] Another effective approach is the 

fabrication of composites of SnO2 and carbonaceous materials. The carbonaceous supports 

increase the overall conductivity of the composites and can also buffer large volume changes 

of SnO2 during alloying and dealloying. There are many reports on carbon coating of SnO2,
[32-

37] as well as composites consisting of SnO2 and carbonaceous materials, including carbon 

nanotubes (CNTs),[38-42] fibers,[43-44] aerogels,[45] hollow spheres,[46-47] and graphene[48-50]. 

Herein, we introduce recent developments regarding different tin oxide-based anode materials 

systems, with a focus on the properties of the materials that affect their application in future 

energy-storage devices. Based on the analysis of key electrochemical properties, the phases 

identified during electrochemical transformations and the consequences arising for the 

reversibility of their transformations, the general goal of this Minireview is to indicate solutions 

to maximize the initial storage capacity and to overcome ICL, which is mainly associated with 

the conversion reaction. The most promising strategies to improve the performance of SnO2-

based anodes, such as nanostructuring, doping, and composite formation, to obtain high-rate 

and high-capacity anodes for future LIBs, and potentially also for sodium- (NIBs) and 

potassium-ion batteries (KIBs), are discussed in separate sections. 
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4.3 Nanostructured Phase-Pure SnO2 LIB Anodes 

Large volume changes, together with repeated cycling of bulk SnO2, leads to pulverization of 

the anode and to decreased electrical contact, which causes a drastic loss in capacity within a 

few cycles. Other serious drawbacks of pure SnO2 are its low electronic and ionic conductivity. 

A very low room-temperature conductivity of SnO2 of 1.82 × 10-8 S cm-1 [51] drastically limits 

its storage and rate capability as an anode material. The measured apparent lithium-ion 

diffusion coefficient is also low; the reported values range from 10-16–10-14 cm 2 s-1 for a 

sputtered metallic Sn film (3 µm thick) to 10-15 – 10-13 cm2 s-1 for amorphous SnO2 tin oxide 

films (≈1.5 µm).[52] 

Similar to other electrode materials with comparable properties (Si can be mentioned as an 

important example), nanostructuring is considered to be a promising strategy to mitigate the 

intrinsic drawbacks of the materials. Nanocrystalline SnO2, with various nanomorphologies, 

can accommodate volume expansion through built-in porosity and reduce the agglomeration 

of Sn clusters by a homogeneous dispersion within a Li2O matrix. It can furthermore decrease 

the required Li+ diffusion pathway by a significantly increased electrode– electrolyte interface, 

and thereby enable a higher flux of ions, resulting in high rate-capable anodes.[1, 53] 

In addition, nanostructured SnO2 may display altered properties, depending on the synthetic 

conditions, such as a significantly increased electrical conductivity of 0.1 – 0.9 S cm-1 

measured on single nanorods[54] or the preservation of nanocrystallinity indicated by the 

presence of an α-Sn phase upon repeated cycling.[13, 19] The presence of a nanocrystalline α-Sn 

phase is thereby correlated to the reversibility of the alloying reaction; however, it is not clear 

whether it is actually the phase that influences reversibility. The α-phase, which is more stable 

on a nanoscale, might indicate the intactness of the initial nanomorphology and, particularly 

the fine distribution of Sn within the Li2O matrix, which is important for reversibility. A 

comprehensive review, with a focus on synthetic routes and electrochemical performance of 
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phase-pure SnO2-based anodes, was published by Chen and Lou in 2013.[1] Hence, we aim to 

provide an update on recent developments of SnO2-based nanostructures applicable as anodes 

in LIBs and to link the properties of materials and initial SnO2 morphologies defined by the 

synthetic parameters with electrochemical performance and stability of the resulting electrodes. 

4.3.1 Nanoparticles 

Diffraction studies on SnO2 anodes revealed an ICL due to the formation of the amorphous 

Li2O matrix and afterwards the loss in reversible capacity upon cycling. The reversibility of 

the reaction upon cycling was correlated to the initial SnO2 crystallite size.[55] Generally, it can 

be said that only if the active Sn material resulting from the conversion of nanosized SnO2 

crystals is well dispersed in the amorphous Li2O matrix is a reversible alloying reaction without 

drastic capacity fading possible (Figure 4a). Larger Sn particles that are not homogeneously 

dispersed in the amorphous Li2O matrix aggregate to form even larger clusters upon cycling, 

which leads to mechanical and electronic disintegration of the electrode (Figure 4b).[6, 55] 

In 2004, Ahn et al. reported SnO2 particles about 11 nm in size, which were prepared through 

a colloidal method, to be an optimum size for lithium storage and reversibility with respect to 

the alloying reaction.[15] In contrast, even smaller SnO2 nanoparticles (e.g., 2 nm) have shown 

a high ICL. 

As a possible reason, increased SEI formation on very small nanoparticles, due to their larger 

electrochemical surface area, as well as a decreased formation of the surrounding Li2O phase, 

were proposed; this may lead to increased aggregation, and thus, capacity fading.[15] 
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Figure 4 Schematic representation of SnO2 anode microstructures formed in the course of de-/lithiation 

cycles and resulting structural changes. a) Structural evolution of a hierarchically nanostructured SnO2 

electrode, with a large number of interfaces and grain boundaries that inhibit Sn/LixSn coarsening and 

allow for a reversible conversion reaction. b) Structural evolution of the initial conversion and first 

lithiation cycle of bulk (>50 nm) SnO2 electrode that permits a quantitative reversible conversion 

reaction.[6] 

Reproduced (adapted) with permission from Ref. [6]. Copyright 2016, Royal Society of Chemistry. 

 

Conclusions about the optimum particle sizes are, however, not corroborated by other reports 

and seem to be strongly influenced by the synthetic route. Thus, Kim et al. reported that 

hydrothermally synthesized particles of about 3 nm in size showed an optimum initial 

(~740 mAh g-1 at 60 mA g-1 for the first cycle discharge current) and reversible capacity and 

cycling stability (negligible fading over 60 cycles at 300 mA g-1 discharge current).[19] 

It can be suggested that the optimum size of SnO2 nanocrystals, with respect to reversible 

capacity and capacity retention, is strongly dependent on the exact nature and amount of 

amorphous Li2O matrix surrounding Sn formed during the initial conversion reaction, which 

is, in turn, affected by the SnO2 nanoparticle synthetic route and initial cycle lithiation 
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parameters (see also the discussion about the reaction mechanism in the Introduction). A recent 

study by Hu et al. suggested that the capacity decay of SnO2-based electrodes with larger 

nanoparticles was not directly induced by mechanical disintegration of the electrode due to 

large volume changes, but associated with a gradual degradation of the reversible conversion 

reaction at potentials below 1.0 V versus Li/Li+.[20] 

Thermal and stress-driven Sn coarsening that could be correlated to the average crystallite size 

has been identified as a main factor responsible for the reversibility of the conversion reaction, 

and thus, the reversible capacity of SnO2-based electrodes. Furthermore, a quantitative relation 

between Sn-grain coarsening and the initial SnO2 crystallite size was found, with a critical size 

of 11 nm for a fully reversible conversion reaction. Smaller crystallites with high-density 

Sn/Li2O interfaces are reported to possess fast enough interdiffusion kinetics that enable a fully 

reversible conversion reaction. Through their synthetic approach based on magnetron-sputtered 

pure SnO2 thin films, Hu et al. obtained an initial capacity of 1066 mAh g-1, with a reversible 

capacity of about 915 mAh g-1 at a rate of 0.2 A g-1 after 20 cycles, which remained stable for 

over 100 cycles followed by a slow decay.[20] 

A further recent example of SnO2 nanoparticles includes the fast and scalable microwave-

assisted hydrothermal synthesis of fine particles of about 14 nm in size. An initial discharge 

capacity of about 1197 mAh g-1, with a reversible capacity of 520 mAh g-1 (2nd cycle), and a 

capacity retention of about 53% (273 mAh g-1) after 50 cycles at 100 mA g-1 were reported for 

this material by Yin et al..[21] 

Jiang et al. demonstrated a large-scale hydrothermal synthesis of SnO2 nanoparticles about 

6 nm in size.[22] Fabricated anodes that were cycled between 0.01 and 3.0 V versus Li/Li+ 

showed an initial discharge capacity of 2223 mAh g-1 at a rate of 0.1 A g-1 with a fast capacity 

fading to about 800 mAh g-1 within the first 20 cycles and a slow decay to 760 mAh g-1 after 

40 cycles.[22] The reported capacity outperforms the values published for other morphologies, 
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such as nanosheets, -tubes, -rods, or -spheres, and is in the range of tin oxide based carbon and 

transition-metal oxide composites. To enhance the rate capability and lithium-storage capacity 

of SnO2-based anodes, Hameed et al. used a hydrothermal synthetic method with the micelle-

forming surfactant Tween-80 to obtain mesoporous powders of connected SnO2 nanoparticles 

(Figure 5) or -rods.[56] 

 

Figure 5 Schematic representation of the synthesis of porous SnO2 electrode materials built from 

nanoparticles. (a) Tween-80 surfactant-mediated synthesis of SnO2 nanoparticles. (b) SEM and TEM 

images of porous SnO2 consisting of interconnected nanoparticles.[56] 

Reproduced (adapted) with permission from Ref. [56]. Copyright 2017, Elsevier. 

 

The resulting electrodes showed an initial discharge capacity of 1877.8 mAh g-1, with fast 

capacity fading within the first 20 cycles to stabilize with prolonged cycling at 641.1 mAh g-1 

at a high discharge rate of 200 mA g-1 (doubled in comparison to the majority of examples 

reported in the literature). The rate capability of the porous nanoparticle electrodes is thereby 

outstanding, with values of 629, 490, and 340 mAh g-1 at current densities of 300, 500, and 

1000 mA g-1, respectively; this is attributed to their open and accessible morphology.[56] Apart 

from 0D structures, in the form of nanoparticles, considerable effort was made, in recent years, 

to fabricate anodes with diverse 1D to 3D morphologies. The goal is to form an optimized 

electrode–electrolyte interface that enables fast lithium diffusion kinetics from the electrolyte, 



4.3 Nanostructured Phase-Pure SnO2 LIB Anodes 

 

181 

 

but also a maximized utilization of active material by offering short diffusion pathways in 

nanostructures. The second aim is to fabricate “breathable” structures that can accommodate 

volume changes induced by the alloying/dealloying reaction during cycling, and therefore, 

prevent mechanical and electrical disintegration of the active material. 

4.3.2 Nanorods 

The synthesis of high aspect ratio SnO2 structures was initially demonstrated by Liu et al. in 

2001 for an inverse microemulsion system (IµE).[57] The reaction conditions, including the 

choice of precursors and a high calcination temperature (≈800 °C), are thereby similar to those 

used in the molten salt synthetic method widely applied for the formation of nanostructured 

ceramic powders. Since then, several groups have adapted the concept of IµE-based synthesis; 

first with a high or moderate temperature and/or salt-assisted calcination and later also by using 

a solvo-/ hydrothermal approach at temperatures as low as 150 °C.[1, 23, 58] 

In 2010, Xi and Yi synthesized nanorods with diameters down to 1–1.5 nm that exhibited a 

strong quantum confinement effect, increasing Eg by about 0.9 eV relative to that of bulk 

SnO2.
[59] A main focus of the work, however, was to investigate the nanorod growth mechanism 

through time-dependent diffraction and high-resolution (HR) TEM measurements. According 

to Equation (4), the formation of sphere-like SnO2 nanoparticles is driven by a mild hydrolysis 

reaction (aqueous urea solution at 90 °C): 

    Sn4+ + 4OH−   →   Sn(OH)4 → SnO2 + 2H2O  (4)  

Larger cubelike SnO2 nanoparticles with defined crystal facets evolve from a classical 

crystallization process known as Ostwald ripening. The 1D nanorod morphology is then 

obtained without templating agents or long-chain organic solvents through an energetically 

driven assembly of particles on their (001) facets to reduce the surface energy, ultimately 

leading to a growth along the [001] orientation. These 1D aggregates of SnO2 nanoparticles 

recrystallize to finally form singlecrystalline SnO2 nanorods.[59] Examples of the nanorod 
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morphology employed in SnO2- based anodes in recent years include the synthesis of SBA-15- 

templated active material by Jiao et al. in 2014.[60] In this work, a solution of SnCl2 is used for 

the infiltration of a mesoporous silica (SBA-15) hard template, which is removed after drying 

and calcination of the SnO2 nanorods inside its aligned pores (Figure 6). 

 

Figure 6 (a) Schematic representation of the proposed mechanism for the formation of rodlike SnO2 by 

using a mesoporous SBA-15 silica template, (b) along with a transmission electron micrograph of the 

product.[60] 

Reproduced (adapted) with permission from Ref. [60]. Copyright 2014, Materials Research Society. 

 

The resulting anode material showed an initial discharge capacity of 1119 mAh g-1 and a 

reversible capacity of about 700 mAh g-1 (2nd cycle) that declined to about 300 mAh g-1 within 

50 cycles at a rate of 100 mAh g-1, which corresponded to a capacity retention of about 43%.[60]  

In 2015, Han et al. synthesized larger, highly aligned SnO2 nanorods in the size range of about 

50 × 100–150 nm on a self-produced Na2Sn(OH)6 substrate through a one-step, template-free 

hydrothermal synthetic method.[61] Single-crystalline rods grew along the [001] orientation on 

the substrate and exposed (110) facets. An initial discharge capacity of 1930 mAh g-1 was 
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determined for this material, with a high reversible capacity of around 1000 mAh g-1 that was 

retained at about 60% at a rate of 100 mA g-1 after 20 cycles (≈600 mAh g-1). 

In 2017, Sennu et al. used a modified precipitation route, with a related mild hydrothermal 

treatment and calcination, to obtain bundles of SnO2 nanorods with dimensions of 2 – 3.5 and 

0.2 – 0.3 µm in length and diameter, respectively.[62] The material morphology resembling 

marine algae is polycrystalline in nature and built up from individual SnO2 particles of around 

10 – 20 µm (Figure 7).  

 

Figure 7 (a) SEM and (b) TEM images of hydrothermally prepared SnO2 nanorod bundle(s).[62] 

Reproduced (adapted) with permission from Ref. [62]. Copyright 2017, Elsevier B.V. 

 

In corresponding half-cell measurements, a high initial discharge capacity of 2697 mAh g-1 

was measured. A reversible capacity of about 695 mAh g-1 fades within 50 cycles to reach 

about 650 mAh g-1, which represents a remarkably high capacity retention of about 94% (scan 

rate of 100 mA g-1 and 24 wt% conductive additive). 

4.3.3 Nanowires and -tubes 

SnO2 conversion and alloying anodes with 1D nanowire morphology were fabricated by 

various synthesis approaches in recent years. Wu et al. synthesized nanowires of about 200 nm 

in diameter and several micrometers in length through a carbon-assisted thermal evaporation 

technique under ambient conditions in a single zone tube furnace.[63] A promising initial 
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reversible capacity of about 1350 mAh g-1, with a capacity retention of about 46% 

(≈620 mAh g-1) after 50 cycles, was achieved at 100 mA g-1. Lee and Kim synthesized SnO2 

nanowire arrays by means of chemical vapor deposition (CVD) with distinct patterns by using 

a photolithographic process.[25] The best performing samples of this type showed an initial 

discharge capacity of about 1600 mAh g-1 and a reversible capacity of about 700 mAh g-1 that 

faded to about 500  mAh g-1 within 50 cycles (≈71% capacity retention), and down to 

400  mAh g-1 within 100 cycles.  

In 2017, Lee et al. were able to synthesize hierarchically branched SnO2 nanowires through a 

two-step CVD method,[24] which showed a slightly increased performance compared with that 

of the work of Lee and Kim.[25] The material also showed initial discharge and reversible 

capacities of about 1600 and 800 mAh g-1, respectively, with 69% capacity retention 

(≈550  mAh g-1) after 50 cycles, and about 400 mAh g-1 after 100 cycles at a rate of 0.1C 

(1C≙400 mA g-1).[24] 

 

Figure 8 Schematic illustration of the formation of SnO2 nanotubes through an oxalate-assisted redox 

etching and precipitating’ route.[64] 

Reproduced with permission from Ref. [64]. Copyright 2017, The Royal Society of Chemistry. 
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Related nanotube SnO2 morphologies were recently investigated by Han et al. in an oxalate-

assisted “redox etching and precipitating”’ route involving MnOOH nanowires and Sn2+ ions. 

SnO2 nanotubes with a diameter of 200 – 250 nm and several micrometers in length were 

synthesized (Figure 8).[64] 

Electrode measurements showed an initial discharge capacity of about 2000 mAh g-1 with a 

high reversible capacity of 1400 mAh g-1 that faded to 700 mAh g-1 within 50 cycles (50% 

capacity retention). Extended cycling showed a rather high stability of the electrode material, 

with a discharge capacity of 500 mAh g-1 after 100 cycles at an elevated rate of 500 mA g-1.[64] 

4.3.4 Nanosheets 

The 2D SnO2 nanosheet morphology and its application as a LIB anode material was 

thoroughly discussed in a review by Chen and Lou in 2012.[65] The electrochemical 

performance of nanosheet-based anodes was found to be greatly influenced by the morphology, 

crystallinity, and phase purity of SnO2, with a strong effect of the precursors used on the 

resulting product. Thus, anisotropic growth of SnO2 with the formation of nanosheets was 

successfully achieved through hydrothermal synthesis with SnCl2 as the precursor.[65] 

However, the presence of fluoride ions, either by using SnF2 as the tin oxide precursor or by 

using an additional fluoride source, such as NH4F, with the actual tin oxide precursor (e.g., 

SnCl2) was shown to lead to the formation of an SnO/SnO2 mixture (for SnF2 as the precursor) 

or phase-pure SnO2 nanosheets (for NH4F as an additive), respectively, under hydrothermal 

conditions.[66-67] 

A recent example for the fabrication of SnO2 nanosheets is given by the work of Narsimulu et 

al., who described the surfactant-and template-free hydrothermal and microwave-assisted 

synthesis of agglomerated SnO2 nanosheets (Figure 9).[27] The respective electrodes showed a 

moderate initial discharge capacity of 1350 mAh g-1, with a reversible capacity of 873 mAh g-1 

that faded to 258 mAh g-1 within 50 cycles at a rate of 100 mA g-1.[27] 
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Figure 9 (a) TEM image of agglomerated SnO2 nanosheets and (b) galvanostatic charge/discharge curves of 

SnO2 nanosheet-based LIB anodes at a current density of 100 mA g-1.[27] 

Reproduced (adapted) with permission from Ref. [27]. Copyright 2017, Elsevier and Techna Group. 

 

4.3.5 3D hollow nanostructures 

Beyond the 0D, 1D, and 2D SnO2 materials introduced above, porous 3D morphologies were 

fabricated in recent years. Among them, hollow and porous nano- and microspheres,[29, 31] as 

well as 3D ordered macroporous structures,[68-69] were synthesized and proposed to possess 

structural flexibility to counteract fast pulverization of the anode by volume changes induced 

upon cycling. A promising synthetic route was presented by Li et al., who used negatively 

charged carbonaceous microspheres (CMSs) prepared through a hydrothermal method that 

electrostatically bound Sn4+ ions on their surface.[29] After calcination in air with simultaneous 

template removal, hollow dumbbell-shaped microspheres of several micrometers were 

obtained (Figure 10).  

Electrochemical measurements reveal a very high and reversible lithium-ion storage capability 

of the material of about 1000 mAh g-1 in the second discharge cycle (≈1750 mAh g-1 in the first 

discharge cycle) that is maintained after 100 cycles, with about 600 mAh g-1 at a rate of 

500 mA g-1 and still above 500 mAh g-1 with an applied rate of 1 A g-1. The capability of the 

hollow spherical structures to effectively buffer volume changes and to allow high rate 

applications is reflected by galvanostatic charge/discharge measurements, with rates of up to 
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1600 mAg-1 and a resulting capacity of over 500 mAh g-1, which returns to 695 mAh g-1 if the 

rate is decreased to the initial value of 100 mA g-1.[29] 

 

Figure 10 (a) Schematic representation of the synthesis of dumbbell-shaped hollow spheres. (b) TEM image 

and (c) galvanostatic charge/discharge curves at varying rates (100–1600 mA g-1).[29] 

Reproduced (adapted) with permission from Ref. [29]. Copyright 2018, Elsevier. 

 

Another way to obtain large hollow SnO2 structures with rodlike shapes was developed by 

Wang et al..[70] In their synthetic approach, a genetically modified microbial Escherichia coli 

template binds a Sn2+ precursor on its surface through electrostatic interactions. Subsequent 

calcination results in the formation of about 400 × 600 nm rodlike hierarchical SnO2 structures 

composed of smaller nanosheets and particles. However, the electrochemical performance of 

the prepared anodes is moderate, with an initial discharge capacity of about 975 mAh g-1 and a 

capacity retention fading to 194 mAh g-1 (≈20% of the initial value) after 50 cycles at a rate of 

200 mA g-1. 
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4.4 Doped SnO2 LIB Anodes 

Element doping is a known approach to optimize the electrochemical performance of SnO2-

based electrodes. Doping can lead to a greatly increased electronic conductivity, which is 

beneficial for the electrode performance. 

Pure SnO2 is a wide band gap semiconductor, with an optical band gap of 3.6 eV at room 

temperature. It exhibits an intrinsic n-type conductivity due to the presence of shallow donor 

levels located at 0.46 eV below the conduction band, which is attributed to ionized defects 

(e.g., unintentional hydrogen atom doping), according to computational studies by Singh et al. 

and more recently by Villamagua et al..[71-72] Fluorine doping is reported to increase the 

conductivity up to about 5 × 103 S cm-1 by substituting O2- in the crystal structure, and thereby 

creating shallow donors that enhance the n-type conductivity significantly.[73] 

Due to better synthetic control than that with fluorine doping, p-type doping with Group III 

atoms (In, Ga, and Al)[72] or n-type doping with Group V atoms (Sb doping),[74-75] which creates 

shallow levels, was thoroughly explored in recent years. In addition to increasing conductivity, 

transition-metal doping is reported to decrease large volume changes upon 

lithiation/delithiation.[76-79] 

In recent years, a variety of transitionmetal dopants for SnO2 were proposed in the literature; 

these can be divided into two groups: redox-inactive and -active elements that can undergo 

conversion/alloying reactions with lithium ions in the potential range applicable for SnO2-

based anodes.[80] Niobium,[81] titanium,[82] zirconium,[80] palladium,[83] and tungsten[84] can be 

assigned to the first group. Doping with these transition-metal ions does not result in an 

observable gain in capacity because the lithiation/delithiation curves of SnO2 anode materials 

remain unchanged, without additional redox features from the doping elements in the 

respective potential window. However, doped tin oxides show a significantly increased 

cyclability and rate capability.[80] The beneficial effect on the cycling performance provided by 
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both redox-active and inactive transition-metal doping in conversion-type anodes (ZnO, SnO2) 

was initially attributed to the decreased crystal size observed upon doping; thus limiting the 

aggregation of primary nanoparticles and enabling a reversible lithium alloy formation.[85] 

Recent investigations suggest that the improved performance of doped tin oxides results from 

an increase in the conductivity of the active material caused by an additional charge percolation 

pathway provided by the transition-metal (dopant) ion network in the SnO2 structure, as well 

as through an increase in the intrinsic conductivity through newly generated surface oxygen 

vacancies.[83-85] The degree of conversion reaction versus side reactions, such as particle 

aggregation, is thereby correlated with the reaction kinetics, which depend strongly on the 

electron-transfer properties and local current density.[83-84] 

Apart from increased conductivity, a catalytic effect of transition-metal ions on decomposition 

of the Li2O phase is discussed; this further promotes a reversible conversion reaction.[83] In the 

context of widely applied SnO2/graphene composites, transition-metal doping (W-doped SnO2) 

has also been shown to reduce the charge-transfer resistance between active material particles 

and graphene through an increased interaction at the interface.[84] 

Redox-active dopants include manganese,[80, 86] iron,[80, 86-88] antimony,[74, 89-95] cobalt,[5, 76, 78-80, 

86, 96] nickel,[80] copper,[80] zinc,[79-80, 97] and molybdenum[77]. In addition to the effect of redox-

inactive dopants discussed above, their corresponding metal oxides can, in principle, undergo 

a conversion reaction with lithium over the applied potential range of the anode, resulting in a 

theoretical gain in capacity (see also section 4.5.4).[80] However, the increased capacity does 

not necessarily translate into an increased energy density of a full-cell assembly because 

dopants (e.g., Cu) can cause a voltage hysteresis; thus lowering the total storable energy.[80] 

Moreover, other dopants or multidoping strategies have been reported, for example, Mg,[79] 

Al,[98] In,[99] F,[78, 100-103] N,[104] P,[105-106] S/F,[107] Co/F,[78] and Co/N[76].  
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Among others, cobalt is an interesting redox-active dopant because Co-doped SnO2 shows a 

volume buffering effect that is attributed to a reduced and maintained small SnO2 primary 

particle size upon cycling. Furthermore, Co-doped SnO2 demonstrates a measurable gain in 

capacity versus undoped SnO2, with a decreased voltage hysteresis and increased coulombic 

efficiency.[76, 79]  

Nithyadharseni et al. compared Co-, Mg-, and Zn-doped SnO2 nanoparticles.[79] The 

compounds were prepared through sol–gel synthesis with ethylene glycol, dimethyl ether, and 

citric acid. They found that cobalt doping led to a superior electrochemical performance. 

 

Figure 11 Galvanostatic cycling of Co-doped SnO2-based anodes. Charge/ discharge curves shown for 5, 

10, and 15 at% doped SnO2 with cycle number.[5] 

Reproduced with permission from Ref. [5]. Copyright 2018, Elsevier Ltd. 

 

The Co-doped electrodes deliver a specific capacity of 573 mAh g-1, compared with 

330 mAh g-1 for the undoped sample, after 50 cycles at 60 mA g-1. They attributed this to 

structural stability and Co-Sn intermetallic interactions. Lebke et al. reported similar results 
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and confirmed that, in their case, Co doping was also superior to that of Nb-, Ti-, Zr-, Fe-, Cu-, 

Zn-, Mn-, and Ni-doped materials.[80] 

Not only does the nature of the dopant, but also the doping ratio, strongly influence the 

electrochemical performance, as studied by Ma et al., who compared pure SnO2 with Co-doped 

SnO2 with cobalt concentrations of 5, 10, and 15%.[5] They found that the particle size 

decreased with increasing dopant concentration. A dopant ratio of 10% (Sn0.90Co0.10O2) 

provided the best cycling stability of four investigated materials. After 50 cycles at 0.1 A g-1, a 

specific capacity of 493 mAh g-1 was obtained for the Sn0.90Co0.10O2 sample, compared with 

242, 464, and 476 mAh g-1 for SnO2, Sn0.85Co0.15O2, and Sn0.95Co0.05O2, respectively 

(Figure 11).  

Moreover, Ma et al. also demonstrated that the electrochemical performance of Sn0.9Co0.10O2 

could be further enhanced by carbon coating.[5] The influence of carbon and its derivatives on 

the electrochemical performance of SnO2/C composites is reviewed in more detail in section 

4.5. Very promising results regarding the incorporation of transition metals into SnO2 were 

also reported by Wang et al..[88] 

 

Figure 12 a) TEM image of the Fe@SnO2/rGO composite and b) cycling performance of bare SnO2, 

SnO2/rGO, and Fe@SnO2/rGO electrodes at 0.1 A g-1 and the coulombic efficiency of the Fe@SnO2/rGO 

electrode.[88] 

Reproduced (adapted) with permission from Ref. [88]. Copyright 2018, Elsevier. 
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The authors compared the electrochemical performance of an Fe-doped SnO2/reduced 

graphene oxide (rGO) nanocomposite with undoped SnO2/rGO and pristine SnO2 

nanoparticles; all of them synthesized through a wet chemical approach. TEM measurements 

showed that the 6–8 nm small SnO2 and Fe@SnO2 nanoparticles were highly dispersed 

(Figure 12) over the rGO sheets; this is beneficial for buffering volume changes upon cycling 

(see section 4.5.3), and hence, influences the cycling performance: the bare SnO2 electrode 

reached only 172 mAh g-1 after 60 cycles at 0.1 A g-1 compared with 905 mAh g-1 for the rGO 

composite after 100 cycles (Figure 12). The Fe@SnO2/rGO nanocomposite even retained a 

capacity of 1353 mAh g-1 after 100 cycles. The performance improvement is attributed to iron 

doping because it leads to better electrical conductivity and encourages the conversion reaction. 

Consequently, the rate performance of the Fe@SnO2/rGO nanocomposite is also superior to 

that of the undoped analogue.[88] 
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4.5 SnO2-Based Composite LIB Anodes 

The use of SnO2 together with a carbonaceous material has positive effects on the 

electrochemical performance.[5] The carbonaceous support can buffer volume changes that 

occur during the alloying/dealloying processes, suppress pulverization and agglomeration of 

the electrode material, and enhance the overall electrical conductivity in the material.[37, 39] 

SnO2/carbon composites are synthesized either from SnO2 active material together with a 

molecular organic carbon precursor or from preformed carbon allotrope based precursors. 

Beyond the use of carbon, various metal-based components, especially transition-metal 

chalcogenides, were investigated for the fabrication of composite anodes with SnO2 for 

superior electrochemical performance. 

4.5.1 Amorphous carbon (SnO2/C composites) 

There are different synthetic routes to obtain an amorphous carbon layer coated on SnO2 as an 

active electrode material. One approach is to use both SnO2 and carbonaceous precursors to 

form SnO2 and the carbon layer in situ.[32, 47, 108-111] A further synthetic route utilizes preformed 

3D carbon structures present during SnO2 synthesis.[112] A third possible strategy is to 

synthesize SnO2 first and subsequently treat it with a carbon precursor.[33-37, 39, 113-116] This is 

especially helpful for retaining the morphology of SnO2 compounds with exceptional 

structures. 

Zhou et al., for example, used the last approach to preserve the “sub-microbox” structure of 

SnO2.
[34] They used N-doped carbon, instead of pure carbon, which was supposed to further 

enhance the conductivity and electrochemical performance. The sub-microboxes were 

prepared by means of a multistep synthetic strategy in which Fe2O3 sub-microcubes served as 

templates to be covered with SnO2 particles in an in situ hydrothermal process. The resulting 

core–shell structure was then covered with a smooth layer of polydopamine, which was 

converted into N-doped carbon by annealing at 500 °C under nitrogen. Finally, the Fe2O3 core 
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was removed by etching with oxalic acid. The resulting SnO2/N-doped carbon (SnO2/NC) sub-

microboxes have an average size of 400 nm constructed from nanoparticles with sizes of 4 – 

5 nm. Zhou et al. could show that SnO2/NC displayed a better cycling performance and rate 

capability than that of uncoated SnO2 sub-microboxes. After 100 cycles at 0.5 A g-1, capacities 

of 491 and 75 mAh g-1 were obtained for the NC-coated and “pure” SnO2 sub-microboxes, 

respectively (Figure 13). 

 

Figure 13 (a) TEM image of SnO2/NC sub-microboxes and (b) their cycling performance at 0.5 A g-1 

compared to SnO2 sub-microboxes.[34] 

Reproduced (adapted) with permission from Ref. [34]. Copyright 2018, Wiley-VCH. 

 

The authors attributed the superior electrochemical performance of the SnO2/NC sub-

microboxes to the large specific surface area and pore volume, small particle size, and increased 

conductivity supplied by the NC. 

4.5.2 CNTs (SnO2/C composites) 

CNTs are an important example of 1D nanostructured carbon support materials. The use of 

CNTs together with SnO2 can add attractive features. The CNTs can improve the electrical 

conductivity, buffer volume changes during alloying/dealloying with Li ions, and enable fast 

electron-transfer pathways.[40-42] The first step in the synthesis of SnO2/CNT composites is 

often a harsh treatment of pristine CNTs with strong acids or strong oxidizing agents. This 
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creates functional groups on the CNTs that can be used to anchor SnO2 particles.[42, 117] Such 

treatment leads, however, to structural damage and decreased electrical conductivity.[42] 

Ma et al. reported a synthesis without the oxidation of CNTs.[42] They used glucose as a 

mediating agent during hydrothermal synthesis to assist in the in-situ formation of 7 nm SnO2 

particles and serve as a carbon source. The glucose-assisted SnO2/CNT composites exhibited 

a superior cycling performance. After 150 cycles at 1 A g-1, a specific capacity of around 

900 mAh g-1 was retained, compared with around 450 mAh g-1 for the unmediated SnO2/CNT 

composite. Pure SnO2 exhibits even lower values. The glucose-assisted SnO2/CNT composites 

also showed a superior cycling performance at different C rates; this was also attributed to the 

unique structure and, consequently, enhanced electrical conductivity.[42] 

Cheng et al. reported that the Sn-C bond content played a crucial role.[41] They synthesized 

SnO2/CNT composites through a hydrothermal approach by using commercial functionalized 

multiwalled CNTs followed by an annealing step at different temperatures. The Sn-C fraction 

strongly depends on this step. The composite annealed at 500 °C exhibited the best cycling and 

rate performance, compared with those of composites heated at 400 and 600 °C. The first 

compound demonstrates a capacity of around 600 mAh g-1 after 400 cycles at 0.2 A g-1, 

whereas the other two have capacities of only 323 and 211 mAh g-1, respectively, after 200 

cycles. The authors attributed the promising electrochemical performance to the interplay of 

the particle size; conductivity; and, most importantly, favorable Sn-C bonding in the 

SnO2/CNT composite. 

4.5.3 Graphene (SnO2/C composites) 

Graphene is an important 2D carbonaceous support material with exceptional properties, such 

as very good electrical conductivity, large surface area, high theoretical capacity of 

744 mAh g-1, and excellent mechanical properties. The last of these, for example, can help to 
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avoid aggregation of SnO2 particles and buffer volume changes during alloying/dealloying with 

Li ions; thus leading to better cycling stability (Figure 14).[48, 118-120] 

 

Figure 14 Schematic illustration of lithiation/delithiation processes in a SnO2 nanocrystal/graphene 

composite.[120] 

Reproduced (adapted) with permission from Ref. [120]. Copyright 2014, Wiley-VCH. 

 

SnO2/graphene composites can be obtained by simply mixing SnO2 with graphene or graphene 

oxide (GO) or through an in situ method, which is more common.[50, 121] For the latter, graphene 

or GO is treated with a tin precursor (e.g., SnCl4 or SnSO4) to form SnO2 particles attached to 

the graphene or GO surface. In particular, functional groups such as epoxide, carbonyl, or 

hydroxyl, which can be found on the GO surface, are attractive anchor points for the tin 

precursors.[49, 118, 122] If GO has not been reduced to graphene during the synthesis, there are 

two popular options: the use of a strong reducing agent (e.g., hydrazine) or heating the sample 

under a reducing or inert atmosphere, for example, H2 or N2. The obtained graphene/rGO has 

a superior conductivity to that of GO.[49-50, 123-125] Zhang et al. showed that this had a positive 

effect on the electrochemical performance of SnO2/graphene composites.[49] 

They used a pH-dependent, one-pot hydrothermal method to grow SnO2 nanoparticles (2 – 

5 nm) in situ onto the surface of graphene sheets. The SnO2/rGO nanocomposite delivers a 

specific capacity of 942 mAh g-1 after 80 cycles at 100 mA g-1, compared with 827 and 
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142 mAh g-1 for SnO2/GO and pristine SnO2 particles, respectively. The SnO2/rGO 

nanocomposite also exhibits a superior rate capability.[49] 

However, SnO2 particles can aggregate on graphene sheets during cyclic lithiation/delithiation 

reactions, which could lead to a loss in capacity.[122] Carbon coating of SnO2 particles can avoid 

the formation of such agglomerates, as discussed previously herein. Hence, the use of both 

carbon coating and graphene as a support is reported to be advantageous for the electrochemical 

performance. 

For example, Zhang et al. presented a porous carbon (PC)-coated SnO2 graphene 

(rGO/PC/SnO2) nanocomposite with an improved rate performance and cycling stability to that 

of an uncoated reference composite.[122] The SnO2 nanoparticles are formed in situ on the GO 

sheets through a solvothermal approach, with a size of around 4 nm. The additionally added 

glucose served both as a soft template and as a carbon-coating source. The rGO/PC/SnO2 

nanocomposite exhibits a capacity of 1468 mAh g-1 after 150 cycles at 0.1C, relative to 

200 mAh g-1 for the uncoated sample. The rate performance of the coated nanocomposite is 

also superior. The authors argued that this excellent performance was caused by the small 

particle size, good conductivity, large electrolyte–active material interface, and mechanical 

stabilization of the nanocomposite. 

Importantly, not only SnO2, but also graphene sheets, can suffer from some kind of 

aggregation. Graphene sheets tend to restack due to π–π interactions, which implies an inferior 

compensation of the volume changes of SnO2 and, as a consequence, a reduced electrochemical 

performance.[2, 48] Fabrication of 3D structures and/or the introduction of a buffering layer are 

reported to prevent the restacking of individual graphene sheets, which has positive effects on 

the electrochemical performance.[48, 126] The 3D graphene structures, such as graphene foams, 

aerogels, or skeletons, can have an increased surface area and more voids to host and/or 

encapsulate SnO2 particles. The latter can be beneficial to alleviate volume changes; hence 
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increasing the structural stability and electrochemical performance of SnO2/graphene 

composites.[126-128] 

Liu et al., for example, used a spray-drying approach to prepare a SnO2/skeleton-structured 3D 

network of graphene sheets.[126] Their composite exhibits a specific capacity of 1140 mAh g-1 

after 120 cycles, relative to 121 mAh g-1 after 50 cycles for pristine SnO2 (at 100 mA g-1). They 

attributed the improved electrochemical performance to the skeleton-like 3D structure, which 

could buffer the volume changes of SnO2 and was beneficial for electrolyte transport and the 

diffusion of lithium ions. Another strategy to improve the performance of SnO2-based anode 

materials is to use doped SnO2 nanoparticles and graphene as a support material.[74, 82, 84, 88, 90, 

96-97, 101-103] 

Zoller et al. demonstrated that the electrochemical performance of Sb-doped SnO2 (ATO)/rGO 

composite was superior to that of SnO2/rGO and unsupported ATO particles. The composites 

and pure ATO were synthesized through a microwave-assisted solvothermal approach, which 

led to SnO2 and ATO particles of around 3–4 nm in size.  

 

Figure 15 (a) HR-TEM image of Sb:SnO2 nanoparticles on rGO sheets. (b) Specific capacity of galvanostatic 

charge/discharge measurements at C rates up to 60C.[74] 

Reproduced with permission from Ref. [74]. Copyright 2018, WileyVCH. 
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The superior electrochemical performance of the ATO/rGO composite, relative to those of 

SnO2/ rGO and pure ATO, was especially demonstrated in performance tests at high C rates of 

up to 60C (Figure 15).[74] 

Additionally, graphene can be functionalized and doped with nitrogen[17, 129] and/or sulfur,[130] 

which can further enhance the electrochemical rate performance of the SnO2/graphene 

composites, as demonstrated in the recent work by Wu et al..[130] The authors showed that SnO2 

quantum dots anchored on sulfur-doped rGO (S-rGO) outperformed the analogous undoped 

rGO composite in terms of rate capability and cycling stability; this was attributed to sulfur 

doping of graphene resulting in an improved structural stability and better charge and ion 

conduction at the electrode interface. 

4.5.4 SnO2/non-carbonaceous composites 

Much research has been conducted in the field of composite materials of SnO2 together with 

metal oxides and sulfides, such as CoS,[131] SnS,[132-133] SnS2,
[134-135] MoS2,

[136-138] CoO,[139] 

Co3O4,
[140] CuO,[141-142] Fe2O3,

[143-146] MnO2,
[147] Mn2O3,

[148-149] MoO3,
[150] NiO,[151-152] 

WO3,
[153-154] TiO2,

[155-158] Li4Ti5O12 (LTO),[159] VO2,
[160] SiO2,

[161-164] or ZnO[165]. 

Additionally, SnO2/C3N4
[166] and SnO2/titanium carbide nanosheets (MXene)[167] are among 

reported hybrid materials. The SnO2 composites are often additionally supported by 

carbonaceous matrices. In general, the improved electrochemical performance of these 

composites compared with the phase-pure counterparts is attributed to synergistic effects 

between the components. In the case of SnO2/metal sulfide (MxSy; M=Sn, Mo) composites, the 

individual compounds have different band gap energies that enable the formation of 

heterojunctions.[134-135, 137, 168] 

As mentioned in section 4.4, SnO2 is a wide band gap (3.8 eV) n-type semiconductor, whereas 

SnS is a narrow-band-gap (1.3 eV) p-type semiconductor, for example.[132-133] A p–n 

heterojunction forms at the interface between SnO2 and the metal sulfide. This entails holes 
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diffusing from the metal sulfide to SnO2 and electrons diffusing in the opposing direction; 

thereby leading to the formation of a depletion region and the formation of an internal electric 

field. This enhances charge-transfer kinetics through increased carrier mobilities and thereby 

eventually results in a higher conductivity. [132-133, 169] 

In this context, Ye et al. demonstrated that SnO2/SnS NC composite showed a superior 

electrochemical performance to those of pure SnS, SnO2, and SnO2/NC, reaching values of 

550, 300, 200, and 50 mAh g-1, respectively, after 100 cycles at 0.1 A g-1 (Figure 16).[132] The 

authors also demonstrated an improved rate performance for the SnO2/SnS/NC nanocomposite; 

thus underlining the beneficial effect of the formation of the SnO2/SnS heterojunction on the 

conductivity of the active material. 

 

Figure 16 (a) SEM image of the SnO2/SnS/NC nanocomposite and (b) its cycling performance compared 

with those of SnS, SnO2, and SnO2/NC.[132] 

Reproduced (adapted) with permission from Ref. [132]. Copyright 2018, Elsevier B.V. 

 

However, the improved electrochemical performance of SnO2/metal oxide (MxOy; M=Co, Cu, 

Fe, Mn, Mo, Ni, W, etc.) hybrids compared with that of SnO2 is associated with sequential 

lithiation at different potentials of SnO2 and MxOy.
[142-143, 146, 150, 152, 154] Consequently, if the 

SnO2 nanoparticles are reduced, at the same time, the MxOy particles are practically 

electrochemically inactive and can buffer volume changes and prevent newly formed Sn 
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particles from aggregating.[146] Additionally, it was reported that, upon cycling, in situ 

generated metal nanoparticles from the MxOy phase catalytically decomposed the formed Li2O 

matrix, which increased the overall capacity and cycling stability.[139-140, 142-143, 149, 152, 154]  

Notably, titanium oxides in SnO2/MxOy composites are “zero” or low-strain materials that 

display negligible volume changes upon lithiation/delithiation, with the downside of a low 

specific capacity. Titanium oxides can therefore be used to preserve the nanostructure of SnO2 

by physical confinement and anchoring.[157-158, 170] 

The class of 2D metal carbides and nitrides known as MXene has gained considerable attention 

for composite formation in recent years.[171-173] The synergistic effect in SnO2/MXene anodes 

is based, on one hand, on the very good electronic conductivity and enhanced lithium-ion 

transport ability of the layered MXene structures, together with their mechanical flexibility, 

which is important for buffering the volume changes of SnO2. On the other hand, SnO2 prevents 

the MXene sheets from restacking, and thus, improves the cyclability remarkably.[167, 174] 

This was, for example, successfully demonstrated by Liu et al..[167] They compared the cycling 

performance of a SnO2 nanowire/Ti3C2(MXene) nanosheet composite, SnO2 nanowires, and 

Ti3C2 (MXene) nanosheets (Figure 17), and obtained values of 530, 31, and 139 mAh g-1, 

respectively, after 500 cycles at 1 A g-1. The rate performance measurements also confirmed 

the improved electrochemical performance of the SnO2 nanowire/MXene composite. 
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Figure 17 (a) High-magnification TEM and b) HRTEM images of a SnO2 nanowire/Ti3C2(MXene 

nanosheet) nanocomposite. (c) Cycling performance at 1 A g-1 and (d) rate capability at different current 

densities of this composite, in comparison with the phase-pure counterparts.[167] 

Reproduced (adapted) with permission from Ref. [167]. Copyright 2018, Wiley-VCH. 

 

A further example of a SnO2/non-carbonaceous composite was presented by Idota et al., who 

embedded redox-active SnII centers into an amorphous glass-forming matrix of -(M-O)- 

elements composed of BIII, PV, and AlIII, resulting in an amorphous SnMxOy composite.[4] A 

reversible capacity of >600 mAh g-1 was reported at a charge/discharge current of 48 mA g-1, 

with a capacity retention of >90% after 100 cycles in a full-cell configuration with a LiCoO2 

(LCO) cathode. 
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4.6 Full LIB Cell Performance with SnO2-Based Anodes 

Because SnO2-based materials exhibit very promising results in half-cells (meaning with Na or 

Li metal foil as the cathode), there is growing interest in testing these materials in full cells to 

evaluate their possible application in LIBs. Mismatching charge/discharge potentials and 

kinetics of corresponding anode–cathode materials may result in low performance and/ or fast 

degradation of the active material.[175] 

Table 1 Overview of lithium ion full cell battery capacities with SnO2 based anodes 

Anode Cathode 

Capacity 

[mAh g-1] 

(Cycle#), Potential 

window [V] 

Current density 
[A g-1] Lit. 

SnO2/ N,S co-doped 

graphene 
LiCoO2 (LCO) 

356.4 

(100) 

1.2 - 3.9 

0.1 [176] 

S/F doped SnO2/GO 
Li[Ni0.6Co0.2Mn0.2]O2 

(NCM) ~25 [a] 0.01 [107] 

SnO2/C/ graphene LiCoO2 (LCO) 

345.8 

(90) 

1.2 - 4.2 

0.1 [177] 

SnSe/SnO2/graphene 
LiCoO2 (LCO) 

312 

(50) 

1.0 - 3.8 

0.1 [168] 

SnO2-Fe2O3-C 
Li[Ni0.6Co0.2Mn0.2]O2 

(NCM) 

~490 

(20) 

1.8 - 4.2 

0.1 [143] 

Zn doped SnO2/rGO LiFePO4 (LFP) Can light a green/red LED [97] 

SnO2/3D rGO 
LiCoO2 (LCO) 

~300 

(100) 

1.8 - 4.2 

~0.12 (0.2C) [178] 

Pre-treated- SnO2 
[b] 

Li0.995V0.005Ni0.5Mn1.5O4 

(LVNMO) 

~475 

(50) 

3.7 - 4.7 

0.1 [62] 

SnO2/NC/ TiO2 
LiFePO4 (LFP) 

135 

50 

2.0 - 4.0 

0.1 [158] 

[a] original electrode area-based value: 2.7 mA h cm-2 (10) 

[b] pre-treatment of anode by two full discharge/charge cycles for anode in order to eliminate irreversible capacity 
loss (ICL) in full cell 
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Table 1 presents an overview of performance data for full-cell assemblies employing SnO2-

based anodes and the most commonly used lithium cobalt oxide-based cathode materials. 

Wu et al. reported a composite consisting of hollow SnO2 nanospheres, NC, and rGO 

sheets.[177] This unique structure enabled an encouraging electrochemical performance, also 

on the full-cell level, with commercial LCO as the cathode material (Figure 18). The full cells 

were investigated over a potential range of 1.2–4.2 V. After 90 cycles at 0.1 A g-1, a discharge 

capacity of 346 mAh g-1 (based on the weight of the anode) was reported; this equaled a 

capacity retention of approximately 67%. 

 

Figure 18 Full-cell LIBs with SnO2/C/graphene composite as an anode and commercial LCO as a cathode 

(based on anode mass). (a) Discharge/charge curves, (b) cycling performance at 0.1 Ag-1; inset: a light-

emitting diode (LED) powered by such a full cell.[177] 

Reproduced (adapted) with permission from Ref. [177]. Copyright 2018, American Chemical Society 
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4.7 SnO2-Based Anodes for NIBs and KIBs 

4.7.1 SnO2-based NIB anodes 

Since the first successful demonstration of SnO2 as a promising anode material in LIBs, there 

has been growing interest in the use of tin-based anode materials in NIBs and KIBs. The 

sodiation reactions of SnO2 are similar to those of lithiation and can be described by Equations 

(5) and (6), resulting in a total theoretical specific capacity of 1398 mAh g-1:[3] 

Conversion: 

SnO2 + 4Na+ +4e- → Sn + 2Na2O    (5) 

Alloying/De-alloying: 

Sn + xNa+ +xe- → NaxSn   (0 ≤ x ≤ 3.75)   (6) 

The larger ionic diameters of Na+ and K+ (K+ > Na+ > Li+; 1.38 Å >1.02 Å > 0.76 Å, 

respectively), however, aggravate problems caused by volume changes upon charge/discharge, 

and result in a decreased cycling performance compared with that of Li+.[3, 177, 179-180]  

To tackle these problems, strategies successfully employed for SnO2-based anodes in LIBs, 

such as nanosizing, 3D structuring, or the introduction of carbonaceous support materials, were 

also suggested to improve the electrochemical performance in KIBs and NIBs.[3, 179-181] The 

use of SnO2 together with rGO is an example of this development. Jo et al. synthesized a 

SnO2/rGO composite that exhibited an improved electrochemical performance to that of bare 

SnO2 anodes.[180] In their approach, SnO2 particles were first solvothermally prepared and then 

attached to the rGO sheets through a layer-by-layer self-assembly process (Figure 19).  
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Figure 19 (a) Schematic illustration of the synthetic process for the SnO2-nanoparticle/rGO composite and 

(b) a SEM image of the product.[180] 

Reproduced (adapted) with permission from Ref. [180]. Copyright 2017, Elsevier. 

 

Cycling tests at 0.1 A g-1 revealed a capacity of 492 mAh g-1 (capacity retention: 80.2% relative 

to that of the first charging cycle) for the composite and 194 mAh g-1 (42.5% retention of the 

initial charge capacity) for SnO2 after 100 cycles. The rate performance of the SnO2/rGO 

composite could also be significantly increased from about 250 to 425 mAh g-1 at 2.4 A g-1 

compared with that of bare SnO2.
[180]  

For the construction of a high energy density sodium ion full cell, they further paired the SnO2-

nanoparticle/rGO anode with a C-NaCrO2 cathode. The resulting NaCrO2//SnO2/rGO 

composite full cells showed an excellent cycling stability at a rate of 0.5C (55 mA g-1), with a 

capacity retention of 84% after 300 cycles and high rate capability tested up to 10C (87 mAh g-1 

based on the cathode mass at 1.1 A g-1).[180] 

A further example of a sodium-ion full-cell assembly was reported by Lee et al..[178] In their 

work, a SnO2/3D graphene composite prepared through a hydrothermal approach was paired 

with self-produced Na3V2(PO4)3 (NVP) serving as a cathode. The anode material was 

preactivated before the first cycle to avoid alkaline ion consumption during SEI formation. In 

the case of the SnO2/3D graphene-NVP full cells, a specific capacity of 71 mAh g-1 (based on 

the weight of the anode) was reached after 100 cycles at a rate of 0.05C.  
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A further increase in performance was achieved by Wang et al., who used a layer-by-layer 

assembly technique with a porphyrin derivative as an interfacial linker to homogeneously 

attach SnO2 crystals about 5 nm in size onto N and S codoped graphene.[176] By combining it 

with a NVP/C cathode, a remarkable full-cell capacity of 108.2 mAh g-1 was measured after 

100 cycles at a rate of 0.1 A g-1.  

Table 2 gives a brief overview of recently published sodium ion full-cell battery performance 

data. 

 

Table 2 Overview of sodium ion full cell battery capacities with SnO2-based anodes 

Anode Cathode 

Capacity [mAh g-1] 

(Cycle#),  

Potential window 

[V] 

Current density 
[A g-1] Lit. 

SnO2/ N,S co-doped 
graphene 

Na3V2(PO4)3/C 

(NVP/C) 
108.2 (100),           

1.0 - 3.9 0.1 [176] 

SnO2/3D rGO 

Na3V2(PO4)3 

(NVP) 
71 (100),             
2.5 - 3.8 0.055 (0.5C) [178] 

SnO2/rGO NaCrO2 
92 (300),             
1.5 - 3.4 0.055 (0.5C) [180] 

 

4.7.2 SnO2-based KIB anodes 

Inspired by a study on K-Sn alloying and intercalation by Sultana et al.,[182] Wang et al. 

published an in situ TEM and diffraction study on the potassiation of Sn nanoparticles in 

KIBs.[183] They observed a high volume expansion of about 197% after an uptake of only one 

equivalent of K, with the formation of a KSn phase identified by electron diffraction, 

accompanied by the reversible formation of nanopores and finally pulverization of the active 

material.[183] However, in a follow-up study by Ji et al., on dual-ion batteries, with Sn foil as 

the anode, a higher potassium uptake could be observed by means of ex situ XRD 

measurements, with the formation of a K2Sn phase as a final alloying product.[184] 
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Large volume changes induced by the potassiation of metallic Sn and accompanying capacity 

fading caused by electrode pulverization constitute significant challenges for its application as 

an anode material in KIBs. However, it has been demonstrated that the use of SnO2-based 

electrodes, instead of Sn, can significantly mitigate these effects. Similar to lithiation processes, 

the K2O matrix formed in the conversion reactions and surrounding the newly formed Sn 

(nano) particles can buffer volume changes upon alloying and suppress aggregation.[185] 

The positive influence of the K2O matrix formed around Sn nanoparticles on the structural 

integrity of the tin oxide based anodes for KIBs, in contrast to metallic Sn-based electrodes, 

was demonstrated, for example, by Shimizu et al. (Figure 20).[186] They precipitated SnCl2 

precursor, with subsequent thermal oxidation, to obtain a 10 mm sized flowerlike morphology 

composed of SnO2 sheets of about 100 nm as primary building blocks. The resulting electrodes 

exhibit a rather limited potassium storage capability of about 25 mAh g-1 at a rate of 

0.025 A g-1, but demonstrate stability over 50 cycles.[186] 

 

Figure 20 (Cross-sectional field-emission (FE) SEM images of Sn-based anodes in KIB half-cells before and 

after the 10th cycle under a constant current density of 25 mA g-1.[186] 

Reproduced (adapted) with permission from Ref. [186]. Copyright 2018, The American Chemical Society. 
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Huang et al. recently investigated the potassium-storage capability of SnO2–carbon nanofibers 

synthesized by means of electrospinning of a precursor solution containing 

SnCl2/polyacrylonitrile (PAN)/polymethylmethacrylate (PMMA), with a subsequent pyrolysis 

step, to obtain fibers with a diameter of about 490 nm and several micrometers in length.[181] 

The focus of their work was on enhancing electrode conductivity by the addition of graphene 

to the electrospinning process and a synergistic effect on the K+ storage behavior among the 

SnO2, rGO, and carbon constituents. As a result, the capacity could be increased from about 

170 (SnO2/C) to 250 mAh g-1 (SnO2/rGO/C) upon cycling at a rate of 0.1 A g-1.[181] 

In a follow-up paper by Huang et al., P doping of SnO2/rGO/C by phosphoric acid was 

reported, with the aim of further increasing the electrochemical performance.[179] The 

electrospinning process of a GO/(H3PO4)/SnCl4/PVP-containing precursor solution yielded 

nanofibers of about 150 (non-P-doped) and 120 nm in diameter (P-doped) and micrometers in 

length. The cycling performance at a rate of 0.1 A g-1 could be increased from about 206 

(undoped material) to 285 mAh g-1 (P-doped), both determined for the 60th cycle. 

The authors hypothesize that modification with H3PO4 had several beneficial effects on the K+ 

diffusion kinetics. These include the formation of a beneficial mesoporous structure, an 

increase in conductivity, and a widening of the interlayer spacing of rGO, which is reflected in 

a reversible capacity of 200 mAh g-1 at a high rate of 1 A g-1.[179] 

The best performing SnO2 anode for KIBs so far, to the best of our knowledge, was recently 

published by Suo et al., who prepared a binder-free SnO2-nanosheet/stainless-steel mesh 

(SSM) anode through solvothermal synthesis with a SnCl2 precursor in the presence of the 

mesh (Figure 21).[185] 
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Figure 21 SEM images of (b) SnO2 nanosheets synthesized on a SSM electrode (a).[185] 

Reproduced (adapted) with permission from Ref. [185]. Copyright 2018, Elsevier. 

 

An initial discharge capacity of 603 mAh g-1 was determined for this material, which stabilized 

within 5 cycles at a reversible capacity of about 450 mAh g-1. Within 100 cycles, a moderate 

decrease in capacity to 339 mAh g-1 was observed. The prepared anode material also showed 

a good rate capability of 125 mAh g-1 at 1 A g-1. 

Table 3 presents an overview of SnO2-based anode materials for application in KIBs tested in 

half-cell configurations. 

Table 3 Overview of electrochemical storage properties of SnO2 based potassium ion battery anodes (half-

cell measurements). 

Anode 

Capacity 

[mAh g-1] 

(Cycle#),  

Potential 

window [V] 

Current density 
[A g-1] Lit. 

SnO2-carbon nanofibers (SC) (~490 nm Ø) 
~170 (60),             

0 – 2.5 0.1 [181] 

SnO2-rGO-carbon nanofibers (SGC) (~490 nm Ø) ~250 (60),             
0 – 2.5 0.1 [181] 

SnO2- rGO-carbon (SGC) nanofibers 

(~150 nm Ø) 
206 (60),           

0.001 – 3.0 0.1 [179] 

Phosphoric acid doped SnO2-rGO-carbon (P-SGC) 
nanofibers (~120nm Ø) 

285 (60),           
0.001 – 3.0 0.1 [179] 

SnO2 nanosheets on Stainless steel mesh (SSM) 
(binder-free) 

351 (100),            
0.02 – 2.6 0.05 [185] 
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4.8 Summary and Outlook 

The alloying of alkali ions with tin results in a high theoretical volumetric and gravimetric 

charge capacity, which is accompanied by volume changes of up to 200[183]–250 %[8] (for K+ 

and Li+, respectively). Large volume changes pose a major challenge for the mechanical and 

structural integrity of the electrode upon cycling.[8, 183] To address this problem, much effort 

was dedicated to fabricate diverse 0D–3D SnO2 nanostructures. 

Based on an analysis of the most recent developments, herein, we aimed to elucidate the 

relationship between the nanostructure, synthetic route employed (resulting phase), and the 

electrochemical performance of phase-pure SnO2. It can be concluded that the optimum size of 

SnO2 nanocrystals, with respect to reversible capacity and cyclability, strongly depends on the 

exact nature (crystallinity and dominating crystal facets determined by the synthetic conditions) 

and spatial distribution of nanosized Sn and its surrounding amorphous Li2O matrix formed 

during the initial conversion reaction. 

From the performance data of recently published articles with differing SnO2 

nanomorphologies and crystallite sizes, we conclude that particles with a size smaller than 10 

nm may yield anodes with a high ion-storage capacity and reversibility,[22] which, however, 

cannot effectively be enhanced by nanostructuring. As another means to improve the 

electrochemical performance of SnO2 anodes, doping with either redox-active or -inactive 

atoms was explored by many research groups. We conclude that the increase in electrochemical 

performance (capacity and rate) observed is associated with an increase in conductivity (known 

for Sb)[75] induced by a modification of the band structure of the wide band semiconductor 

SnO2. Additionally, among a variety of investigated transition metals, cobalt is very promising 

because Co-doped SnO2 was also reported to show a volume buffering effect, which might 

additionally increase its cyclability.[5] On the electrode level, carbon composite formation in 

the form of SnO2/(doped)graphene, SnO2/CNT, SnO2/amorphous carbon, and/or their 
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combination was discussed as a very efficient strategy to improve the anode performance, in 

terms of storage capacity and cyclability. Graphene-type carbon (undoped rGO[74] or doped 

with N,[17, 129] S,[130, 187] or P[179]), with a high surface area and high conductivity, is often used 

as a support for the homogeneous attachment of nanosized SnO2-based active materials. 

Together with a thin layer of amorphous carbon obtained through the pyrolysis of organic 

molecules in the precursor mixture, this results in a highly conductive, flexible, and porous 

matrix.[49-50, 74] The best performing composite anodes with transition-metal-doped 

nanostructured SnO2 showed a remarkable reversible capacity of over 1200 mAh g-1 (after 100 

cycles at 0.1 A g-1),[167] which greatly outperformed that of standard graphite anodes (e.g., 

≈226 mAh g-1 cycled at 0.5C for 100 cycles with a loading of 10.1 mg cm-2)[188] in classical 

LIBs by more than a factor of five. 

However, regarding the future commercialization of SnO2-based anodes, two objectives need 

to be addressed. First, high-capacity and rate-capable anodes, with mass loadings in the range 

of 10 mg cm-2,[189] need to be realized. Second, and most important, for practical applications 

is the combination with a suitable high-rate-capable, high-voltage cathode material to obtain 

full cells with equal or increased energy density to that of classical LIBs employing only 

carbonaceous anodes. 

Future work could include the combination of SnO2-based anodes with high-voltage cathodes, 

exceeding the stability window of conventional carbonate electrolytes (EC, ethyl methyl 

carbonate, diethyl carbonate, etc.), which would require the use of respective additives or ionic-

liquid-based electrolytes.[190] From the perspective of increased operational safety, which is 

already increased at the anode side by the replacement of graphitic carbon with SnO2, a solid 

electrolyte that allows for a high-voltage window (e.g., NASICON-type or LiGe2(PO4)3- 

type)[190] would be beneficial. The high rate capability and increased gravimetric capacity, 

relative to that of graphite electrodes, paired with increased operational safety renders SnO2-
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based anodes interesting for applications in future energy-storage devices in the industrial and 

automotive sector. 

NIBs with SnO2-based anodes have gained considerable attention in recent years, with the first 

published examples of full cells. Knowledge transfer from the design of LIBs resulted in the 

fabrication of full cells with reversible capacities of up to about 108 mAh g-1 after 100 cycles 

at 0.1C.[176] It can be expected that research into SnO2-based anodes for NIBs will intensify 

due to the general attractiveness of NIBs, such as low cost, high abundance of sodium, low 

toxicity, and increased safety due to a lack of dendrite formation. 

Although research into KIBs with SnO2-based anodes is very new, rapid progress has been 

made due to knowledge transfer (synthesis of active materials, anode architecture, and 

methodology) from LIBs and NIBs with SnO2-based anodes. However, the processes taking 

place during reversible potassiation/depotassiation of tin and occurring intermediate phases[3] 

still have to be clarified, although the first publications have identified possible K-Sn alloys.[183, 

186] Fabricated KIB half-cells have shown a capacity of up to 351 mAh g-1 for a pure, binder-

free SnO2 nanosheet anode,[185] and results for the first full cells are expected in the near future. 
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5. Nonagglomerated Iron Oxyhydroxide Akaganeite Nanocrystals  

Incorporating Extraordinary High Amounts of Different  

Dopants 

This chapter is based on the following publication: 

Fominykh K.,* Böhm, D.,* Zhang S., Folger A., Döblinger M., Bein, T. Scheu C. and 

Fattakhova‐Rohlfing, D., Chem. Mater., 2017, 29, 7223−7233 (* the authors contributed 

equally to the work) 

 

 

 

The TOC graphic shows the high dispersibility of transition metal doped β-FeOOH 

nanoparticles with hydrodynamic radii around 10 nm. The elongated shape of differently doped 

nanocrystals is further revealed by high resolution transmission electron microscopy with a 

scanning electron microscopy cross-sectional image depicting the formation of dense films of 

nanoparticles with thicknesses over 4 µm which are employed as anodes in 

photoelectrochemical water splitting. 

Reprinted (adapted) with permission from: Fominykh K., Böhm, D., Zhang S., Folger A., Döblinger M., Bein, T. 

Scheu C. and Fattakhova‐Rohlfing, D., Chem. Mater., 2017, 29, 7223−7233. Copyright (2017) American 

Chemical Society. 
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5.1 Introduction 

Nanostructured iron oxides and oxyhydroxides are intensively investigated materials for 

different areas of technology because of their semiconducting properties, in combination with 

abundance, stability, and low toxicity.[1-8] Akaganeite (β-FeOOH) is one of the iron 

oxyhydroxide polymorphs that is widely used in electrocatalysis, pigments, and ion-exchange 

applications.[7, 9-10] Its crystal structure has a monoclinic symmetry and forms a tunnel matrix 

of double chains of edge-sharing Fe(III)O3(OH)3 octahedra. The channels are usually occupied 

by Cl- ions or other halogenides that were found to be essential for the stabilization of the tunnel 

structure and, therefore, the formation of β-FeOOH.[11-14] Because of the intrinsically elongated 

tunnel-type structure, akaganeite particles preferentially adopt a rodlike shape.[1, 15-16] The 

thermal stability of akaganeite is rather low, and, hence, it can be easily converted to the more 

stable hematite (α-Fe2O3).
[1, 15, 17-19] 

An interesting feature of this transformation is that the morphology of the parent akaganeite 

structure is retained in the resulting hematite.[1, 17, 20] This fact was exploited by several groups 

to fabricate anisotropically shaped nanostructured hematite photoanodes exhibiting good 

performance for photoelectrochemical (PEC) water oxidation.[1, 6, 8, 15, 18, 21-23] 

The most common method to produce akaganeite structures is the hydrolysis of aqueous FeCl3 

solutions at low pH upon heating to 70 - 100 °C.[4, 12, 24-26] This process is generally very fast, 

resulting in rather large particles of up to 500 nm in size.[12, 25] 

To obtain smaller particles, other wet chemical routes such as coprecipitation, microemulsion, 

surfactant mediation, and solvothermal syntheses were applied to effectively reduce the crystal 

dimensions.[4, 7, 14-15, 26-27] In this way, particles with morphologies different from the preferred 

rodlike shape were also obtained, including stars and spheres.[4, 26, 28] The microemulsion 

technique was shown to be the most suitable for fabricating very small nanoparticles of only a 

few nanometers in size.[26] Although significant progress has been achieved in controlling the 
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dimensions and shape of the akaganeite nanomorphologies, the dispersibility of the reported 

nanoparticles still remains a serious issue, as the particles obtained by different methods are 

typically strongly agglomerated.[26-28] 

Besides nanoscaling, several groups have pursued the development of synthesis strategies that 

give access to doped akaganeite nanostructures.[15, 24-25, 28] Doping with different elements is an 

efficient tool to tune the physicochemical properties of akaganeite and the resulting hematite. 

Doping of akaganeite with Co(II), Ti(IV), Si(IV) was reported using hydrolysis of aqueous 

precursor solutions at room temperature, but the maximum doping level was rather low, 

reaching only ≈4 at%.[24-25, 28] 

In the present study, we report the fabrication of very small crystalline and dispersible 

nonagglomerated akaganeite nanoparticles with varying rodlike shapes, using a novel 

solvothermal microwave reaction in tert-butanol. The developed method enables incorporation 

of Co(II), Ni(II), V(III), Ti(IV), Sn(IV), Si(IV), and Nb(V) into the β-FeOOH crystal lattice at 

very high concentrations reaching more than 20 at%. The maximum doping levels of the 

nanocrystals are influenced by the nature of the incorporated ions. Furthermore, the particles 

are suitable for the preparation of porous doped hematite films, which are of interest for 

applications in photoelectrochemical devices. 
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5.2 Results and Discussion 

Nanocrystals of akaganeite (β-FeOOH) were synthesized via a microwave-assisted 

solvothermal reaction in t-BuOH. The formation of the β-FeOOH phase is strongly dependent 

on the choice of the Fe precursor (Figure S1 in the Supporting Information). Since halogen ions 

are necessary to stabilize the tunnel structure of the akaganeite phase, it was formed only when 

iron chloride (FeCl3·6H2O) was used as a precursor.[25] The corresponding XRD analysis in 

Figure S1a in the Supporting Information shows a single-phase β-FeOOH pattern.[29] For the 

synthesis of doped nanocrystals, Co(II), Ni(II), V(III), Ti(IV), Sn(IV), Si(IV), and Nb(V) were 

added to the reaction mixture in different ratios. Later in the text, we use the term “dopant” for 

these additives, while noting that the levels of their incorporation are many orders of magnitude 

higher than those encountered in classical semiconductor physics. To approach a reactivity that 

is at least similar to that of FeCl3, the dopant ions were introduced as nitrate or chloride salts 

in the reaction mixtures, with the exception of Ti(IV), where the highly reactive TiCl4 was 

replaced by titanium butoxide. 

The phase purity of the doped akaganeite materials was investigated by XRD and Raman 

spectroscopy. The β-FeOOH phase was found to be very sensitive to the Raman laser beam. 

Laser with a standard intensity (λ = 633 nm, 10 mW) causes a phase transformation of 

akaganeite to the thermodynamically more stable hematite during the measurement (see the 

time dependent Raman study in Figure S2 in the Supporting Information), as was also reported 

by other groups.[30-31] 

However, the Raman spectra of akaganeite can be acquired only with strongly reduced laser 

intensity, resulting in low signal level and broadening of Raman bands. Low-intensity Raman 

spectra of akaganeite doped with Ni(II), V(III) and Sn(IV) ions (Figure S3 in the Supporting 

Information) indicate the formation of a β-FeOOH phase with crystallinity that decreases with 

increasing doping ion concentration; however, the further interpretation is ambiguous, because 
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of a poorly defined shape of broadened Raman bands. Therefore, Raman spectra acquired with 

high laser intensity (Figures 1b, d, f, h, j, l, and n) are discussed in the following in more detail. 

Despite the phase transformation, these spectra can be used to see the signatures of secondary 

phases, because of their high sensitivity to both crystalline and amorphous compounds. In 

combination with the XRD data, detection of a phase-pure hematite Raman spectrum can be 

interpreted as an indication of the phase purity of the parent akaganeite sample. 

The structure and morphology of β-FeOOH doped with different ions is described in greater 

detail in the following. The doped samples are labeled as AX, where A is the dopant element 

and X is the nominal doping concentration (in at%) added to the reaction solution (for example, 

Sn10 for β-FeOOH doped with 10 at% Sn). The nominal dopant concentration is given, 

although the incorporated content might be slightly lower, as discussed below. 

The addition of Co(NO3)2 to the reaction mixture leads to the formation of a phase structurally 

similar to β-FeOOH. XRD patterns of Co5-Co15 powders (Figure 1a) show a phase-pure 

akaganeite structure. In the corresponding Raman spectra, only the hematite bands are visible, 

which we attribute to the material change induced by the laser beam irradiation, as mentioned 

above.[30-31] Furthermore, the peaks in the Raman spectra of Co5-Co15 particles are slightly 

shifted, compared to that of undoped akaganeite (for instance, the A1g mode at 221 cm-1 shifts 

to 219 cm-1) (see inset in Figure 1b), indicating the successful incorporation of Co(II) ions into 

the β-FeOOH lattice. Further increase in Co doping over 15 at% leads to the formation of an 

additional FeCl2·2H2O phase that is visible in the XRD patterns, as well as in the Raman 

spectra. 
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Figure 1 XRD analysis and Raman spectroscopy of doped β-FeOOH nanocrystals. XRD patterns of (a) Co0-

Co20, (c) Ni0-Ni50, (e) V0-V50, (g) Si0-Si25, (i) Sn0-Sn30, (k) Ti0-Ti50, and (m) Nb0-Nb40. [Legend of 

diffraction patterns: β-FeOOH, ICDD File Card No. 01-074-2567 (gray) (monoclinic symmetry, a = 

10.594 Å, b = 3.019 Å, c = 10.299 Å, α = γ = 90°, β = 91.02°); FeCl2·2H2O, ICDD File Card No. 01-072-0268 

(orange and pink); and NiCl2·2H2O, ICDD File Card No. 01-072-0044 (purple).] Raman spectra of (b) Co0-

Co20, (d) Ni0-Ni50, (f) V0-V50, (h) Si0-Si25, (j) Sn0-Sn30, (l) Ti0-Ti50, and (n) Nb0-Nb40. The bands at 

221 cm-1 (A1g), 237 cm-1 (Eg), 284 cm-1 (Eg), 398 cm-1 (Eg), 489 cm-1 (A1g), 601 cm-1 (Eg), and 649 cm-1 (Eu) 

correspond to hematite.[30-31] The band at 654 cm-1 is assigned to the water vibration mode in FeCl2·2H2O.[32] 

The bands at 333 cm-1 (Eg), 484 cm-1 (T2g), 573 cm-1 (T2g), 661 cm-1 (Eg), and 701 cm-1 (A1g) are characteristic 

for NiFe2O4.[33] The bands at 200, 223, 337, and 658 cm-1 are assigned to FeTiO3.[34] The numbers in the 

sample codes (given as a suffix) indicate the respective dopant amounts (in at%). 
 

Similar incorporation of Ni into β-FeOOH is observed when Ni(NO3)2 is added to the reaction 

mixture. Although only the β-FeOOH phase is observed in XRD patterns (Figure 1c) for up to 

20 at% Ni, the Raman spectra (Figure 1d) reveal that a nickel ferrite (NiFe2O4)
[33] impurity is 

formed already at low Ni contents of 5 and 10 at%. However, the hematite bands are still 

dominating, which indicates that mainly akaganeite was formed in the reaction. The shift of 

the Raman spectrum to lower wavenumbers from sample Ni0 to sample Ni10 suggests 

successful incorporation of Ni(II) into the β-FeOOH lattice (inset in Figure 1d). In the spectrum 

of Ni20, the intensity of the hematite signals is significantly reduced and nickel ferrite is the 

dominating phase. The absence of the respective nickel ferrite signal in the XRD patterns points 

to an amorphous character of this phase, which agrees well with literature reports on the 

crystallization behavior of transition-metal ferrites.[35-38] At even higher concentrations, 
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increasing amounts of nonreacted NiCl2 are detected in the XRD patterns, while presumably 

amorphous nickel ferrite is observed in the Raman spectra. We attribute the existence of nickel 

ferrite and nickel chloride impurities in Ni(II)- doped samples and iron chloride impurities in 

Co(II)-doped samples to the lower oxidation state and the larger ionic radii of dopant ions, 

compared to Fe(III) in akaganeite, with a mismatch of 14% and 7% for Co(II) and Ni(II), 

respectively. 

Trivalent vanadium was examined as another possible dopant for β-FeOOH. XRD patterns of 

V(III)-doped samples show only the akaganeite structure without formation of other phases for 

V concentrations of up to 50 at% (Figure 1e). The Raman spectra reveal phase-pure hematite 

structures for V5-V20 with a shift to lower wavenumbers, suggesting a successful 

incorporation (Figure 1f). 

However, for higher V levels of 30 at% and above, the Raman spectra detect the formation of 

an additional iron vanadate (FeVO4) impurity phase that is presumably amorphous, as follows 

from the absence of corresponding signals in the XRD patterns.[39-41] Therefore, the maximum 

doping concentration of V(III) without phase separation is 20 at%, although β-FeOOH is still 

formed to a large extent, even for high V contents in the range of 30-50 at% and a shift of the 

Raman signals is observed for up to 30 at%, indicating successful incorporation. 

Incorporation of tetravalent Ti, Sn, and Si ions into β-FeOOH is particularly interesting, with 

regard to the properties of the resulting hematite, for which doping with these elements was 

shown to greatly improve its photoanode performance in solar water splitting.[22, 42-47] 

Si(IV) and Sn(IV) exhibit similar behavior as dopant elements in the akaganeite structure. For 

Si0-Si25 and Sn0-Sn30, only the akaganeite phase is present in the XRD patterns (Figures 1g, 

i), and only the hematite phase is detected in the Raman spectra without phase separation 

(Figures 1h, j). 
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XRD patterns of the nanocrystals synthesized in the presence of Ti(IV) (samples Ti5-Ti50) 

show exclusively reflections of akaganeite (Figure 1k). The Raman spectra in Figure 1l 

indicate the presence of the hematite structure for Ti5-Ti40, with a continuous shift of the 

hematite bands to higher wavenumbers for increasing Ti concentration. For a Ti content 

exceeding 40 at%, the hematite bands vanish almost completely and bands presumably due to 

amorphous FeTiO3 arise in the Raman spectra.[34, 48] 

XRD measurements of nanocrystals containing Nb(V) show the presence of only the 

akaganeite phase for Nb contents of up to 30 at% (Figure 1m). Furthermore, the Raman spectra 

exhibit a consistent shift of the hematite bands to higher wavenumbers with increasing Nb 

content, pointing to the successful incorporation of Nb(V) into the β-FeOOH structure 

(Figure 1n). For even-higher Nb contents (the Nb40 sample), however, the presence of 

FeCl2·2H2O and a significantly reduced intensity of the hematite bands are detected in the XRD 

patterns and in the Raman spectra, respectively. 

A remarkable feature of the nanosized akaganeite particles is their excellent dispersibility 

without agglomeration. Even dried powders can be redispersed in water and water/ethanol 

(H2O/EtOH) mixtures after the addition of very small amounts of acetic acid in the microliter 

range (see the Experimental Section for the details). An image of selected particle dispersions 

with different dopants is shown in the inset in Figure 4a, shown later in this work. The perfect 

dispersibility of the crystals is demonstrated by DLS measurements (Figure 4a). The DLS data 

reveal effective particle sizes in the range of 5 - 18 nm, which demonstrates that the type of 

incorporated dopant affects the apparent size (when keeping the initial precursor concentration 

constant, e.g., 5 at% of dopant). Note that the size determination with DLS was carried out 

under the assumption that the particles are spherical. To obtain more detailed information on 

particle morphology, we also investigated the nanoparticles with HRTEM, HAADF, and ABF-

STEM, as shown in Figure 2. 
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Figure 2 TEM, HRTEM, ABF-STEM, and HAADF-STEM images of either several or a few nanoparticles 

of (a, b) undoped β-FeOOH, (c, d) doped Co5, (e, f) doped Ni5, (g, h) doped V5, (i, j) doped Si5, and (k, l) 

doped Sn5 nanocrystals. The other figures show (m) a large number of Ti5 nanoparticles, (n) a single near 

spherical Ti5 nanoparticle, (o) a single Ti5 nanorod, (p) a large number of Nb5, (q) a few single Nb5 

nanocrystals, and (r) a few single elongated Sn20 nanocrystals, respectively. Panel (s) shows the EDS 

spectrum of Sn20 from the area identified in panel (r) (note that Cu and C stem from the TEM grid), and 

panels (t) and (u) show the EDS integration maps of the Fe K peak and the Sn L peak, respectively. 
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According to the HRTEM, HAADF, and ABF-STEM images shown in Figure 2, the 

morphology of all doped and undoped particles is mostly anisotropic, consisting of nanorods 

with a width of ≈4 nm and varying lengths. Depending on the dopant, the length ranges from 

≈4 nm, resulting in an almost-spherical shape, to 90 nm, giving the highest aspect ratio. 

Undoped FeOOH particles shown in Figures 2a and b exhibit a variation in length, mostly 

between 10 nm and 50 nm. Co5 particles are shown in Figures 2c and d. 

The crystals exhibit a rodlike shape with a length of ≈20 nm, comprising the major part of the 

sample. However, a few 90 nm long rods with the same width are also observed. The major 

portion of the Ni5 particles is 10-20 nm long, which is shorter than the Co5 particles (see 

Figures 2e and f). 

Incorporation of V(III) into β-FeOOH has a stronger impact on the particle morphology. TEM 

and HAADF-STEM images of V5 in Figures 2g and h reveal that mostly short nanorods with 

a small aspect ratio of ≈1 are formed. In contrast, Si(IV)-doped Si5 particles exhibit a high 

aspect ratio, with the major portion of the particles being ≈50 nm long and 4 nm wide 

(Figure 2i). Figure 2j shows some of the few smaller Si5 particles, having an almost spherical 

morphology. Sn5 particles (Figures 2k and 2l) exhibit a rodlike shape 4 nm in width and 15 - 

50 nm in length. 

The homogeneity of Sn doping into β-FeOOH is verified by EDS acquired in STEM mode, as 

shown in Figures 2r-u. The nominal Sn20 nanoparticles, having the highest dopant level 

applied to ultimately create Sn-doped hematite nanostructures, are evaluated to have 16 at% ± 

1.5 at% Sn incorporation, which is only slightly lower than the nominal value (see Figure 2s). 

The incorporation of Ti(IV) has a strong impact on particle morphology, even at low 

concentrations. The HAADF-STEM images of Ti5 particles in Figures 2m-o show a mixture 

of large- and small-aspect ratio nanorods (the latter appearing almost spherical). The fraction 

of nanocrystals with elongated shape is higher than for the V(III)-doped sample. Figures 2n 
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and o show single particles with different shapes and widths of ≈5 nm. The TEM images of 

Nb5 in Figures 2p and q demonstrate a uniform anisotropic crystal morphology with rod 

lengths in the range of 10-30 nm. For all of the doped samples, lattice fringes of either the 

monoclinic (200) or (301) planes are observed parallel to the long axis of the particles, in 

agreement with the β-FeOOH phase, which has a preferred growth direction parallel to the 

monoclinic [010] orientation. 

There is no apparent correlation between the type of dopants and the nanoparticle morphology. 

In most cases, an elongated nanorod-like shape was observed. This type of particle morphology 

was often reported for akaganeite and other iron oxyhydroxides.[4, 15-16, 25, 27] However, the 

particle lengths described in the literature are mostly in the range of 100-500 nm, which is 

much larger than the dimensions observed in the present study. The maximum doping level is 

dependent on different factors, among which the nature of the dopants, their ionic radii, and 

the charge are expected to play major roles. Generally, the ions with the same or slightly smaller 

size than Fe(III) in the akaganeite structure are not expected to cause much lattice strain and 

should be incorporated more favorably than larger ions. The ionic radii of the different elements 

investigated in this work are listed in Table 1. 

Furthermore, the charge of incorporated ions can influence the maximum doping level. An 

excess of positive charge induced by ions with an oxidation state higher than +3 can be easily 

balanced by incorporated Cl- or OH- ions in the akaganeite structure, as was discussed by 

different groups.[21, 28] In contrast, lower valence ions would reduce the total charge that should 

be compensated by the uptake of counter cations, which is, however, less preferential.[49] Thus, 

despite having the same ionic radius of 83 pm, the maximum doping concentration of Sn(IV) 

exceeds that of Ni(II), which is in agreement with the preferential incorporation of ions with 

oxidation states higher than +3. 

The main results of the structural and morphological analyses are summarized in Table 1. 
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Table 1 Precursors and Ionic Parameters of Fe(III) and Dopant Element with Maximum Doping 
Concentrations and Morphology of Doped β-FeOOH Nanoparticles 

Dopant Ionic radiusa (pm) Precursor 
Maximum doping concentrationb 

(XRD at% / Raman at%) 

Fe(III) 78.5 FeCl3·6H2O 

15/15 

Co(II) 88.5 
Co(NO3)2·6H2O 

Ni(II) 83 Ni(NO3)2·6H2O 20/10 

V(III) 
78 VCl3 50/30 

Ti(IV) 74.5 Ti(OBu)4 50/40 

Sn(IV) 83 SnCl4·5H2O 30/20 

Si(IV) 
54 

SiCl4 25/25 

Nb(V) 
78 

NbCl5 30/30 

[a] Crystal ionic radii for 6-fold (octahedral) coordinated ions (in high spin state, if applicable).[50] 

[b] Determined as a maximum dopant concentration at which predominantly akaganeite phase was detected. 

 

The higher valence ions Si(IV), Ti(IV), Sn(IV), and Nb(V) are incorporated to a greater extent 

than Co(II), Ni(II), and V(III). Noticeably, doping contents reported in the literature for bulk 

akaganeite (≈4 at%) are much lower than the values obtained with our synthesis route.[15, 24-25, 

28, 51] Therefore, we can hypothesize that an ultrasmall crystallite size can play an important 

role in the formation of unusual compositions in mixed oxides and an increased solubility of 

the dopants.[24, 42, 51] Several groups have previously described the formation of 

thermodynamically less stable phases that only exist on the nanoscale.[52-54] 
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Figure 3 (a) XRD heating study of undoped β-FeOOH particles with a step size of 100 °C below 500 and 

50 °C above 500 °C, respectively, and a dwell time of 30 min for each step up to 550 °C. (b) TGA curves of 

undoped and doped β-FeOOH samples in the range of 300-700 °C with a heating rate of 10 °C min-1. The 

nominal doping concentration for all doped samples is 10 at%. 

 

Upon thermal treatment in air, the nanocrystals undergo a phase transformation from the 

monoclinic akaganeite to the hexagonal hematite structure. Phase transformation temperatures 

reported in the literature are mostly in the range of 300 °C.[17-18, 21] In contrast to literature 

findings, the results of the XRD analysis, TGA analysis and DSC (Figure 3) point to an 

increased thermal stability of the nanosized β-FeOOH crystals that undergo phase 

transformation to α-Fe2O3 at a much higher temperature of ≈500 °C. Although experimentally 

obtained transformation temperatures are strongly dependent on the analysis parameters (mass, 

atmosphere, and heating rate) and are therefore not directly comparable to literature-stated 

values using altered analysis parameters, the obtained difference of the transformation 

temperature to the literature values is rather significant and cannot solely be explained by the 

difference in measurement conditions. 

Despite the fact that the phase transformation temperature of the akaganeite nanocrystals is 

higher, the mechanism involved seems to be unaffected by the nanoscaling. According to the 

literature for macroscopic sized crystals, the tunnel structure continuously releases water and 
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Cl- ions and transforms to hematite in a narrow temperature window without the detectable 

formation of an intermediate amorphous phase, while, upon further increases in temperature, 

crystalline hematite with large domain size is formed.[21] 

Similar conclusions can be drawn from the in situ XRD heating study on the undoped 

nanocrystals obtained in this work (Figure 3a). Up to 200 °C, no visible change in the 

akaganeite structure is observed. Above 200 °C, a shift of the (112) main reflection, 

accompanied by a generally decreased intensity of other diffraction peaks, is observed, which 

can be attributed to a significant loss of structural bound water, stabilizing Cl- ions and a 

reduction of surface hydroxyl groups caused by the formation of a intermediate strained 

β-FeOOH phase, as reported recently by Park et al. and indicated by TGA (Figure S7).[55] At 

higher temperatures between 300 °C and 500 °C, the (112) reflection becomes very 

pronounced while the (101), (200), and (521) reflections gradually lose intensity. Furthermore, 

(301) and (521) shift to higher angles with increasing temperature, indicating the formation of 

intermediate phases. For instance, the (112) akaganeite reflection shifts from 34.0° to 35.4°, 

which is the hematite (110) peak position. At 550 °C, the hematite (110) peak appears with low 

intensity. After 2 h of heating at the same temperature, the hematite pattern becomes more 

pronounced; however, the broad signal at 2θ = 35° indicates the presence of an intermediate 

mixed phase. At 600 °C, the transition to hematite is complete, showing only hematite signals 

with a large crystalline domain size of 50 nm. 

The phase transformation temperature of nanosized akaganeite to hematite is significantly 

influenced by introducing dopant elements, as follows from the TGA and DSC analyses (see 

Figure 3b and Figure S7 in the Supporting Information). For instance, nanocrystals containing 

10 at% of Nb(V) undergo the transformation already at ≈470 °C, while Ti(IV) doping leads to 

a much higher transformation temperature of ≈550 °C. The V(III)-containing sample shows a 

mass loss in a very broad temperature range between 400 °C and 600 °C. The thermally 
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induced phase transformation provides a facile way to fabricate doped hematite structures from 

the akaganeite nanocrystals. 

 

Figure 4 Dispersibility of doped β-FeOOH crystals and preparation of films. (a) DLS curves of dispersions 

containing different dopants (the color code of the dopants is consistent with the curves) (inset shows a 

photograph of doped β-FeOOH nanoparticle dispersions in water (concentration = 2 mg mL-1); the 

dispersions are denoted with the respective dopant). Side-view SEM images of β-FeOOH thin films 

prepared via spin coating: (b) 2 mg mL-1 and (c) 10 mg mL-1 nanoparticle dispersions on FTO substrates. 

SEM images of a β-FeOOH film grown in situ during the microwave reaction. (d, e, f) Different 

magnifications of the as-prepared β-FeOOH film. (g, h, i) Different magnifications of the film after 

annealing at 600 °C and phase transformation to α-Fe2O3. 

 

Excellent dispersibility makes the β-FeOOH nanoparticles suitable starting materials for the 

fabrication of homogeneous thin hematite films by coating the colloidal dispersions on 
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different substrates, followed by heating in air (Method 1) (see Figures 4b and 4c). The film 

thickness can be varied between 35 nm and 250 nm by applying different particle 

concentrations between 2-10 mg mL-1, respectively. 

The thickness is homogeneous over a large area, as shown in Figures S6a and b in the 

Supporting Information. Furthermore, akaganeite thick films can be grown in situ on FTO 

substrates directly during the microwave reactions (Method 2). The SEM images in Figures 4d-

f show such a β-FeOOH film at different magnifications. The film exhibits a disordered 

macroporous morphology that consists of interconnected akaganeite spheres with a film 

thickness of ≈4 μm (see the SEM cross-section in Figure 4d). The average size of the spheres 

is relatively large (ca. 750 nm). 

However, the XRD-based domain size is still in the range of a few nanometers (Figure S9d in 

the Supporting Information), indicating that the small akaganeite nanocrystals act as building 

blocks for the macrospheres. The high-resolution SEM image reveals a high textural porosity 

with features ≈10 nm in size, which may indicate the formation of an underlying mesoporous 

structure (see Figure 4f). 

The different dopants have no significant influence on the morphology and thickness of the 

films, showing similar porous structures for all samples. An interesting feature of this in situ 

process is the possibility to fabricate thick stable films. By increasing the reaction time to 2.5 h, 

even 30 μm thick films could be obtained (Figure S9 in the Supporting Information). 

Calcination of the above akaganeite films at 600 °C results in the formation of hematite layers. 

The insets in Figures 4d and g show photographs of the nonheated and heated films with the 

typical dark yellow akaganeite and bright red hematite color, respectively. The corresponding 

SEM images in Figures 4g-i demonstrate that the initial overall film morphology and the 

mesoporous structure of the spheres remain preserved during the heating process. However, 

the spheres shrink to ≈560 nm, leading to a reduction of total film thickness by ≈20%. 
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Generally, all of the films prepared from dispersions (Method 1) or in situ (Method 2) during 

the synthesis are very homogeneous, showing a complete coverage over a large area, as 

demonstrated in the SEM overview images in Figures S6 and S9. The XRD-based domain size 

of hematite films prepared by calcination of the in-situ method can be estimated to be ≈45 nm, 

according to the Debye-Scherrer equation (Figure S9). 

The incorporation of various doping elements into the β-FeOOH nanoparticles not only 

strongly affects their morphology and crystal structure but also introduces novel functional 

properties, which can be used for a design of novel akaganeite-based materials for different 

applications. As an example for the impact of doping, we investigated the performance of 

hematite layers prepared from Sn-doped akaganeite nanoparticles with different doping levels 

in photoelectrochemical water splitting reactions. The hematite films obtained after calcination 

of akaganeite films prepared in situ were subjected to CV measurements while being 

illuminated with a blue LED. Note that the hematite films obtained at 600 °C show low 

photoelectrochemical activity. We attribute this observation primarily to the small domain size 

and, consequently, the large number of grain boundaries present where recombination can 

occur. Because of the increased phase transformation temperature of the nanosized akaganeite, 

a higher temperature would be necessary to obtain highly photoactive hematite layers, which 

requires a large size of the crystalline domains (temperatures of ≈800 °C are reported in the 

literature to yield hematite with the maximum performance).[1, 56-57]  
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Figure 5 Photoelectrochemical performance of undoped hematite films prepared in situ and Sn(IV)-doped 

hematite films. (a) CV curves for single layers containing 0 at% Sn (black), 3 at% Sn (gray), 5 at% Sn (light 

red), 10 at% Sn (red), and 20 at% Sn (brownish red), respectively, under illumination with a blue LED 

(intensity = 9.16 × 1016 cm-2 s-1); corresponding dark CV curves are shown in light gray, gray, dark gray, 

and black, respectively. (b) Photocurrent densities for the different Sn-containing films at 1.23 V vs. RHE. 

 

However, introducing only 3 at% Sn(IV) ions into the hematite lattice significantly increases 

the photocurrent density from 6.04 × 10-4 mA cm-2 for the undoped hematite to 0.04 mA cm-2 

for 3 at% Sn content to reach a maximum of 0.09 mA cm-2 at 1.23 V vs. RHE for 10 at% Sn 

content (Figures 5a and b). A further increase in Sn content to 20 at% reduces the photocurrent 

density to 0.05 mA cm-2 at 1.23 V vs. RHE (Figure 5a), in good agreement with reported 

observations.[58-59] To increase the amount of PEC active material, multiple layers of hematite 

were prepared by placing a calcined Sn10 film into the reaction mixture, allowing for a new 

FeOOH film to grow on top of the first layer that was calcined again at 600 °C. This procedure 

was repeated to obtain the desired number of layers. The presence of a second layer already 

led to a remarkable increase in photocurrent density, reaching 0.34 mA cm-2 at 1.23 V vs. RHE. 

The photocurrent was further enhanced to 0.39 mA cm-2 by applying a third layer (Figure 5b). 
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5.3 Conclusion 

The microwave-assisted synthesis in t-BuOH enables the fabrication of nonagglomerated 

crystalline β-FeOOH akaganeite nanoparticles. The remarkable feature of the obtained 

nanoparticles is their very small size (≈4 nm in width and up to 90 nm in length, the smallest 

reported so far), and the possible incorporation of different dopant ions at very high 

concentrations of up to 20 at%. We attribute the increased solubility of the dopants to the 

kinetic control of the reaction, together with the extremely small crystal size, which can 

stabilize the unusual chemical compositions while retaining the akaganeite structure.  

The dopant incorporation is influenced by the oxidation state of the dopants, showing a higher 

uptake level for high valence state ions such as Ti(IV), Si(IV), and Sn(IV). The dopants have 

a strong impact on the size and morphology of the β-FeOOH nanocrystals, ranging from low-

aspect-ratio (almost spherical) to high-aspect-ratio nanorods, depending on the nature and 

concentration of the incorporated ions. Furthermore, the dopants significantly affect the 

crystalline structure and the physicochemical properties of the nanosized akaganeite crystals, 

such as the phase transformation temperature to α-Fe2O3.  

Because of their excellent dispersibility, doped and undoped nanoparticles can be used for film 

fabrication, whereby film thicknesses can be controlled from several nanometers, for films 

prepared from particle dispersions, to several micrometers, for films grown in situ during 

solvothermal reactions. An attractive feature of the doped β-FeOOH nanoparticles is the 

possibility to introduce novel functional properties to akaganeite, as well as to hematite 

structures derived from it, as demonstrated for Sn-doped hematite layers serving as 

photoanodes for photoelectrochemical water splitting. The tunable chemical and functional 

properties of the doped akaganeite nanoparticles make them excellent candidates for a wide 

range of applications, as well as versatile building blocks for the fabrication of doped hematite 

nanomorphologies. 
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5.4 Experimental 

Synthesis of Doped Iron Oxyhydroxide Nanoparticles 

Iron(III) chloride hexahydrate (FeCl3·6H2O) (Sigma-Aldrich, ACS reagent, 97% purity), 

cobalt(II) nitrate hexahydrate (Co(NO3)2·6H2O) (Sigma-Aldrich, ≥98% purity), nickel(II) 

nitrate hexahydrate (Ni(NO3)2·6H2O) (Sigma-Aldrich, purum, ≥97% purity), vanadium(III) 

chloride (VCl3) (Aldrich, 97% purity), titanium(IV) butoxide (Ti(OBu)4) (Sigma-Aldrich, 

reagent grade, 97% purity), tin(IV) chloride pentahydrate (SnCl4·5H2O) (Sigma-Aldrich, 98% 

purity), silicon(IV) chloride (SiCl4) (Aldrich, 99% purity), niobium(V) chloride (NbCl5) (Alfa 

Aesar, 99% purity) were used as received. tert-butanol (t-BuOH) was purchased from Sigma-

Aldrich (puriss. p.a., ACS reagent, ≥99.7%), dried over a 4 Å molecular sieve at 28 °C and 

filtered prior to use. For the solvothermal microwave-assisted synthesis of metal (M)-doped 

β-FeOOH nanoparticles (where M = Co, Ni, V, Ti, Sn, Si, Nb), FeCl3·6H2O was mixed with 

the dopant precursor in the desired molar composition, while the total amount of the metal 

precursors was kept at a constant value of 0.6 mmol. The dopant concentration (cM) was 

calculated using the equation 

     𝑐𝑀 =  
𝑛𝑀

0.6 𝑚𝑚𝑜𝑙
    (1) 

with nM being the molar amount of the metal dopant precursor. As an example, for the synthesis 

of Sn0.2Fe0.8OOH nanocrystals, 129.7 mg (0.48 mmol) of FeCl3·6H2O was mixed with 42.1 mg 

(0.12 mmol) of SnCl4·5H2O. The solid mixtures were added to 14 mL of tert-butanol in a 

microwave Teflon vessel, forming a suspension that was yellow to rusty-red in color, 

depending on the dopant, then placed into a ceramic microwave reactor and hermetically 

sealed. The reactions were carried out under vigorous stirring at 80 °C for 1 h with the 

microwave radiation power limited to 120 W and 14 mL of H2O in the reference vessel 

resulting in uniform brown, red, or yellow dispersions of nanoparticles. The as-prepared 

particles were dried in air by evaporating the solvent at 80 °C on a hot plate, resulting in 



5.4 Experimental 

 

247 

 

M/β-FeOOH nanopowders that exhibit various particle shapes and sizes. Dispersions of the 

M/β-FeOOH nanoparticles were prepared in water or water/ethanol mixtures with the addition 

of acetic acid.  

In a typical dispersion procedure, 1 mg of the dried powder was covered with 500 μL water 

(Millipore) and 20 μL of acetic acid was added to the turbid mixture. After 10 min of stirring, 

colloidal dispersions with a metal oxide concentration of 2 mg mL-1 were obtained. 

Characterization 

Wide-angle X-ray diffraction (XRD) analysis was carried out in transmission mode using a 

STOE STADI P diffractometer with Cu Kα1 radiation (λ = 1.54060 Å) and a Ge(111) single-

crystal monochromator that was equipped with a DECTRIS solid-state strip detector (Mythen 

1K). Powder XRD patterns of the samples were collected with an omega-2theta scan in the 2θ 

range from 5° to 70° with a step size of 1° and a fixed counting time of 90 s per step and a 

resolution of 0.05°. The size of the crystalline domains was calculated from the XRD patterns 

for the (301) reflection, using the Scherrer equation. Raman spectroscopy was carried out using 

a LabRAM HR UV-vis (HORIBA JOBIN YVON) system, a Raman microscope (OLYMPUS, 

Model BX41) with a liquid-N2-cooled Symphony CCD detection system and a He-Ne laser (λ 

= 633 nm). The resulting spectral resolution of the measurements was 1.2 cm-1, which was 

achieved with a 100 μm confocal pinhole aperture and a 600 gr mm-1 grating as dispersive 

element. For spectra recorded with high laser power (10 mW laser and filter, with an optical 

density of 0.6), an Olympus MPLAN objective lens (numerical aperture 0.75) with a 50X 

magnification, and acquisition times of 50 s per spectrum with 6 accumulations were used. The 

acquisition of spectra with reduced laser intensity (optical density of the filter = 2.0) was done 

using an Olympus MPLAN objective lens with a 10-fold magnification (numerical aperture = 

0.25) and integration times of 60 s with 421 accumulations. High-resolution transmission 

electron microscopy (HRTEM) images were taken using a FEI Titan 80-300 microscope that 
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was operated at 300 kV. High-angle annular dark field (HAADF) and annular bright field 

(ABF) scanning TEM (STEM) images were taken using a FEI Titan Themis microscope with 

aberration correction of the probe-forming lenses operated at 120 kV or 300 kV. Energy-

dispersive X-ray spectroscopy (EDS) was performed using a SuperX windowless, four 

quadrant silicon drift detector with a solid angle of 0.7 sr. TEM specimens were prepared by 

dispersing the colloid of akaganeite nanoparticles in ethanol on a holey carbon coated copper 

grid and drying in air. Hydrocarbon contaminants were removed by plasma cleaning for 15 s 

at 50 mW and, in some cases, large-area illumination in the TEM for 40 min. Dynamic light 

scattering (DLS) measurements were performed on a MALVERN Zetasizer-Nano instrument 

equipped with a 4 mW He-Ne laser (λ =633 nm) and an avalanche photodiode detector. 

Secondary electron images were obtained with a JEOL JSM-6500F scanning electron 

microscopy (SEM) system that was equipped with a field emission gun operated at 5 kV and a 

FEI Helios NanoLab G3 UC SEM equipped with a Schottky thermal field emitter operated at 

3 kV (20 kV for EDS), ELSTAR in-lens BSE/SE detector and an silicon drift detector (SDD) 

(OXFORD INSTRUMENTS, Model X-MaxN). The films were prepared on Si substrates and 

glued onto a brass sample holder with silver lacquer. Thermogravimetric analysis (TGA) and 

differential scanning calorimetry (DSC) of the samples was performed on a NETZSCH Model 

STA 440 C TG/DSC system (using a heating rate of 10 K min-1 in a stream of synthetic air of 

≈25 mL min-1). 

Film Preparation 

For film preparation, fluorine-doped tin oxide (FTO) coated glass (TEC 15 Pilkington TEC 

glass, 2.5 × 1.5 cm) was used as a conductive substrate. Prior to use, the FTO was washed by 

sequential sonication for 15 min each in detergent (1 mL Extran in 50 mL Millipore water), 

water (Millipore), and ethanol (absolute) and dried in a N2 stream. The films on the FTO 

substrates were prepared by deposition of the dispersed preformed akaganeite nanoparticles 
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(Method 1), as well as in situ in the microwave synthesis (Method 2). Thin films (Method 1) 

were prepared by deposition of the dispersed akaganeite nanoparticles by spin coating on the 

FTO substrates. For the spin coating method, 40 μL of akaganeite dispersion was deposited on 

a masked FTO substrate exposing an area of 2.25 cm2 and spun at 1000 rpm for 30 s. The films 

prepared in this way were subsequently dried at 80 °C in a laboratory oven resulting in films 

35 - 250 nm thick. Photoelectrodes (Method 2) were prepared in situ by placing the FTO 

substrates into a specially designed sample holder that allows for magnetic stirring during the 

microwave reaction, while keeping the substrates covered in solution. The β-FeOOH films 

grown in this way were ≈3 μm thick, exhibiting a porous structure. After the synthesis, the 

nonconductive side of the FTO, as well as 1 cm of the conductive side was cleaned with 1 M 

hydrochloric acid (HCl), leaving a coated area of ca. 1.5 cm × 1.5 cm. To produce metal-doped 

hematite films, the electrodes were subsequently heated to 600 °C in air in a laboratory oven 

with a heating ramp of 3.33 °C min-1 and a dwell time of 30 min. The film growth procedure 

was repeated 2 or 3 times to obtain double or triple hematite layers, respectively. To introduce 

a Co(II) co-catalyst, the calcined films were subjected to a surface treatment with a 50 mM 

aqueous solution of Co(NO3)2. The films were dipped into the solution for 30 s, rinsed in 

deionized water, and dried in air. 

Photoelectrochemical Measurements 

Hematite photoelectrodes (obtained from FeOOH films fabricated in situ) were masked with a 

Teflon-coated glass fiber adhesive tape, leaving a circular area of 0.785 cm2 exposed to a 0.1 M 

NaOH aqueous electrolyte. All electrochemical measurements were performed in a quartz cell, 

using a METROHM Autolab PGSTAT302N potentiostat/galvanostat with a FRA32 M 

impedance analyzer connected to a Ag/AgCl/KCl (sat.) reference electrode (+0.197 V vs. 

NHE) and a Pt mesh counter electrode. Potentials versus the reversible hydrogen electrode 
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(ERHE) were calculated from those measured at pH=13 versus the Ag/AgCl electrode EAg/AgCl, 

according to the relation: 

ERHE = EAg/AgCl + 0.197 + 0.059 pH 

The light intensity was measured inside the cells using a 4 mm2 photodiode that had been 

calibrated against a certified Fraunhofer ISE silicon reference cell equipped with a KG5 filter. 

The currents were obtained using cyclic voltammetry (CV) in darkness or under illumination, 

with a scan rate of 20 mV s-1. Illumination was incident through the substrate, provided by a 

high-powered light-emitting diode (LED) (THORLABS, 455 nm). 
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5.5 Supporting Information 

Following Supporting Information is associated with this publication: Influence of different 

iron precursors and the reaction conditions on the formation of akaganeite; time-resolved 

Raman investigation of the β-FeOOH powder; SEM images of β-FeOOH films prepared by 

spin-coating from H2O/EtOH nanoparticle dispersions; TGA and DSC curves of the doped 

β-FeOOH powders; SEM images of thick β-FeOOH films grown in situ during the microwave 

reaction before and after annealing in air. 

 

 

Figure S1 Influence of different iron precursors and the reaction conditions on the formation of akaganeite. 

(a) XRD patterns of powders obtained at the same reaction conditions using Fe(NO3)3, Fe(acac)3 (black) 

and FeCl3 (pink) as precursors. (b) XRD patterns of samples obtained using FeCl3∙6H2O at different 

reaction conditions. The numbers indicate the microwave power in W, temperature in °C and reaction time 

in hours or minutes. β-FeOOH pattern ICDD card number 01-074-2567 (grey lines). FeCl2∙4H2O pattern 

ICDD card number 00-016-0123 (black lines). 

 

The Fe compounds Fe(NO3)3, Fe(acac)3 and FeCl3 were investigated as precursors for the 

akaganeite synthesis. The XRD patterns in Figure S1a show the formation of β-FeOOH only 

in case of FeCl3. Iron nitrate results in an amorphous phase and Fe(acac)3 did not react at the 

relatively low temperature of 120 °C, probably because the solubility of iron acetylacetonate 
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in tert-butanol is rather low. The sharp reflections in the XRD pattern correspond to the 

precursor signals. Figure S1b shows XRD patterns of selected powders obtained at different 

reaction conditions. The initial synthesis was performed at 1200 W microwave power, 120 °C 

for 1 h and resulted in phase-pure 8 nm sized β-FeOOH particles (calculated from the (301) 

peak using the Scherrer equation). To obtain smaller crystals, the reaction temperature was 

reduced to 80 °C, resulting in particle sizes of around 5 nm. The further decreased temperature 

of 60 °C was too low to obtain phase-pure akaganeite, as a second phase corresponding to 

FeCl2∙4H2O is visible in the XRD pattern (Figure S1b, black reference pattern). Further 

reactions were carried out at 80 °C with reduced microwave radiation power. The smallest 

particle dimensions of around 5 nm were obtained upon heating with 120 W for 1 h 

(Figure S1b, pink). Further decrease in the reaction time to 40 min and 30 min again resulted 

in a mixture of β-FeOOH and FeCl2∙4H2O. The reaction conditions 120 W, 80 °C and 1 h were 

therefore applied in all following reactions. 

 

Figure S2 Time-resolved Raman investigation of the undoped β-FeOOH powder. (a) Raman spectra 

recorded every 5 min with a filter (optical density of 0.6) to reduce the intensity of the laser beam (grey). 

The orange spectrum was taken after exposure of the sample to the laser with full intensity for 1 s. 

Micrographs of the sample with a 10-fold magnification (b) before, (c) during and (d) after the Raman 

measurement, showing a dark spot caused by the laser beam. 
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Figure S2 shows an in-situ time-resolved Raman study of the undoped β-FeOOH. The spectra 

were taken with a time step of 5 min using an intensity-reducing laser filter (Figure S2a) with 

an optical density of 0.6. The signals at 221 cm-1 (A1g), 237 cm-1 (Eg), 284 cm-1 (Eg), 398 cm-1 

(Eg), 489 cm-1 (A1g), 601 cm-1 (Eg) and 649 cm-1 (Eu) can be assigned to hematite (α-Fe2O3) 

bands. Noticeably, neither β-FeOOH nor any other phases are visible below 10 min irradiation. 

The hematite spectrum starts to appear after 15 min and becomes gradually more pronounced 

with extended exposure time. To compare, the unfiltered laser beam immediately leads to the 

formation of hematite (Figure S2a, orange line). Corresponding micrographs recorded before 

and after the Raman measurement in Figure S2b – d show a dark spot occurring at the position 

where the laser beam was focused. This additionally confirms the structural change. 

 

Figure S3 Low laser intensity (filter with optical density 2.0) Raman spectra of undoped (a) Ni(II) doped (b) 

V(III) doped and (c) Sn(IV) doped akaganeite nanocrystals. 

 

Figure S3 shows Raman spectra of β-FeOOH with selected doping elements ( (a) Ni, (b) V and 

(c) Sn) with oxidation states +II to +IV in various concentrations acquired by low laser intensity 

(filter with optical density 2.0) to avoid heat induced phase transformation to the hematite 

phase. The Raman spectra confirm the formation of akaganeite phase in the microwave assisted 

solvothermal synthesis, indicated by the presence of the phase specific bands at 310 cm-1 and 

390 cm-1 as well as by the absence of the hematite specific bands at 223 cm-1 and 289 cm-1. 

Higher doping concentration reduces the crystallinity in the shown cases, indicated by a relative 
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loss in the signal intensity of the specific bands and causes the formation of side products above 

the solubility limit of the respective doping elements in the β-FeOOH structure. An analysis of 

the shift of the akaganeite specific Raman bands in dependence of the doping ion concentration 

is not possible due to broad peaks in general and a low signal level caused by the reduced laser 

intensity. 

 

Figure S4 TEM micrographs of (a, b) 5 at% Ti (IV), (c, d) 10 at% V(III) and (e, f) 20 at% Sn(IV) doped 

β-FeOOH with corresponding EDX quantification of doping ion concentrations in the nanocrystals. 
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Figure S5 SEM micrographs of (a) undoped, (b,c,d), 5, 10, 20 at% Sn(IV) doped (e) 5 at% V(III) and (f) 

20 at% Ni(II) β-FeOOH with corresponding EDX quantification of doping ion concentrations on the 

microscale. 

 

 

 

 

 

 

 

 

 

Figure S6 SEM images of β-FeOOH films prepared by spin-coating from H2O/EtOH nanoparticle 

dispersions with the concentrations of (a) 2 mg mL-1 and (b) 10 mg mL-1 on FTO substrate. 
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Figure S7 TGA and DSC curves of the samples Ti10 (pink), Sn10 (black) and Nb10 (grey). 

 

Thermogravimetric analysis (TGA) and differential scanning calorimetry (DSC) curves of the 

samples Ti10, Sn10 and Nb10 in Figure S7 show several processes that are accompanied by 

changes in mass. The endothermic process with the mass loss of around 5 % at 100 °C 

corresponds to evaporation of adsorbed water and is visible for all samples that are stored in 

air. In the range between 100 and 400 °C all organic species such as tert-butoxide residues are 

burned off as well as structural bound water and stabilizing chloride ions with the greatest mass 

loss of around 20 %. The exothermic events with only minor mass losses of 2 – 3 % between 

480 and 600 °C are caused by the phase transformation into hematite, as is supported by the 

XRD results. 
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Figure S8 SEM images of a thick β-FeOOH film grown in situ for 2.5 h on FTO substrate during the 

microwave reaction. (a1, a2, a3) Different magnifications of the as-prepared β-FeOOH film. (b1, b2, b3) 

Different magnifications of the film after annealing at 600 °C and phase transformation to α-Fe2O3. 
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Figure S9 SEM images of as-prepared β-FeOOH films grown in situ on FTO during the microwave reaction 

with a reaction time of (a) 2.5 h and (c) 1 h. (b) SEM image of the film grown in situ for 2.5 h on FTO after 

annealing at 600 °C and phase transformation to α-Fe2O3. The scale bars correspond to a length of 10 µm. 

Powder XRD patterns (material scratched from substrate) of as-prepared β-FeOOH films grown in situ 

during the microwave reaction with a reaction time of 2.5 h (d, grey curve) and XRD pattern of 

corresponding film (material scratched from substrate) after annealing at 600 °C (d, dark-red curve). 

Corresponding reflections (akaganeite (112), hematite (104)) in insets (d) used for estimation of crystalline 

domain size according to the Debye-Scherrer equation. 

 

In Figure S9, SEM cross section micrographs of in situ prepared akaganeite films by 

microwave assisted synthesis reveal a homogenous coverage of the substrate over the whole 

image of ≈250 µm. The XRD-based domain size of the in situ prepared akaganeite films is 

estimated to be ≈9 nm according to the Debye-Scherrer equation (Figure S9a, d), indicating 

that the small akaganeite nanocrystals act as building blocks for larger macro-spheres visible 

in SEM. The XRD-based domain size of thermally transformed akaganeite films to hematite at 

600 °C (Figure S9b, d) can be estimated to be about 45 nm according to the Debye-Scherrer 

equation. 
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Figure S10 (a, b) SEM cross section micrograph and (b, c) EDX elemental distribution maps of a 10 at% Sn 

doped α-Fe2O3 film on FTO substrate prepared by thermal transformation (600°C) of a β-FeOOH film 

grown in situ during microwave reaction (1 h). 

 

A SEM cross section micrograph (Figure S10a, b) of a 10 at% Sn doped α-Fe2O3 film on FTO 

substrate prepared by thermal transformation (600°C) of a β-FeOOH film grown in situ during 

microwave reaction (1 h) was further investigated by EDX to map the Sn atom distribution 

across the film depth. The quantitative elemental mapping images in Figure S10 c show a 

homogenous Fe atom distribution in the investigated film depth of ≈1.5 µm from the FTO 

substrates upwards. The Sn atom concentration in the FTO substrate can be clearly 

distinguished from the 10 at% Sn doping in the overlaying α-Fe2O3 film and shows a rather 

homogenous distribution throughout the measured mapping area. Heating of the akaganeite 

film on the FTO substrate at 600 °C does not seem to promote a significant Sn atom migration 

from the substrate into the β-FeOOH film, as no clear gradient in the Sn atom distribution is 

visible. 
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6. V(III) Doped Nickel Oxide-Based Nanocatalysts for Electro- 

chemical Water Splitting: Influence of Phase Composition and  

Doping on the Electrocatalytic Activity 

This chapter is based on the following manuscript: 

Böhm, D., Beetz, M., Kutz, C., Zhang, S., Scheu, C., Bein T., and Fattakhova-Rohlfing, D. 

 

 

 

 

ToC image: Schematic illustration of the effect of vanadium (III) doping and chemical aging 

duration on the phase transformation of α-Ni(OH)2 to well-stacked β-Ni(OH)2 or remaining 

V(III) containing disordered α-phase. An evaluation as oxygen evolution reaction catalysts 

revealed a strong influence of the chemical aging process and related crystallinity with the 

electrocatalytic activity.
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6.1 Introduction 

Hydrogen generated by energy from renewable sources is regarded as a potential clean energy 

carrier and storage medium for the future energy and mobility sector.[1-2] In addition, the 

generated “green” hydrogen can further be used as process feedstock to lower the 

environmental impact in industry and generate valuable chemicals.[3-4] Alkaline electrolysis has 

been in commercial use for decades and employs nickel-based electrocatalysts that exhibit 

some of the highest activity within the 3d metal group, in addition to their relatively low cost 

and great abundance in contrast to noble metal catalysts such as RuO2 and IrO2.
[5-6] 

Oxygen evolution reaction (OER) catalysts on the anode side are thereby required to promote 

the kinetically more demanding half-reaction of the overall water splitting reaction involving 

four proton-coupled electron transfer reactions and an O-O bond formation step.[7] In the recent 

years diverse nickel-based OER catalyst such as Ni-transition metal (TM) layered-double 

hydroxides[8-10], Ni-TM-phosphides (Ni-TM-P)[11-12] and micro- and nanostructured nickel-

TM-oxide and -hydroxides[13-14] gained considerable attention due to their high catalytic 

activity and stability under alkaline OER conditions.[15] The outstanding performance of these 

catalysts is attributed to synergistic effects of nickel and neighboring transition metals as well 

as a result of nanosizing and -structuring leading to a significantly increased catalytic surface 

area or an increased share of exposed highly active crystal facets or coordination unsaturated 

edge-structures.[15] Among the transition metals investigated for doping nickel-based materials 

to date, iron was first reported in 1987 by D. Corrigan to influence the OER activity of nickel 

oxide anodes.[16] Since then Ni-Fe based catalyst were intensively investigated due to their high 

performance, although the exact mechanism behind the extraordinary decrease in the OER 

overpotential (ηOER) as well as the structure and identity of the catalytically active site were 

still unclear. This has been attributed to the numerous difficulties arising from the complex 

structure-activity relationship in the nickel hydroxide structure.[8] 
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Recent studies revealed that even trace concentrations of transition metal ions, down to the 

parts per billion level in the electrolyte, have a tremendous effect on the OER activity of pure 

undoped Ni(OH)2 anodes, which otherwise exhibit a low OER activity and rather high OER 

overpotential.[17-18] In-situ X-ray absorption spectroscopy analysis of Ni−Fe oxides together 

with density functional theory (DFT) calculations in the group of Bell have indicated that iron 

and not nickel is the active site for the catalytic reaction in the mixed-metal oxide films.[18-19] 

However, the fact that pure iron (oxy)hydroxide films do not show a reasonable OER activity 

and that the performance of mixed NiFe catalysts reaches a maximum activity for ≈25 at% Fe 

level indicates that a surrounding NiOOH matrix is required for the dopant active sites.[19] It 

could be further shown by X-ray absorption spectroscopy and with cyclic voltammetry (CV) 

data that an initially present α-Ni(OH)2 phase with nickel in oxidation state +II is transformed 

to a structurally similar Ni3+-containing γ-NiOOH phase at elevated potential, representing an 

initial active phase for OER, which is in accordance with the phase transition model of Ni(OH)2 

first proposed by Bode et al. and extended by Mellsop et al..[19-21] 

These findings highlight the importance of the initial Ni(OH)2 phase as a second important 

factor determining the electrochemical properties of Ni-based catalysts, whose final structure 

can strongly vary depending on the synthesis conditions and chemical or electrochemical post-

treatments. The α-Ni(OH)2 phase is a layered brucite-type structure composed of Ni2+ ions 

bound to six octahedrally coordinated OH- anions (each hydroxide being bonded to three nickel 

ions), with water molecules between the parallel layers.[19] It is further known that several 

forms of structural disorder exist, including stacking defects, different degrees of hydration and 

the incorporation of foreign anions resulting in a turbostratic structure.[22] An interesting and 

electrochemically relevant reaction for the nickel hydroxide is known as chemical aging, in 

which α-Ni(OH)2 converts to a well-ordered β-Ni(OH)2 phase with parallel-stacked layers 

accompanied by a removal of interlayer H2O. Depending on the pH value, this process can 
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proceed via either a dissolution/precipitation mechanism comparable to Ostwald-ripening, or a 

“zipper” model displacing interlayer H2O molecules with hydroxide as the “teeth” on a nickel 

backbone.[23] Among other transition metal ions, doping with trivalent Al3+ was shown to 

significantly affect the stacking of Ni(OH)2 layers during the aging process and thereby to 

stabilize the α-phase.[24-25]  

In a recent work by Fan et al. the synthesis of highly OER active monolayers of vanadium (III) 

doped Ni(OH)2 layered double hydroxide (LDH) of the α-Ni(OH)2 phase was demonstrated, 

even outperforming similarly synthesized NiFe(OH)2 LDH. The effect of V-doping on the 

catalytic activity and the complex nature of active sites in Ni(OH)2-based OER catalysts are 

however not yet fully understood.[8]  

To investigate the structure-activity relationship of V(III) doped Ni(OH)2, we have synthesized 

nanosized Ni1-xVx(OH)2 with different degrees of V-doping to address the following questions: 

(i) whether the doping element vanadium is incorporated in the crystal structure and how it 

affects the morphology at the nanoscale; (ii)  how V-doping influences the phase transformation 

of α- to β-Ni(OH)2 phase during the chemical aging process (iii) how the altered phases and 

nanostructures of doped Ni(OH)2 correlate with the catalyst performance towards the oxygen 

evolution reaction. Since small particle sizes below 10 nm[26-28] and a high degree of disorder[29-

30] within the structure of nickel hydroxide are reported to positively influence the catalytic 

activity of the material as shown for recent examples of highly OER active nanostructured α-

Ni(OH)2 
[31-33], we have modified a rapid aqueous oxidation method introduced by Sutto for the 

synthesis of various metal hydroxide nanoparticles[34] to obtain nanosized undoped and V-

doped α-Ni(OH)2. 
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6.2 Results and Discussion 

Figure 1 depicts the synthesis approach used for the fabrication of pure and vanadium doped 

α- and β-Ni(OH)2 polymorphs.  Rapid oxidation of the aqueous Ni(II) / V(III) solution and 

quenching with MeOH under optimized reaction conditions (see supplementary information 

Figure S1-4) leads to the co-precipitation of an α-Ni1-xVx(OH)2
+Cl- product whose color 

gradually shifts from turquoise and green to yellow for increased V(III) concentrations 

(Figure 1b). The transformation to the β-Ni(OH)2 phase could be achieved by stirring the 

aqueous reaction product under ambient conditions, as revealed by X-ray diffractograms 

(XRD) (Figure 2a). Reaction products stirred and aged for up to 1 h (Figure 2a black curve) 

display broad reflections correlated with the α-Ni(OH)2 phase (see zoom insets in Figure 2a for 

details), which gradually transforms to the β-phase with broad reflections visible after 3 h aging 

time (dark grey curve). The proposed models for this phase transition known as chemical aging 

are the ripening and zipper models, whereby the latter one is assumed to dominate at the given 

reaction conditions in deionized (DI) water.[23] The different broadening of the 100 and 101 

reflex is thereby associated with a β-phase Ni(OH)2 structure with defects in the layer 

stacking[30, 35], which increases in order by visibly sharpened reflections upon extended aging 

periods of 24 h (brownish curve) and 2 weeks (orange curve). 

To effectively discriminate between α and/or β-phase Ni(OH)2 we have used Raman 

spectroscopy, which is very sensitive towards structural variation induced by the degree of 

hydration, crystallinity or impurities in form of doping elements. Differently aged products 

(Figure 2b) indicate the presence of a Ni(OH)2 phase by the strongly visible lattice vibrational 

mode at 450 cm-1 associated with both the α- (lattice mode) and β-phase (A1g mode)[22]. With 

increasing aging duration the α-phase associated 2nd order lattice vibrational mode at 

1075 cm-1[22] is reduced and not further visible in the spectra of the 24 h aged sample. In parallel 

with ongoing aging periods an increased intensity for the β-phase associated Eg mode is shown 
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at ≈315 cm-1 as well as for the vibrational mode at 3581 cm-1 associated with surface OH, 

lattice/bulk OH and layer H2O.[22] According to the Raman spectra and X-ray diffractograms, 

for up to 1 h aging, the pure α-Ni(OH)2 is formed, which slowly undergoes a phase transition 

to β-Ni(OH)2 by chemical aging in DI water within ≈24 h, with an intermediate product 

associated with an interstratified α/β-phase Ni(OH)2 structure after 3 h aging.[23] The emerging 

β-phase Ni(OH)2 structure for the 3 h aged samples thereby exhibits strong structural defects 

shown by respective XRD line broadening and the presence of α and β-phase related Raman 

bands, which are associated with a disordered stacking sequence.[23] 

 

Figure 1 Schematic illustration of products prepared by the α/β-Ni1-xVx(OH)2+ Cl- synthesis route. (a) 

Schematic illustration of rapid co-precipitation by KO2, phase transformation by chemical aging and 

calcination of NixV1-x(OH)2. (b) Image of Ni1-xVx(OH)2+ Cl- product series with x∈[0;1]. 

Dynamic light scattering (DLS) (Figure 2c) shows no measurable signal for fresh (aged below 

1 h) Ni(OH)2, as the product is strongly agglomerated and practically not dispersible. However, 

after 3 h aging in solution, nanoparticles in the range of ≈10-20 nm are detected, and for 24 h 

aged Ni(OH)2 the particle sizes increase to ≈80 nm. The observed change in particle size 

indicates that XRD line broadening and sharpening upon aging are not solely based on stacking 

disorder as proposed Delmas et al. but may also originate from the nanosized morphology.[30] 
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To the best of our knowledge, morphological changes on the nanoscale from interstratified α-

Ni(OH)2 to β-Ni(OH)2 nanoparticles were not reported in the literature so far, although β-

Ni(OH)2 nanoparticles in the range of 10 - 25 nm were observed but not specifically 

characterized as an aging product of α-Ni(OH)2.
[13] Further transformation to larger β-Ni(OH)2 

sheet-like structures with disordered stacking sequence upon chemical aging and 

transformation to an ordered β-Ni(OH)2 phase are well described in the literature, including 

their properties as OER catalysts.[20, 36-38] The focus in most of the recent literature is thereby 

on the activity of specifically synthesized α- or β-phases featuring various nanostructures[13, 31-

32, 39], however lacking a detailed investigation of the nanomorphology change during the 

chemical aging process and the effect of doping elements on this process. In this work, we 

therefore wish to address the question of how the addition of vanadium (III) ions in the 

synthesis influences the time-dependent phase transformation and morphological changes and 

to correlate these modifications with changes in OER activity. 
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Figure 2 Structural characterization of time-dependent phase transitions of undoped and V(III)-doped 

NiOH2 in aqueous solution (a) X-ray diffractograms of undoped Ni(OH)2 after 1, 3, 24 h and 2 weeks of 

stirring of the aqueous reaction product mixture before drying. (b) Raman spectra of undoped Ni(OH)2 

after 1, 3 and 24 h of stirring of the aqueous reaction product mixture before drying. (c) Dynamic light 

scattering data of a diluted sample of undoped Ni(OH)2 after 3 and 24 h of stirring of the aqueous reaction 

product mixture. X-ray diffractograms of a series of V(III)-doped Ni(OH)2 (0-100 at% V(III)) after (d) 1 h 

and (e) 24 h of stirring of the aqueous reaction product mixture. α-Ni(OH)2 (Ni(OH)2 x 0.75 H2O) pattern: 

ICDD card # 00-038-0715 (rhombohedral, a = b = 3.08 Å, c = 23.41 Å, α = β = 90°, γ = 120°). β-Ni(OH)2 

(Ni(OH)2) pattern: ICDD card # 00-014-0117 (hexagonal, a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120°). 

(e) Raman spectra of a series of V(III)-doped Ni(OH)2 (0-100 at% V(III)) after (f) 1 h and (g) 24 h of stirring 

of the aqueous reaction product mixture. The bands at 450 cm-1 (lattice mode) and 1070 cm-1 (2nd order 

lattice mode) are assigned to the α-Ni(OH)2 phase.[22-23] Bands at 447 cm-1 (A1g lattice mode), 3581 cm-1 (O-

H stretch / lattice OH / layer H2O mode) and 3690 cm-1 (surface O-H stretch) were assigned to the β-Ni(OH)2 

phase.[23] 

The addition of 2 at% V(III) results in the formation of a product with visibly altered 

crystallinity, as indicated by the broadened reflections in the respective diffractogram in 

Figure 2d for the ≈3 h aged doping series as compared to the undoped material (black curve). 

With increasing V(III) concentration, the reflections broaden significantly, which indicates a 

delayed aging process with increased stacking defects and small crystallite domain sizes. A 

successful doping of V(III) in the Ni(OH)2 structure by the proposed rapid co-precipitation 
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synthesis is indicated by a gradual shift of the 100 reflection at ≈34 °2-theta and 110 reflection 

at ≈60 °2-theta to higher angles in the concentration range of 0-50 at% V(III) due the slightly 

smaller ionic radius of V3+(≈0.64Å)[40] vs. Ni2+(0.69Å)[40].  

Inductively coupled plasma – optical emission spectrometry (ICP-OES) measurements 

(Figure S1) of washed co-precipitation products furthermore confirmed the quantitative 

incorporation of vanadium ions over a range of 1-15 at%. Even for a 50 at% V(III) 

concentration in the precursor solution, ≈39 at% vanadium is incorporated in the reaction 

product without any visible side phase formation (as observed by XRD) (Figure 2d). 

The presence of vanadium ions is visible in the Raman spectra of samples doped with as little 

as 1 at% V(III), with an additional band present at around ≈775 cm-1 attributed to a V-O 

vibrational mode, which was not reported in literature so far for doped Ni(OH)2. With 

increasing vanadium content, a broad band at ≈845 cm-1 with a shoulder at ≈900 cm-1 arises. 

These may be attributed to vanadium oxide anions, which may form after the solubility limit 

of V3+ ions in Ni(OH)2 is reached. The insertion of vanadate anions into the interlayer space 

was described by Park et al..[41] This concentration-dependent increase of interlayer ion-

associated bands is correlated with a decrease in intensity of the β-phase-associated band at 

3581 cm-1, suggesting a lower content of stacked Ni(OH)2 sheets or β-Ni(OH)2 particle size 

with surrounding α-phase.[23, 26] Doping concentrations of 50 at% V(III) in the precursor 

solution, corresponding to ≈39 at% V(III) content in the product (Table S1) show one dominant 

band at 850 cm-1, besides broadened bands at ≈775 and ≈900 cm-1. The difference in band 

intensities may thereby be explained by an altered amount of excitable inter- and intralayer V-

O vibrations. 

A chemical aging period of 24 h for the Ni1-xVx(OH)2 series reveals a correlation between the 

V-doping concentration and the crystallization process over an intermediate nanocrystalline β-

phase Ni(OH)2 (3 h aged sample) with high stacking disorder to form the β-phase product (24 h 
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aged sample) with increased stacking order. Doping concentrations as low as 2 at% V(III) 

(Figure 2e) significantly delay the ordering of Ni1-xVx(OH)2 sheets, with concentrations from 

10 at% V and higher fully preventing further crystallization as shown by matching 

diffractograms of 3 h vs. 24 h aged samples with respective concentrations. An inhibiting effect 

of V(III) ions on the β-Ni(OH)2 crystallization and ordering by chemical aging is also visible 

in the Raman spectra of the differently aged doping series. The intensity of the band 

corresponding to the A1g lattice mode at ≈450 cm-1, corresponding to both α- and β-Ni(OH)2
[22], 

is inversely correlated to the V(III) concentration as well as the band at 3581 cm-1, which is 

associated with an O-H stretch / lattice OH and layer H2O mode[22] observed for undoped β-

phase Ni(OH)2 (Figure 2b). 

Time-dependent phase transitions induced by chemical aging were investigated in more detail 

by electron microscopy to correlate changes of the crystal structure analyzed by XRD and 

Raman spectroscopy to the nanoscale morphology and local structure of the material. 

Figure 3a-c confirms the amorphous and agglomerated structure of up to 1 h chemically aged 

Ni(OH)2 as indicated above by XRD, Raman and DLS data. The electron diffraction pattern 

shows broad diffuse rings that are attributed to the presence of α-phase Ni(OH)2. The 

crystallization of small nanoparticles in the range of 2-4 nm from the surrounding turbostratic 

α-phase (Figure 3d) for 3 h aged Ni(OH)2 could be observed directly in high resolution TEM 

images (Figure 3e and inset) and was already proposed by DLS measurements (Figure 2c), 

with lattice spacings of single nanoparticles (Figure S5a) corresponding to the β-phase. In 

agreement with the XRD data, the electron diffraction results confirm the increase in 

crystallinity and transformation to well-stacked β-phase Ni(OH)2 for 24 h aged Ni(OH)2 

(Figure 3i). 
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Figure 3 Structural characterization of time-dependent phase transformations by TEM of 1 h (a-c), 3 h (d-

f) and 24 h (g-i) Ni(OH)2 aged samples. TEM images of 1h aged Ni(OH)2 (a, b) turbostratic phase with 

selected area electron diffraction pattern (c). TEM images of 3 h aged sample (d, e) with nanoparticle (e, 

and inset) morphology and ED pattern (f). TEM images of 24h aged Ni(OH)2 sample with nanosheet 

morphology and ED pattern (i). α-Ni(OH)2 (Ni(OH)2 • 0.75 H2O) pattern: ICDD card # 00-038-0715. β-

Ni(OH)2 (Ni(OH)2) pattern: ICDD card # 00-014-0117. 

The visibly sharpened β-Ni(OH)2 101 reflection observed by XRD (Figure 2a) upon chemical 

aging suggests - besides a lower amount of defects in the layer stacking - a growth of the 

nanosized material along the crystallographic ac-plane that is directly observable in form of a 
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nanosheet-like morphology and evident in the respective electron diffraction pattern 

(Figure 3i). 

The microstructure of doped Ni(OH)2 was investigated for 5 at% (Figure 4) and 10 / 15 at% 

(Figure S6) V-containing product chemically aged for ≈3 h and 24 h, respectively. 5 at% V-

doped Ni(OH)2 aged for 3 h depicted in Figure 4a,b resembles the nanoparticle-based 

morphology of undoped and equally long aged hydroxide depicted in Figure 3d, e. Although 

the crystallinity shown by XRD (Figure 2d) is lower than that of the undoped counterpart 

(Figure 2a), the electron diffraction pattern (Figure 3f and Figure 4c) indicate a similar β-phase 

Ni(OH)2 structure with disordered stacking sequence. 

An influence on the phase transformation process becomes evident for 5 at% doped samples 

chemically aged for 24 h. As suggested by the X-ray diffractograms in Figure 2d, e, vanadium 

doping strongly inhibits the crystallization and proper Ni(OH)2 sheet stacking, which is 

illustrated by a comparison of the respective electron diffraction patterns (Figure 3i and 

Figure 4f). According to our TEM investigations, V-doping inhibits particle growth along the 

crystallographic ac-plane, as only short and stacked sheet-like structures are observable by 

TEM (Figure 4e) in contrast to tens of nanometer long well-defined sheets (Figure 3g, h) for 

equally aged undoped material. Higher concentrations of 10 and 15 at% V(III) in 3 h and 24 h 

aged samples (Figure S6), respectively, show very similar nanostructures of particles (3 h aged) 

and small sheet-like fragments (24 h aged) in HR-TEM images. 

ICP-OES measurements (Table S1) confirm that the V(III) contents in the Ni1-xVx(OH)2 

samples are very close to the nominal doping level of up to 15 at% V. STEM-EDX mapping 

measurements of 10 at% V-doped samples chemically aged for 3 h (Figure 4g-i) and 72 h 

(Figure 4j-l), further confirm the uniform distribution of V on the nanoscale (Figure 4i,l and 

Figure S7a-f), as well as the micrometer-scale (Figure S7g-i). 

 



6.2 Results and Discussion 

 

277 

 

 

Figure 4 Structural characterization of time-dependent phase transformations of V(III) doped Ni(OH)2 by 

TEM. TEM images and electron diffraction pattern of 5 at% V(III) doped Ni(OH)2 after 3 h (a-c) and 24 h 

(d-f) aging time. β-Ni(OH)2 (Ni(OH)2) pattern: ICDD card # 00-014-0117. STEM atomic-contrast 
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micrographs and EDX elemental mappings of Ni and V of 10 at% V(III) doped Ni(OH)2 after 3 h (g-i) and 

72 h (j-l) aging time. 

It can be concluded that the rapid co-precipitation of the Ni(II) and V(III) precursor by KO2 in 

aqueous solution leads to homogeneously doped α-Ni1-xVx(OH)2 that undergoes a 

transformation to β-phase nanoparticles after ≈1 - 3 h and for low doping concentrations (up to  

≈5 at%) a further assembly/growth of nanoparticles to sheet-like β-Ni(OH)2 particles within 

24 h without a detectable segregation of V(III) dopant. Higher V(III) concentrations ≥10 at% 

thereby inhibit the proper stacking required for the beta phase formation also with a 24 h aging 

duration. 

To further investigate the influence of V(III) doping on the phase transformation upon chemical 

aging, electron energy loss (EELS) spectra (Figure 5 and Figure S8) were recorded. As shown 

in Figure 5b, Ni-L3 and Ni-L2 edges of α-Ni(OH)2 (15 min) and α-Ni0.9V0.1(OH)2 (72 h) are at 

very similar positions. In contrast, the edges of β-Ni(OH)2 (72 h) shift towards higher energy 

loss. The so-called chemical shift is caused by a shift in the unoccupied states with respect to 

the core states (2p for L2 and L3 edges), which may indicate changes in the valence state and 

the local coordination of the present phase. For example, there is a clear peak shift of ≈0.3 eV 

between α- and β-Ni(OH)2. On the other hand, the introduction of 10 at% V(III) hardly changes 

the chemical shift of the α-like Ni0.9V0.1(OH)2. The calculated electronegativity (dimensionless 

values according to the Pauling scale) values of Ni2+ and V3+ are χi = 1.367[42] and χi = 1.545[42], 

respectively. A shift of the Ni-L3 edge due to a partial oxidation of Ni2+ may not be ruled out, 

but clearly plays a lesser role. The EELS measurement serves as further evidence for a V(III) 

induced inhibition of the phase transformation and stacking of turbostratic α-Ni(OH)2 to the 

well stacked β-Ni(OH)2 under given synthesis conditions. 
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Figure 5 Structural characterization of time-dependent phase transformation of V(III) doped Ni(OH)2 by 

EELS. (a) EELS spectrum with V-L3, V-L2 and O-K edge of 10 at% V(III) doped Ni(OH)2 sample after 72 h 

aging. (b) Overlay of EELS spectra in energy loss region of Ni-L3 and Ni-L2 edge of Ni(OH)2 samples after 

15 min (blue curve), 72 h (orange curve) aging, and 10 at% V(III) doped Ni(OH)2 samples after 72 h aging 

(yellow curve). 

The electrochemical performance of chemically aged Ni1-xVx(OH)2 towards the oxygen 

evolution reaction was measured for thin film samples in a diluted KOH electrolyte (see 

experimental part for sample preparation and exact measurement conditions). SEM images of 

prepared electrodes of 1 h and 24 h aged product reveal an aggregated particle-like morphology 

and a smoother sheet containing (indicated by red arrows in Figure S9d) morphology, 

respectively. 

In the cyclic voltammograms, α-phase electrodes (Figure 6a and Figure S10a) show a 

pronounced Ni2+/Ni3+ redox feature centered around 160 mV with respect to theoretical oxygen 

evolution reaction potential of 1.23 V vs. reversible hydrogen electrode (RHE) and referenced 

as ηOER. The Ni3+ oxidation peak located at ηOER=≈250 mV in the first cycle with a marked 

shift to ηOER=≈175 mV for later cycles is attributed to the α-γ phase transformation as proposed 

in the literature.[21, 43-44] The shift of the oxidation peak to lower potentials within the first cycles 

is thereby assumed to result from a restructuring of the initial anodic Ni(OH)2 layer.[21] Upon 

cycling (the 4th vs. the 20th cycle) the Ni2+/Ni3+ redox feature slightly decreases accompanied 
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by an increase in OER activity, which is explained by a quasi-reversible formation of the 

catalytically active γ-NiOOH phase, as widely accepted in the literature.[20-21, 33] 

In comparison, aged β-Ni(OH)2 phase (Figure 6b and Figure S10b) does not show a visible 

reduction to Ni2+ during CV cycling, but a Ni3+ oxidation feature that is ηOER=≈50 mV further 

positive centered at ηOER=≈300 mV than for the α-phase product. During cycling this Ni2+/Ni3+ 

oxidation feature is analogously lowered to ηOER=≈225 mV, which is ≈50 mV higher than for 

the α-phase. The oxidation peak is thereby associated with a less reversible β-Ni(OH)2 to β-

NiOOH transformation and in agreement with the structural characterization of the 24 h aged 

Ni(OH)2 product.[21, 43-44] 

In terms of the OER activity, the turbostratic α-phase product (0 at% V – 1 h aged) (Figure 6e) 

shows, with ≈34.5 mA cm-1, more than 4 times the activity as compared to ≈6.8 mA cm-1 for 

the 24 h aged β-phase Ni(OH)2 (0 at% V – 24 h aged) (Figure 6f), with both values being 

determined for the 20th CV scan cycle at an OER overpotential of 400 mV. The overpotentials 

required to reach an OER current density of 10 mA cm-2 were calculated to be ≈340 mV and 

≈432 mV for the 1 h and 24 h aged sample, respectively. In comparison, α-Ni(OH)2 OER 

catalysts reported by Luan et al. exhibit an OER overpotential of 260-320 mV depending on 

the morphology with highest performance obtained for a nanoparticle based catalyst.[33] A 

further example of an optimized OER catalyst was reported by Zhang et al. who synthesized 

an α-Ni(OH)2-nanosheet catalyst on nickel foam substrate that showed an ηOER of 266 mV.[32] 

The limited OER activity of our prepared catalyst samples compared to literature reports is 

attributed to the non-optimized electrode morphology in form of densely coated, micrometer 

thick (see Figure S9) and relatively poor conductive hydroxide layers deposited simply by 

drop-casting. Together with a non-optimized nanomorphology a comparably low 

electrochemically active surface area is expected which further lowers the performance. 
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The effect of vanadium (III) doping on the cyclic voltammograms of 1 h aged Ni(OH)2 

(Figure 6c and Figure S11a) is a significantly broadened Ni2+/Ni3+ oxidation feature beginning 

around ηOER=150 mV and ranging up to the OER potential depending on the doping 

concentration. The low potential part of the feature thereby indicates the presence of α-

Ni(OH)2, which undergoes the α-γ phase transformation.[21, 43-44] The broadening of the 

oxidation peak enhanced for higher doping concentrations is further regarded to result from a 

restructuring of the initial anodic Ni(OH)2 layer that is still observable after 20 scan cycles, as 

opposed to the undoped α-phase product where this process is completed within the first 2-3 

scan cycles (see Figure 6a). The OER activity of the 1 h aged sample shows a maximum of 

≈38.1 mA cm-1 for 1 at% V-doped sample (Figure 6e and Table S2) and a decrease directly 

correlated to the doping ion concentration. 

In comparison, 24 h chemically aged Ni1-xVx(OH)2 shows a lower and anodically shifted 

Ni2+/Ni3+ redox feature as observed for equally aged undoped Ni(OH)2, indicating a β-Ni(OH)2 

to β-NiOOH transformation for doping concentrations below 10 at% V(III). Higher doping 

concentrations lead to a cathodic shift of the oxidation feature onset by ≈50 mV, which we 

attribute to a partial contribution by a α-γ phase transformation (Figure 6d and Figure S11b). 

According to the voltammograms it can be concluded that 24 h aged Ni(OH)2 doped with 

≥10 at% V(III) shows characteristics of a α/β-Ni(OH)2 mixed or interstratified phase. 

The OER activity (Figure 6f and Table S3) exhibits a maximum at a V(III) concentration of 

5 at%, which results in an approximately doubled (≈14.6 vs. ≈6.8 mA cm-1 at ηOER=400 mV, 

20th scan cycle) catalytic performance for the doped sample. 

The discrepancy between the V(III) ion concentrations of catalytically most efficient 1 h and 

24 h aged samples indicates that the structure/morphology of Ni(OH)2 modified by the doping 

is the reason for the altered OER activity, which is in agreement with literature reports on the 

electrocatalytic activity of different Ni(OH)2 phases[21, 32] and active center sites.[33] 
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Figure 6 Electrochemical characterization of chemically aged and V(III) doped Ni(OH)2. Cyclic 

voltammograms (1st, 4th and 20th scan cycle) of 1 h (a) and 24 h (b) aged undoped Ni(OH)2. (c) Cyclic 

voltammograms (20th scan cycle each) of 1 h (c) and 24 h (d) aged 0, 1, 5, 10 and 50 at% V(III) containing 

Ni(OH)2 (nominal doping concentration) and 100 at% V(III) based sample. Plot of OER activities of V(III) 

containing Ni(OH)2 at an overpotential of 400 mV for the 1st and 20th CV scan cycle for 1 h (e) and 24 h (f) 

chemically aged samples. 
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With a series of V(III) doping concentrations, the phase transformation from hydroxide to the 

rock-salt Ni1-xVxO structure upon calcination was investigated. For the 1 h aged Ni(OH)2 

sample with α-phase structure a transition temperature of ≈275°C was measured by 

thermogravimetric analysis with differential scanning calorimetry (Figure S12a). For the 

undoped Ni(OH)2 a calcination temperature of 250 °C was applied to obtain a nanosized 

product that can be assigned to the NiO rock salt phase with a further growth of crystalline 

domain sizes at higher calcination temperatures of up to 450 °C (Figure S12b). In comparison, 

for the 24 h aged β-phase Ni(OH)2 product an increased phase transition temperature of close 

to 300 °C was measured (Figure S12c). 

As the applied temperature range of 250-300 °C is below or very close to literature reported 

nickel hydroxide-oxide phase transition temperatures of ≈285 °C[45] for α-Ni(OH)2 and ≈315 - 

325 °C[45-46] for β-Ni(OH)2, presumably a distorted nanosized NiO rock salt phase with residual 

water content is formed as reported in literature for similarly low calcination temperatures and 

indicated by a the broad NiO 111 and 200 reflex.[47] 

XRD patterns of 300 °C and 250 °C calcined samples of 1 h aged Ni1-xVxOH (Figure 7a and 

Figure S13b, respectively) reveal an inhibited growth of crystalline domains with increasing 

V(III) content, based on significantly broadened peaks and thermogravimetric analysis 

(Figure S13a). The phase transition temperature of 1 h aged Ni0.9V0.1O is increased by ≈+50 °C 

versus the equally prepared undoped α-Ni(OH)2. 

The hydroxide to rock salt Ni1-xVxO transformation (Figure S13a) is regarded to originate from 

a different degree of stacking disorder and interlayer H2O in the hydroxide phase caused by 

vanadium doping. Even at higher calcination temperatures of up to 450 °C, V(III) doping levels 

of 10 at% significantly decrease the crystalline domain size as indicated by respective peak 

broadening (Figure S13c). 
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Possible ways to tune the crystallinity are therefore altering the calcination temperature 

(Figure 7b, c) or the doping level 

 

Figure 7 Characterization of structure and electrochemical activity of V(III)-doped Ni(OH)2 after 

calcination. (a) X-ray diffractogram of 300 °C calcined V(III) doped Ni(OH)2 (0-50 at% V(III) black and 

greyscale). (b) Cyclic voltammetry (20th scan cycle each) of 1 h aged 60 °C dried (black), and heated at 

250 °C (green), 350 °C (yellow) and 450 °C (orange) Ni0.9V0.1Ox. (c) Cyclic voltammetry (20th scan cycle 

each) of 300 °C calcined Ni(OH)2 with doping concentrations ranging from 0 (black), 5 (light turquoise), 10 

(turquoise), 15 (blue), 50 (dark-violet) and 100 at% (violet) V(III). (d) Plot of OER activities of V(III) 

containing (0-100 at% V), 300°C calcined Ni(OH)2 at an overpotential of 400 mV for the 1st and 20th CV 

scan cycle. 

Calculated crystalline domain sizes of the rock salt structure according to Scherrer’s equation 

derived from XRD signal broadening reveal a continuous decrease from ≈4.5 nm for undoped 

down to ≈2 nm for 10 at% V-doped samples calcined at 250 °C (Figure S13d, black data 

points). Analogously, samples calcined at 300 °C show domain sizes ranging from ≈8.5 nm for 

undoped NiO down to ≈2.5 nm for 15 at% V(III) doped Ni1-xVxO (Figure S13d, red data 

points). Along with the decrease of crystallinity due to doping ions, an increase of the lattice 
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parameter from ≈4.185 Å (undoped – 300 °C calcined) to ≈4.205 Å (≥10 at% – 300 °C 

calcined) determined from fitted reflection centers of X-ray diffractograms can be observed 

(Figure S13e and Table S4). Calculated lattice parameters linearly rise between 0 and 2 at% V, 

leveling off at 5 at% and reaching a maximum for 10 at% doping. The lattice parameters are 

larger than for rock salt NiO (4.178 Å, ICDD #01-071-1179) and are associated with a NiOx 

phase containing hydroxyl group residues not fully transformed to the stoichiometric NiO rock 

salt phase within that temperature range.[48] Increased V(III)-ion doping that was shown to 

reduce the crystalline domain size is therefore regarded to lead to increased amounts of 

hydroxyl group residues enlarging the resulting crystallographic unit cell upon calcination at 

moderate temperatures of 300 °C. This hypothesis is supported by the formation of a hydrated 

NiOx phase with even larger lattice parameters ranging from 4.27 - 4.30 Å (depending on the 

doping level) for a decreased calcination temperature of 250 °C (Figure S13e and Table S5). 

Strikingly, even for high V(III) precursor concentrations of 50 at% resulting in a doping level 

of ≈39 at% (Table S1) no additional phases originating from V2O3, VO2 or V2O5 can be 

observed at calcination temperatures of up to 300 °C. At even higher calcination temperatures 

of 450 °C for a Ni0.9V0.1OHx sample no phase separation could be detected (Figure S13c). The 

high solvation limit of V(III) in the NiOx phase, significantly exceeding the proposed limit of 

5-10 at% V(III) by Park et al., may be attributed to a stabilization effect for nanoscale phases, 

as described by Fominykh et al. for Fe- and Co-doped NiO.[14, 49] Above the solubility limit, 

vanadium ions are not further incorporated into the Ni(OH)2 lattice and result in a colored 

supernatant after washing of the synthesis product that is discarded. 

Electrodes calcined at 250 °C (Figure S14) and 300 °C were investigated regarding their 

electrocatalytic activity with focus on the influence of their doping level. Calcination of 1 h 

aged α-Ni(OH)2 Ni0.9V0.1Ox product to 250 °C leads to a significant increase of the Ni2+/Ni3+ 
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redox feature with an accompanied shift of the oxidation feature from ηOER=≈200 mV to 

ηOER=≈175 mV.  

The activity of the 250 °C calcined sample determined after 15 scan cycles thereby remained 

comparable to that of the hydroxide-based sample (Figure 7b) with a Tafel slope even 

outperforming both the unheated α- and β-phase product (Figure S15).  

The cyclic voltammogram of V(III) doped Ni1-xVxOH calcined at 300 °C shows a strong 

increase of the Ni2+/Ni3+ redox feature for up to 10 at% doped samples, which is attributed to 

the decreased crystallite domain size and thus increased accessible active sites. An even higher 

V(III) content leads to a reduction of the redox feature, as the doping ion is shown to be redox 

inactive in the scanned potential range (see 100 at% V in Figure 7c). 

Concerning the electrocatalytic activity for the oxygen evolution reaction, samples with 10 - 

50 at% V(III) content show the best performance with up to ≈27.5 mA cm-2 among the 300 °C 

calcined samples (Figure 7d). The discussed effects of V-doping on the Ni(OH)2 to NiO phase 

transition and resulting crystallite domain sizes upon calcination thereby explain the high 

catalytic activity of nanosized nickel-vanadium-oxide based OER catalysts upon calcination at 

temperatures up to 300 °C. For even higher calcination temperatures of 350 and 450 °C, a 

decrease in intensity of the Ni2+/Ni3+ redox feature is observed with a further shift of the 

oxidation feature to ηOER=≈150 mV accompanied by a significant decline of catalytic activity 

(Figure 7b). 
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6.3 Conclusion 

Employing in-depth structural characterization, we have demonstrated that the rapid co-

precipitation of nickel (II) and vanadium (III) chloride by potassium superoxide under cooling 

is a suitable synthesis approach for obtaining homogeneously doped α-Ni(OH)2. Chemical 

aging by stirring of the reaction product in DI water - a known route for the conversion of α- 

to β- phase[23, 50] - is strongly inhibited by V(III) ions. Samples from 5 at% V(III) and higher 

thereby show a delayed transformation to a Ni(OH)2 β-phase product with stacking disorder 

within 24 h, with samples of 10 at% V-content and higher structurally resembling the initial 

turbostratic α-phase. Foreign ion incorporation in the α- or β-phase Ni(OH)2 has been reported 

for a variety of transition metal ions, and results for most in a slightly distorted Ni(OH)2 

structure[24-25, 35] as also shown in this work. We attribute the inhibiting effect on the phase 

transition to the presence of vanadium ions in the structure that prevent the formation of larger 

Ni(OH)2 nanosheets. These sheet-like structures can stack for low doping concentrations 

(<5 at%) according to proposed models[20, 23] and form β-Ni(OH)2 with a higher (doped 

samples) or lower (undoped samples) content of stacking defects. 

Regarding the electrochemical activity towards the oxygen evolution reaction, it could be 

shown that a very low V-doping content of 1 at% can enhance the activity of α-phase related 

1 h aged Ni(OH)2 by ≈10 % to ≈37.5 mA cm-2 (ηOER=400 mV). The catalytic performance of 

chemically aged product resembling the β-phase Ni(OH)2 on the other hand is generally lower 

by a factor of ≈3 (≈7.5 mA cm-2 for undoped, 24 h aged Ni(OH)2), but can be doubled to 

≈15 mA cm-2 by 5 at % V-doping. We attribute this minor enhancement for the 1 h short aged 

product to the fact that already the undoped product resembles the highly disordered α-phase, 

which is reported to be electrocatalytically more active than the ordered β-phase.[32-33, 39] The 

increase in activity for the V-doped and chemically aged samples is more pronounced due to 

the difference in crystallinity and phase. For these samples, a higher V(III) content effectively 
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prevents a transformation to the ordered and stacked β-phase Ni(OH)2. Vanadium doping in 

this synthesis procedure is therefore regarded to enhance the OER activity indirectly by its 

influence on the crystallization upon chemical aging.  

Further evidence for this hypothesis is obtained by the analysis of calcined Ni1-xVx(OH)2. 

Again, V-doping can be directly correlated to a decreased crystallization or crystalline domain 

growth of Ni1-xVxO in the cubic rock-salt structure. Here, even higher doping concentrations 

of up to 50 at% enhance the OER activity of given samples from ≈12 mA cm-2 to 

≈27.5 mA cm-2 although the pure vanadium oxide was shown to be redox inactive in the 

applied potential range. 
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6.4 Experimental 

Synthesis of (vanadium-doped) nickel-hydroxide polymorphs 

The synthesis of undoped and vanadium doped nickel-hydroxide polymorphs is based on a 

rapid aqueous oxidation method introduced by Sutto[34]. 

For the synthesis of different nickel-hydroxide polymorphs per reaction 1.125 mmol nickel (II) 

chloride (SIGMA-ALDRICH, 98%) was dissolved in 7.5 mL bidistilled water (Millipore Q 

grade) to obtain a 0.15 M solution which was stirred for 1 h in air at room temperature. For 

vanadium doped Ni(OH)2 samples vanadium(III)chloride (SIGMA-ALDRICH, 97%) was 

added to the solution to obtain a final concentration of 1, 2, 5, 10, 15, 50 at% vanadium and 

further stirred for 1 h for complete intermixing. Subsequently the precursor solution was cooled 

with an ice bath and 2.25 mmol potassium superoxide powder (KO2, ABCR, 96.5% purity) was 

slowly added to the solution within 15 seconds under continuous stirring and quenched after 2 

minutes by addition of 3.75 mL of precooled methanol (analytical grade). Amorphous α-

Ni(OH)2 was obtained as a powder after washing and evaporation of the solvent on a hot plate 

at 60 °C for 30 minutes and further drying in a laboratory oven in air at 60 °C for 16 hours. 

Ultrasmall β-Ni(OH)2 nanoparticles were obtained as a powder in the same way, while the 

stirring time after the washing step was prolonged to 3 hours. After a stirring time of 24 hours, 

plate-like β-Ni(OH)2 nanoparticles were obtained in the above-described way. During that 

stirring period, a color change from dark to light turquoise could be observed. The product was 

not obtained as a powder after evaporation of the solvent, but as a film on the glass slide. It had 

a brighter color compared to the α-Ni(OH)2 powder after the film was scraped off and 

homogenized in a mortar. 
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Synthesis of (vanadium-doped) nickel-oxide powder 

Dried samples obtained from the synthesis of undoped and vanadium doped Nickel-hydroxide 

were heated in a laboratory oven (NABERTHERM, model N15/65SHA) at 250 °C and 300 °C 

in air with a ramp time of 2 h and a dwell time of 2 h. 

(V-doped) Ni(OH)2 and NiO electrode preparation 

Thin films of the catalytic layer were prepared by drop-casting a diluted dispersion of the wet 

pellet of nickel hydroxide onto FTO (fluorine-doped tin oxide, TEC15 substrates, DYESOL, 

Australia) or on quartz crystal microbalance (QCM) substrates. FTO substrates were cleaned 

with an aqueous solution of alkaline cleaner Extran (MERCK MILLIPORE), bidestilled H2O 

and acetone. To enhance the hydrophilic properties of the surface, substrates were oxygen 

plasma-cleaned (Femto oxygen plasma surface cleaner, DIENER ELECTRONIC) prior to the 

drop-casting procedure. A Teflon-coated glass fiber tape leaving an exposed area of 0.159 cm2 

was used for masking. To precisely determine the mass loadings of equally prepared FTO 

electrodes, 0.5-inch Au-coated QCM sensors (KVG 10 MHz QCM device with gold electrode, 

Quartz Crystal Technology GmbH) were acetone cleaned, equally prepared and drop-casted 

with the catalysts according to the method employed for the FTO substrates. Dispersions with 

a concentration of ≈2 mg mL-1 were prepared by mixing 0.2 mL stock solution (wet pellet after 

last washing step in 3.5 mL H2O) with 2.8 mL MilliQ H2O. To reach a mass loading of 50 - 

200 µg cm-2, 4 µL of the dispersion were deposited 1-4 times on a masked (0.159 cm2) 

substrate, intermediate-dried on a hot plate at 50 °C, and completely dried for 16 h at 60 °C in 

a laboratory oven. (V-doped) nickel-oxide electrodes were fabricated by calcination of 

substrates at temperatures of 250 °C and 300 °C with a heating ramp of 2 h and a dwell time 

of 2 h. 
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Physico-chemical characterization 

Wide angle X-ray diffraction analysis was carried out in transmission mode using a STOE 

STADI P diffractometer with Cu Kα1 radiation (λ = 1.54060 Å) and a Ge(111) single crystal 

monochromator equipped with a DECTRIS solid state strip detector Mythen 1K. Powder XRD 

patterns of the samples were collected with an omega-2theta scan in the 2θ range from 5° to 

90° with a step size of 1° and fixed integration time of 25 - 35 seconds per step and a resolution 

of 0.05°. The size of crystalline domains of β-Ni(OH)2 nanoparticles was calculated from line 

broadening of the 101 reflection with Scherrer’s equation and XRD reference pattern for the β-

Ni(OH)2 phase (ICDD card number 00-014-0117: hexagonal, a = b = 3.126 Å, c = 4.605 Å, α 

= β = 90°, γ = 120°). 

Raman spectroscopy was carried out using a LabRAM HR UV-Vis (HORIBA JOBIN YVON) 

Raman microscope (OLYMPUS BX41) with a SYMPHONY CCD detection system and a He-

Ne laser (λ = 633 nm). Spectra were recorded using a lens with a 10-fold magnification in the 

range from 100 cm-1 to 1000 cm-1 with filters of OD 0.3 - 0.6. Spectrum accumulation mode 

was used with integrating 600 times 30 sec per spectrum. The data acquisition was carried out 

with LabSpec software. 

Transmission electron microscopy (TEM) specimens were prepared from nanoparticles in a 1:1 

(v/v) ratio of water to ethanol solution and deposited on a carbon-film coated copper grid and 

dried in air. High resolution TEM, scanning TEM (STEM) images as well as electron 

diffraction patterns were recorded using two FEI Titan Themis microscopes with aberration 

correction of the probe-forming lenses operated at 120 kV or 300 kV. Energy dispersive X-ray 

spectroscopy (EDX) was performed using a SuperX windowless, four quadrant Silicon drift 

detector with a solid angle of 0.7 sr. Electron energy loss spectra (EELS) were acquired by a 

Gatan Quantum ERS spectrometer, collecting electrons scattered up to 35 mrad. Dual EELS 
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acquisition enabled a reliable determination of the edge onset of Ni-L3. Multivariate statistical 

analysis[51] was performed on the spectrum imaging datasets to reduce the noise. 

SEM images were obtained with an FEI Helios Nanolab G3 UC scanning electron microscope 

equipped with a field emission gun operated at 3-5 kV. Specimens were prepared from 

nanoparticles in a 1:1 (v/v) ratio of water to ethanol solution and deposited on FTO or Si 

substrates that were glued onto a stainless-steel sample holder with silver lacquer. EDX 

measurements were performed at an operating voltage of 20 kV with a X-MaxN Silicon Drift 

Detector with 80 mm2 detector area (OXFORD INSTRUMENTS) and AZTec acquisition 

software (OXFORD INSTRUMENTS). 

Electrochemical characterization 

For electrode preparation, dispersions with a concentration of around 2 mg mL-1 were produced 

by mixing 0.2 mL stock solution (wet pellet in 3.5 mL H2O) with 2.8 mL MilliQ H2O, stirred 

for 10 minutes at 500 rpm and sonicated for ≈ 30 minutes. To reach a mass loading of 

50 µg cm-2, 4 µL dispersion was deposited on a plasma-cleaned FTO substrate or Au-coated 

QCM sensors (14 mm, 5 and 10 MHz AT-cut Cr/Au crystals from KVG QUARTZ CRYSTAL 

TECHNOLOGY GMBH and QUARTZ PRO AB) before drying on a hot plate at 50 °C. 

Electrodes were masked with PTFE tape to leave a circular electrode area of 0.196 cm2 (FTO) 

and 0.126 cm2 (Au-QCM sensors) respectively. The frequency of uncoated and coated QCM 

sensor crystals was determined with a QCM200 5 MHz measurement system (STANFORD 

RESEARCH SYSTEMS INC.) and an openQCM 5/10 MHz measurement system 

(NOVAETECH SRL). Deposited mass loadings on QCM chips were calculated according to 

the Sauerbrey equation[52] from determined frequency differences Δf, an overlapping electrode 

area A of 0.196 cm2 and a sensitivity factor Cf of 56.6 Hz µg-1 cm2 and 4.4 Hz µg-1 cm2 for a 

1-inch 5 and 0.55-inch 10 MHz AT-cut crystals respectively. 
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All electrochemical measurements at room temperature were carried out in a 3-electrode setup 

with quartz cell filled with 15 mL 0.5 M KOH (SIGMA-ALDRICH, volumetric solution) as 

electrolyte, using an PGSTAT302N potentiostat/galvanostat (METROHM AUTOLAB B.V.) 

equipped with a FRA32 M impedance analyzer connected to a Hg/HgO (0.5M KOH) reference 

electrode. To convert all potentials measured against Hg/HgO (0.5 M KOH) reference electrode 

and to ensure stability of the potential before and after every measurement session, the potential 

was measured against a reversible hydrogen electrode (RHE, HydroFlex, GASKATEL 

Gesellschaft für Gassysteme durch Katalyse und Elektrochemie mbH) stored in 0.5 M KOH 

and that was in turn verified by a self-constructed Pt-wire/H2(≈1 atm) electrode. The potential 

was determined to be 0.925 V, which is in accordance with literature stated values.[17] 

The electrochemical activity of catalyst on FTO and QCM substrates was measured by iR-drop 

corrected linear sweep voltammetry (LSV) in a potential window of 1.1 - 1.7 V vs. RHE and 

1.0 - 1.65 V vs. RHE respectively in 20 scan cycles with a scan rate of 10 mV s-1. Impedance 

spectroscopy data at 1.0 V vs. RHE were recorded prior to each measurement to determine the 

corresponding electrolyte resistance (95 %) from the high frequency region. Nickel hydroxide 

mass-based catalyst activity was either directly calculated with the measured QCM determined 

mass loadings or calculated from the coating volume (3 - 15 µl) of a dispersion of known 

concentration (2 mg ml-1). Current densities were determined from the mean value of capacity 

current corrected (mean current in potential region 1.0 - 1.23 V vs. RHE) anodic and cathodic 

scans of the respective LSV cycle. 
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6.5 Supporting Information 

 

Figure S1 X-ray diffractogramms (a) of nanocatalyst prepared by rapid precipitation method with different 

Ni(II)-precursors and Raman spectra (b) of nitrate anion intercalated Ni(OH)2. α-Ni(OH)2 (Ni(OH)2 x 0.75 

H2O) pattern: ICDD card number 00-038-0715 (rhombohedral, a = b = 3.08 Å, c = 23.41 Å, α = β = 90°, γ = 

120°). β-Ni(OH)2 (Ni(OH)2) pattern: ICDD card number 00-014-0117 (hexagonal, a = b = 3.126, c = 4.605, 

α = β = 90°, γ = 120°). The bands at 450 cm-1 (lattice mode) and 1070 cm-1 (2nd order lattice mode) were 

assigned to the α-Ni(OH)2 phase.[22-23] Bands at 447 cm-1 (A1g lattice mode), 3581 cm-1 (O-H stretch / lattice 

OH / layer H2O mode) and 3690 cm-1 (surface O-H stretch) were assigned to the β-Ni(OH)2 phase.[23] 

 

Figure S2 X-ray diffractograms of Ni(OH)2 products obtained by the rapid precipitation method with KO2 

with variation of reaction time before quenching. Synthesis performed at room temperature. α-Ni(OH)2 

(Ni(OH)2 x 0.75 H2O) pattern: ICDD card number 00-038-0715 (rhombohedral, a = b = 3.08 Å, c = 23.41 Å, 

α = β = 90°, γ = 120°). β-Ni(OH)2 (Ni(OH)2) pattern: ICDD card number 00-014-0117 (hexagonal, a = b = 

3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120°). 
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Figure S3 X-ray diffractograms of Ni(OH)2 products obtained by rapid precipitation method with KO2 with 

variation of synthesis temperature. Synthesis performed with 2 min reaction time before quenching. α-

Ni(OH)2 (Ni(OH)2 x 0.75 H2O) pattern: ICDD card number 00-038-0715 (rhombohedral, a = b = 3.08 Å, c 

= 23.41 Å, α = β = 90°, γ = 120°). β-Ni(OH)2 (Ni(OH)2) pattern: ICDD card number 00-014-0117 (hexagonal, 

a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120°). 

 

Figure S4 X-ray diffractograms of Ni(OH)2 products obtained by rapid precipitation method with varied 

amounts of KO2. Synthesis was performed with 2 min reaction time before quenching each at 0 °C. α-

Ni(OH)2 (Ni(OH)2 x 0.75 H2O) pattern: ICDD card number 00-038-0715 (rhombohedral, a = b = 3.08 Å, c 

= 23.41 Å, α = β = 90°, γ = 120°). β-Ni(OH)2 (Ni(OH)2) pattern: ICDD card number 00-014-0117 (hexagonal, 

a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120°). 
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Table S1 Elemental analysis via inductively coupled plasma optical emission spectrometry (ICP-OES) of 

V(III)-doped Ni1-xVx(OH)2 Cl-  

 

doping element precursor doping level / at% ICP-OES  / at% 

pure Ni(OH)2 NiCl2 0 N/A 

V(III) NiCl2 + VCl3 1 1.0 

V(III) NiCl2 + VCl3 2 2.1 

V(III) NiCl2 + VCl3 5 4.9 

V(III) NiCl2 + VCl3 10 9.7 

V(III) NiCl2 + VCl3 15 15.4 

V(III) NiCl2 + VCl3 50 38.6 

pure vanadium compound VCl3 100 N/A 

 

 

 

 

Figure S5 (a) Transmission electron micrograph of single β-Ni(OH)2 nanoparticle. (b) Size distribution 

determined from particles imaged by TEM. Indexing of d-spacings of β-Ni(OH)2 nanoparticle according to 

β-Ni(OH)2 pattern: ICDD card number 00-014-0117 (hexagonal, a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ 

= 120°). 
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Figure S6 Structural characterization of time-dependent phase transformations of V(III) doped Ni(OH)2 by 

transmission electron microscopy. TEM images and electron diffraction pattern of 10 at% V(III) doped 

Ni(OH)2 after 3 h (a-c) and 15 at% V(III) doped Ni(OH)2 after 24 h (d-f) aging time. β-Ni(OH)2 (Ni(OH)2) 

pattern: ICDD card number 00-014-0117 (hexagonal, a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120) 

 

 

 

 

 

 

 



6.5 Supporting Information 

298 

 

 

 

 

 

Figure S7 STEM-EDX and energy-dispersive X-ray spectroscopy mapping of V(III) doped Ni(OH)2 at 

different length scales. STEM-EDX mappings of 3 h aged 10 at% V(III) doped sample (a-c). STEM-EDX 

mappings of 72 h aged 10 at% V(III) doped, at medium (d-f) and lower (g-i) magnification. 
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Figure S8 Characterization of the electronic structure of nickel in aged and V(III)-doped samples by 

electron energy loss spectroscopy. EELS spectra with 50 meV dispersion of (a) undoped 15 min, (b) 

undoped 72 h and (c) 10 at% V(III) 72 h aged Ni(OH)2 samples. 

 

 

Figure S9 Scanning electron micrographs of Ni(OH)2 based electrodes for electrochemical characterization. 

(a-d) Top-view of 1 h (a, b) and 24 h (c, d) aged undoped Ni(OH)2 drop-cast on an FTO substrate with 

loadings of ~50 µg cm-2. 
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Figure S10 Electrochemical characterization of chemically aged Ni(OH)2. Cyclic voltammograms (1st, 4th, 

8th, 12th, 16th and 20th scan cycle) of 1 h (a) and 24 h (b) aged undoped Ni(OH)2. 

 

 

 

Figure S11 Electrochemical characterization of chemically aged and V(III) doped Ni(OH)2. Cyclic 

voltammograms (20th scan cycle) of 1 h (a) and 24 h (b) aged 0, 1, 2, 5, 10, 15, 50 and 100 at% V(III) 

containing Ni(OH)2. 
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Table S2 Results obtained from the electrochemical characterization of 1 h chemically aged Ni1-xVx(OH)2  
obtained in the 20th cycle 

V(III) 

content 

/ at% 

mass 

loading 

(determined) 

/ µg cm-2 

Ea / η  

in 

mV 

Ec / η  

in 

mV 

Redox 

potential 

Ered / η  

in mV 

η at 

10 mA cm-

2 / mV 

 

current 

density j at 

η = 350 mV 

/ mA cm-2 

current 

density j at 

η = 400 mV 

/ mA cm-2 

0 N/Aa 184 84 134 344 10.91 34.48 

1 N/Aa 169 88 128.5 335 12.64 38.05 

2 N/Aa 184 82 133 350 9.59 29.53 

5 N/Aa 163 84 123.5 357 7.90 24.74 

10 60.8 N/Ab N/Ab N/Ab 379 5.59 13.81 

15 70.7 177 77 127 379 4.44 14.98 

50 35.6 N/Ab N/Ab N/Ab 411 2.95 8.24 

100 24.7 N/Ab N/Ab N/Ab > 900 0.01 0.01 

a No mass loading could be determined. b No value listed due to a broad and undefined peak. 

 

 

 

Table S3 Results obtained from the electrochemical characterization of 24 h chemically aged Ni1-xVx(OH)2 

obtained in the 20th cycle 

V(III) 

content 

/ at% 

mass 

loading 

(determined) 

/ µg cm-2 

Ea / η  

in 

mV 

Ec / η  

in 

mV 

Redox 

potential 

Ered / η  

in mV 

η at 

10 mA cm-

2 / mV 

 

current 

density j at 

η = 350 mV 

/ mA cm-2 

current 

density j at 

η = 400 mV 

/ mA cm-2 

0 72.7 221 49 135 433 2.48 6.78 

1 72.7 220 54 137 459 1.77 4.64 

2 71.7 216 62 139 438 2.46 6.45 

5 66.8 218 77 148 389 4.59 14.64 

10 N/Aa 191 68 130 411 3.39 8.91 

15 85.9 284 15 150 458 2.23 5.01 

50 21.7 176 86 131 396 3.96 12.31 

100 19.7 N/Ab N/Ab N/Ab > 900 0.01 0.01 

a No mass loading could be determined. b No value listed due to a broad and undefined peak. 
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Figure S12 Structural characterization of aged Ni(OH)2 upon calcination. (a) Thermogravimetric analysis 

(black curve) and differential scannning calorimetry (red curve) of 1 h aged Ni(OH)2 sample. (b) X-ray 

diffractogram of 200 – 450°C (red curves) calcined 1 h aged Ni(OH)2 sample. (c) TGA of 1 h (black curve) 

and 24 h (green curve) aged Ni(OH)2 samples. (d) XRD of calcined 1 h aged (black and grey curve) and 

24 h aged (dark and light green curve) Ni(OH)2. α-Ni(OH)2 (Ni(OH)2 x 0.75 H2O) pattern: ICDD card 

number 00-038-0715 (rhombohedral, a = b = 3.08 Å, c = 23.41 Å, α = β = 90°, γ = 120°). β-Ni(OH)2 (Ni(OH)2) 

pattern: ICDD card number 00-014-0117 (hexagonal, a = b = 3.126 Å, c = 4.605 Å, α = β = 90°, γ = 120°). 

NiO pattern: ICDD card number 01-071-1179 (cubic, a = b = c = 4.178 Å, α = β = γ = 90°) 
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Figure S13 Structural characterization of calcined Ni1-xVx(OH)2. (a) Thermogravimetric analysis of 1 h 

chemically aged undoped and 10 at% V(III) containing Ni(OH)2. (b) X-ray diffractograms of V(III) doped 

(0-100 at% V(III) - greyscale and red curves) Ni(OH)2 calcined at 250 °C. (c) XRD of undoped and 

Ni0.9V0.1(OH)2 calcined at 250 °C (black, red curve) and 450 °C (grey, light red curve). NiO pattern: ICDD 

card number 01-071-1179 (cubic, a = b = c = 4.178 Å, α = β = γ = 90°) (d) Crystallite domain sizes of 250 °C 

(black) and 300 °C (red) calcined Ni1-xVx(OH)2 derived from XRD line broadening according to Scherrer’s 

equation. Graphical representation of data listed in Table S4 and S5. (e) Lattice parameter a of 250 °C 

(black) and 300 °C (red) calcined Ni1-xVx(OH)2 calculated from the position (Gaussian fitted center of 

broadened reflection) of the NiO phase (200) reflection. Linear regression for 0-10 at% V(III) (dashed grey 

line) added for 250 °C calcined sample series. Graphical representation of data listed in Table S4 and S5. 
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Table S4 Calculated particle/domain sizes and 

lattice parameter a (NiO phase) based on the 

broadening of the 200 reflection in Ni1-xVxO after 

calcination at 250 °C according to the Scherrer 

equation 

V(III) 

content 

/ at% 

particle 

size 

/ nm 

Position 

/° 2Θ 

lattice 

parameter a 

/ Å 

0 8.6 43.197 4.186 

1 5.3 43.147 4.191 

2  4.3 43.098 4.197 

5 3.2 43.056 4.201 

10 2.6 42.995 4.207 

15  2.3 42.993 4.208 
 

Table S5 Calculated particle/domain sizes and 

lattice parameter a (NiO phase) based on the 

broadening of the 200 reflection in Ni1-xVxO after 

calcination at 300 °C according to the Scherrer 

equation 

V(III) 

content 

/ at% 

particle 

size 

/ nm 

position 

/° 2Θ 

lattice 

parameter a 

/ Å 

0 4.5 43.010 4.270 

1 3.6 42.961 4.272 

2  3.2 42.913 4.275 

5 2.5 42.834 4.279 

10 1.8 42.504 4.297 

    
 

 

 

Figure S14 Scanning electron micrographs of NiO-based electrodes for electrochemical characterization. 

(a, b) Top-view of 1 h aged undoped Ni(OH)2 dropcasted on an FTO substrate and calcined at 250 °C with 

loadings of ~50 µg cm-2. 

 

Figure S15 Tafel plot of chemically aged and calcined nickel hydroxide phases. Tafel plot of NiOxHy 1 
h aged (black), 24 h aged (red) and 250 °C calcined (green) product. 
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7. Core-shell titania/iridium oxide nanoarchitectures with  

ultrathin Ir shells are highly efficient OER catalysts for  

massively scalable PEM electrolysis 

This chapter is based on the following publication: (submitted) 

Böhm, D., Beetz M., Gebauer, C., Bein T., and Fattakhova‐Rohlfing, D.  

 

 

 

ToC graphic illustrating a high surface area TiO2 homogeneously coated with a thin layer of 

amorphous IrOOHx that exhibits a limited conductivity and catalytic stability. Upon oxidation 

in molten salt a layer of interconnected IrOx nanoparticles is formed which significantly 

increases the conductivity and stability and thereby results in the formation of an OER catalyst 

with low Ir density for large-scale PEM electrolysis.
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7.1 Introduction 

The awareness of the global warming potential of green-house gases emitted on a large scale 

by the combustion of carbon based fossil energy carriers has led to enormous investments in 

renewable energy sources in the last decades.[1] Related to the generation and transmission of 

sustainable electrical energy, mainly intermittent in nature, is its storage which is required to 

mitigate power fluctuations.[2] Among different possibilities, conversion of electrical energy to 

hydrogen as fuel via electrolysis of water is one of the most economically feasible and 

sustainable energy storage technologies. Besides the long-established alkaline (KOH-based) 

and high temperature solid oxide electrolyte electrolyzers, proton exchange membrane (PEM)-

electrolyzers enjoy an upswing in the industrial and research interest as prospective conversion 

technique for decentralized electrical renewable energy generators with high output 

fluctuations. The key advantages of PEM electrolyzers are their high efficiency, high applicable 

current density, capability for intermittent operation, high hydrogen output pressure and 

compact size.[3] However, high investment costs mainly governed by the Nafion® (PEM) 

membrane, Ti-sinter and the platinum group metals (PGM) Pt (cathode) and Ir (anode)[4] used 

as hydrogen evolution (HER) and oxygen evolution reaction (OER) catalysts, respectively, still 

limit their widespread application. 

Besides economic factors, large-scale deployment of these electrolyzers is hindered by the 

scarce PGM catalysts.[5] Especially iridium, which is employed as an OER catalyst and being 

mined only as a platinum by-product,[6] is in the focus of attention with a projected required 

40-fold reduction[5] in its utilization.  

However, up to date iridium and especially its oxide are still the best compromise of a 

corrosion-stable and active catalyst material applicable under the harsh oxidizing and acidic 

environment of a PEM anode.[7] 
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The main challenge to be addressed is therefore the reduction of the iridium mass loading on 

the anode by increasing the mass-based electrocatalytic activity (determined in A gIr
-1) while 

maintaining or even increasing the long-term corrosion stability.[5] 

To accomplish this task, several partly complementary approaches were suggested in the 

literature for Ir-based OER catalysts. 

As one of the means to increase the electrocatalytic and Ir mass-based activity of catalysts,  

stabilization of the highly active but less stable[8] hydrous IrOx phase,[9] as well as the 

preparation of transition metal or fluorine doped ternary[10-15] or quaternary[16-18] oxide catalysts 

have been investigated. Another widespread approach to increase the atom-efficiency of Ir-

based catalysts is an increase of their electrochemically active surface area, achieved either via 

nanostructuring,[19-25] preparation of thin films[26] or porous material[27-29], or via a nanoparticle 

synthesis approach [30]. 

Finally, the dispersion of the active material on corrosion-stable supports is a strategy explored 

and already commercialized in recent years. This approach increases the noble metal mass-

based activity and furthermore leads to the formation of a catalyst with low volumetric Ir 

density (packing density) favorable for the preparation of thick and stable electrode layers in 

PEM electrolyzers with reduced areal Ir-loading.[5, 31-32] 

For applications in the current PEM electrolyzer designs the catalysts layer has to be 

electrically conducting, which ideally implies electrical conductivity also for the support 

material to provide continuous charge transport pathways to the current collectors and to 

minimize ohmic losses. The search for electrically conducting support materials for Ir-based 

catalysts has been intensive, with reported examples including transparent conductive oxides 

(TCO) such as antimony doped SnO2 (ATO)[21, 31, 33-35], indium tin oxide (ITO)[36-37] and 

fluorine doped tin oxide (FTO)[35] or recently investigated carbidic materials such as NbC, TiC, 

WC[38] or TaC[38-39] which allow for maximum Ir dispersions and shows record OER activities 
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due to the provided conductivity. However, none of the materials demonstrated so far offers 

sufficient long-term stability under harsh OER conditions (large positive overpotentials and 

acidic pH values), which is another essential requirement for the PEM catalysts.[31, 40] So far, 

TiO2 is the only truly oxidation-stable support material known, and it has been used in chlorine-

alkali electrolysis for years as dimensionally stable electrode material (DSA®)[41]. In recent 

years TiO2 was also investigated regarding its use in acidic OER, with favorable particle-

support interactions improving the electrocatalytic activity [42-45] for diverse nano-

morphologies[44, 46] and high surface area TiO2 structures[44-45]. In addition, advances in the 

maximum possible iridium dispersion and thus reduced loading were made by introducing 

conductivity in the n-type semiconductor TiO2 by doping[47-50], oxynitride formation[51], 

hydrogenation[52] or by direct formation of substoichiometric conductive Magnéli phases[53]. 

Undoped, practically non-conductive TiO2 requires a charge percolation pathway established 

by interconnected highly conductive IrO2 domains, with a lower reported threshold for 

unconstrained OER of ≈1.0 × 10-3 S cm-1.[54] For a random TiO2/IrO2 distribution resulting 

from intermixing of Ti/Ir precursors, a minimum Ir content of 25 – 30 wt% Ir[54-55] for 

mesoporous structures and ≈55 wt% Ir[45, 56] for random structures built from nanoparticles 

were reported to be required for efficient OER. 

For industrial applications with current densities of several A cm-2, the conductivity within the 

catalyst layer becomes a decisive factor due to the corresponding voltage loss.[57] To obtain a 

TiO2-supported catalyst with a macroscopic conductivity of several S cm-1 and at the same time 

reduced noble metal loading, a homogeneous distribution and interconnectivity of the 

nanosized Ir-oxide phase has to be realized. Due to the lack of truly homogeneous coating 

processes for TiO2 nanostructures with IrO2 nanoparticle layers, the state-of-the-art 

commercially available TiO2-supported IrO2 catalysts still have Ir contents of 75 wt%.[57-58] 
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Here, we report the generation of a novel highly active TiO2 supported IrO2 nanoparticle 

catalyst with only 30 wt% Ir, based on a controlled iridium oxidation process for the formation 

of a layer of interconnected IrO2 nanoparticles. Commercially available high surface area 

Aeroxide P25® titania (EVONIK INDUSTRIES) is employed as a corrosion-resistant catalyst 

support that is coated with a thin homogeneous layer of amorphous IrOOHx. To increase the 

corrosion resistance of the hydrous iridium oxide, calcination in air is a valid approach that 

results in the formation of rutile IrO2 phase at ≈400 °C.[59-61] However, this approach suffers 

from a rather non-uniform growth of nanoparticles that leads to the formation of larger IrO2 

crystals together with isolated nanoparticles on the non-conductive TiO2, hence interrupting 

charge percolation pathways.  

By applying a precisely controllable oxidation of the material in molten NaNO3, a phase 

transformation and crystallization of uniform IrO2 nanoparticles from the amorphous IrOOHx 

layer can be achieved. Optimizing the synthesis conditions leads to a continuous layer of 

interconnected IrO2 nanoparticles, resulting in a highly active TiO2-supported IrO2 nanoparticle 

catalyst with significantly increased conductivity and stability. The proposed synthesis pathway 

thereby allows for a facile preparation and tuneability of the catalyst nanomorphology and 

surface area (via selection of the respective TiO2 support), Ir-loading (via the thickness of the 

applied IrOOHx layer) and activity, crystallinity and conductivity (controlled by the parameters 

of the molten salt oxidation). This novel strategy enables the preparation of Ir-based oxide-

supported OER catalysts with optimized iridium dispersion and low Ir-volume density, which 

are required for the preparation of PEM-electrolyzer anodes with significantly reduced Ir 

content. 
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7.2 Results and Discussion 

Structural characterization of P25 TiO2 / IrOOHx before and after oxidation 

Two batches of commercially available IrOOHx coated TiO2 (Aeroxide®P25, EVONIK 

INDUSTRIES) catalyst were obtained from HERAEUS Deutschland GmbH & Co. KG with 

nominal Ir metal contents of 30 and 45 wt% Ir, respectively, which are designated as “non-

heated” catalysts. In a facile and industrially scalable molten salt oxidation in NaNO3, the 

IrOOHx coated TiO2 is oxidized at temperatures of 350, 365, 375 and 400 °C. In the following 

work, the products obtained by the oxidation of the 30 and 45 wt% Ir containing catalysts are 

color-coded in the respective plots as shades of red and blue, respectively. Details about the 

preparation and oxidation procedure are given in the Experimental Section. 

X-ray diffraction analysis (Figure 1a) of the non-heated 30 wt% Ir containing IrOOHx/TiO2 

catalyst (black line) shows reflections with high intensity at the position related to TiO2 anatase 

phase (red reference pattern) and less intensive reflections related to rutile TiO2 (orange 

reference pattern) identical to the recorded reference pattern of P25 TiO2 (grey curve). In 

addition to the P25 TiO2 reference, the pattern of the IrOOHx coated catalyst shows a very 

broad increase in intensity centered around ≈33° 2θ ranging from the TiO2 rutile 110 to the 101 

reflection. This broad feature is associated with the amorphous or “hydrous” IrOOHx phase.[62] 

Identical reflections are also observed for the 45 wt% Ir coated IrOOHx/TiO2 catalyst 

(Figure S1a) with a significantly increased intensity centered around ≈33° 2θ ranging from the 

TiO2 rutile 110 up to rutile 101 reflection and representing an increased amount of amorphous 

Ir-phase besides the highly crystalline P25 TiO2.  

The Raman spectrum shown in Figure 1b further confirms the presence of the major TiO2 

anatase phase for the 30 wt% Ir coated catalyst with a visible B1g band at ≈400 cm-1, a A1g/B2g 

band at ≈520 cm-1 and the Eg band at ≈640 cm-1.[63] Indication for the presence of an additional 

amorphous Ir-phase is given by the low slope between the TiO2 anatase A1g/B1g and Eg bands, 
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as the IrO2 Eg band is located at 561 cm-1.[64-65] Similar Raman spectra for the 45 wt% Ir 

containing catalyst are shown in Figure S1b, although the bands of the TiO2 anatase phase are 

even broader with a slightly increased intensity in the region of the IrO2 Eg band at ≈560 cm-1. 

The reduced signal of the TiO2 phase can be explained by the homogeneous IrOOHx or IrO2 

coating, respectively, which significantly decreases the observable Raman scattering of the 

underlying TiO2. 

For both Ir coating contents of 30 and 45 wt% (Figure 1b and Figure S1b), a gradual and 

relative increase in intensity at ≈560 cm-1 can be observed with increasing oxidation 

temperature in molten NaNO3.
[64-65]  

Reaction products obtained at oxidation temperatures of 350 – 375 °C indicate crystallization 

of the IrOOHx phase to form an IrOx phase that is not fully crystalline and distinct from the 

tetragonal IrO2 phase.[62, 66-67] This intermediate phase with small IrOx nanoparticles of about 1 

– 2 nm is described in the literature for the molten salt or “Adams fusion” synthesis from Ir-

precursors in the temperature range of around 350 °C. It only shows one broad bump of 

intensity around 35° 2θ in the X-ray diffractograms (Figure 1a and Figure S1).[45, 56, 68] The 

broad diffraction peak thereby cannot be assigned to the 101 rutile IrO2 lattice plane or any 

other Ir phase but rather represents a pair distribution function originating from an amorphous 

or disordered IrOx phase with a reported Ir-O atomic distance of ≈2.03 Å determined from 

EXAFS measurements.[66-67] 
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Figure 1 Physico-chemical characterization of high surface area TiO2 (P25) supported IrOOHx, IrOx and 

IrO2 with a total loading of 30 wt% Ir after oxidation at various temperatures, with scheme of Ir coating 

nanostructure. (a) X-ray diffraction patterns and (b) Raman spectra of IrOOHx coated P25 TiO2 before 

(black curve) and after oxidation in molten NaNO3 at temperatures between 350 - 400°C (dark-red to light 

red curves). IrO2 pattern: ICDD card number 00-015-0870 (grey) (tetragonal symmetry, a = b = 4.4983 Å, 

c = 3.1544 Å, α = β = γ = 90°). TiO2 (anatase) (ICDD card number 00-004-0477, tetragonal symmetry, a = b 

= 3.783 Å, c = 9.510 Å, α = β = γ = 90°) and TiO2 (rutile) (ICDD card number 00-004-0551, tetragonal 

symmetry. a = b = 4.594 Å, c = 2.958 Å, α = β = γ = 90°). Raman bands at 561 cm-1 (Eg) and close bands at 

728 cm-1 (B2g) and at 752 cm-1 (A1g) correspond to the tetragonal iridium oxide phase.[64-65] Raman bands at 

144 cm-1 (Eg), 197 cm-1 (Eg), 399 cm-1 (B1g), 519 cm-1 (A1g/B1g) and 639 cm-1 (Eg) correspond to anatase TiO2 

and bands at 143 cm-1 (B1g) and 447 cm-1 (Eg) were assigned to rutile TiO2.[63] (c) Thermogravimetric 

analysis with differential scanning calorimetry. (d) Specific conductivities of non-heated and oxidized 

catalyst powder samples of 30 (red squares) and 45 wt% Ir (blue triangles) coated P25 TiO2 catalyst. (e) 

Schematic representation of TiO2/IrOOHx catalyst nanostructure formation after oxidation at various 

temperatures for low (30 wt%) and high (45 wt%) Ir loading. 

Oxidation at 400 °C leads, for both Ir loadings, to a significant increase in crystallinity 

indicated by the formation of the rutile IrO2 phase with average domain sizes of ≈18 nm and 
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≈27 nm for the 30 and 45 wt% containing TiO2 supported catalyst, respectively (calculated 

from the 101 reflection broadening with the Scherrer equation).[69] 

The significantly enhanced crystallization at 400 °C - exceeding the expected influence of the 

sole temperature difference compared to an oxidation at 375 °C - is attributed to a 

decomposition of the NaNO3 melt starting at that temperature. According to literature, thermal 

decomposition of NaNO3 consists of three successive or concurrent reactions and processes 

that include a nitrate to nitrite plus oxygen reaction as well as thermal evaporation. The 

decomposition temperature of NaNO3 thereby depends on the exact reaction parameters 

(heating rate, atmosphere, crucible etc.) with reported values ranging from 380 °C to 450 °C 

and above.[70-72] The low boiling point of NaNO3 of Tb=380 °C and the partial decomposition 

of NO3
- to NO2 + ½ O2 + e- thereby lead to strong oxidizing conditions in contrast to the lower 

O2 partial pressure present in molten NaNO3 at lower temperatures, resulting in a limited 

particle growth.[70-72] 

The Raman spectrum for 45 wt% Ir coated TiO2 (IrOOHx oxidized at 400 °C) (Figure S1b) 

does not even show distinct reflections as the bands are further broadened. This can be 

explained by the complete coverage of the TiO2 by IrO2 on the one hand, and by the very low 

signal intensities resulting from a significantly increased optical absorption of the sample on 

the other hand. 

The phase transformation of amorphous 30 wt% Ir containing IrOOHx/TiO2 to IrO2/TiO2 was 

further investigated by thermogravimetric analysis (TGA) and differential scanning 

calorimetry (DSC) shown in Figure 1c, and is in accordance with results obtained by Cruz 

et al.[62] In the first temperature range up to ≈150 °C the IrOOHx phase is physically dehydrated 

which accounts for ≈1 wt% of the sample. In the second temperature regime from 150 – 240 °C, 

further crystal-bound water and hydroxyl groups are removed from the amorphous IrOOHx 

phase and a disordered IrOx
 phase is formed. This electrochemically active phase gradually 
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increases in crystallinity up to ≈400 °C in the third temperature regime to finally form the rutile 

IrO2 phase, which is in agreement with literature reports.[59] Temperatures above 400 °C lead 

to a further crystallization and growth of initially formed small and defect rich IrO2 domains to 

stoichiometric bulk IrO2,
 which is reflected by a minor mass loss below 1 wt% in the range up 

to 900 °C. 

A key factor for the application of the oxidized IrOOHx/TiO2 catalyst in PEM electrolyzers is 

its conductivity, which was measured with compressed powder pellets with a 4-point probe 

conductivity and Hall-effect measurement device. Based on the observed trends in the 

conductivity with the calcination temperature shown in Figure 1d for 30 wt% (shades of red) 

and 45 wt% (shades of blue) Ir containing catalyst, together with the results of electron 

microscopy, X-ray diffraction and Raman spectroscopy we have proposed a crystallization 

mechanism schematically depicted in Figure 1e, which will be addressed in more detail below. 

For the 30 wt% IrOOHx/TiO2 catalyst a conductivity of ≈3.0 S cm-1 (Figure 1d, black square 

and Figure 1e, step I) for the non-heated material is high when compared to literature values of 

up to 1.5 × 10-2 S cm-1 reported for electro-flocculated 2 nm sized IrOx particles.[73] However, 

the conductivity of hydrous iridium oxide is significantly influenced by the morphology, degree 

of hydration and the oxidation state of iridium. This leads to a broad scatter of reported 

conductivity values ranging from 10-6 S cm-1 for IrOx nanoparticles with Ir in oxidation state 

+III up to an apparent conductivity of 8.1 × 10-1 S cm-1 for an ATO supported IrOx nanoparticle 

catalyst with a conductivity of 1.8 × 10-2 S cm-1 determined for the ATO support only, which 

indicates an even higher conductivity of the IrOx nanoparticle phase.[59, 73-74] The high 

conductivity value measured for the 30 wt% Ir containing sample is attributed to the presence 

of a very thin hydrated IrOOHx layer (as shown by electron microscopy in following sections) 

on the TiO2 support and a possible beneficial (hydrous)metal-support interaction leading to an 

increased conductivity.[42-43] 
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Thicker IrOOHx layers formed in the case of non-heated 45 wt% Ir containing IrOOHx/TiO2
 

catalyst exhibit a slightly lower conductivity reaching 0.2 S cm-1 (Figure 1d, black triangle and 

Figure 1e, step I), which might be explained by a lower degree of hydration or reduced 

(hydrous)metal-support interaction. 

Upon oxidation and the associated increase in crystallinity, the conductivity significantly 

increases to reach a maximum of 11 S cm-1 at 365 °C for the 30 wt% Ir catalyst and 40 S cm-1 at 

375 °C for the 45 wt% Ir containing catalyst (Figure 1d and Figure 1e, step II and III), which 

agrees well with a reported conductivity of ≈26 S cm-1 for a layer of about 2 – 3 nm IrO2 

nanoparticles.[75] The values are of the same order of magnitude as an industrial IrO2/TiO2 

reference catalyst [57-58] with 75 wt% Ir content, with a determined conductivity of 73.1 S cm-1 

under the same measurements conditions. The higher absolute conductivity as well as the 

higher temperature optimum for the 45 wt% Ir containing catalyst compared to the 30 wt% Ir 

containing sample can be explained by the possible formation of larger IrO2 nanocrystals from 

the precursor IrOOHx phase as depicted in Figure 1e, step III. For both Ir loadings an 

interconnected layer of highly conductive IrO2 nanoparticles on top of the non-conductive TiO2 

support is formed in this step, albeit at slightly different temperatures. 

Above the temperature optimum, the further growth of IrO2 particles via Ostwald ripening, 

consuming surrounding IrOOHx and smaller IrOx crystals, results in the formation of larger 

isolated IrO2 crystals. The formation of isolated crystals significantly lowers the overall 

conductivity due to missing charge percolation pathways as depicted in Figure 1e, step IV. The 

higher amount of IrOOHx precursor phase in the 45 wt% Ir containing samples allows for the 

formation of larger IrO2 crystals that still enable charge percolation and are not fully isolated 

in the case of 400 °C oxidized samples. Hence, a reasonable conductivity of 1.4 S cm-1 is 

retained for the 45 wt% sample as compared to a significant loss in conductivity with 

4.9 × 10-4 S cm-1 for the 30 wt% Ir containing catalyst. 
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The proposed scheme in Figure 1e is supported by structural characterization by scanning 

electron microscopy shown in Figure 2 and Figure S2-3 for the 30 and 45 wt% Ir containing 

catalyst samples. The morphology of the non-heated 30 wt% Ir containing IrOOHx/TiO2 

exactly matches that of the uncoated P25 TiO2 structure. The latter is composed of aggregates 

and larger agglomerates of about 20 – 30 nm primary TiO2 crystals (Figure 2a,c), which are 

mainly composed of anatase phase with a minor contribution of rutile TiO2 (Figure 1a). To 

assess the coverage of the TiO2 substrate by the iridium phase, all sample areas were imaged 

once by scanning with a secondary electron (SE) sensitive detector (Figure 1a,c,e,g,i,k) for 

morphological contrast and further imaged with a detector sensitive towards backscattered 

electrons (BSE) for enhanced material contrast (Figure 1b,d,f,h,j,l). 

From the comparison of the backscattered electron-based SEM images depicted in Figure 2b,d 

with the morphology shown in Figure 2a,c and the respective diffractogram (Figure 1a, black 

curve), a homogeneous coverage of the TiO2 nanostructure with a thin amorphous IrOOHx 

phase is suggested. From the scanning electron microscopy images shown in Figure S2 and 

Figure 1e-h it can also be concluded that oxidation at 350 °C, 365 °C and up to 375 °C in 

molten NaNO3 does not alter the morphology of the Ir coated catalyst or affects the 

homogeneous coverage of the TiO2 by the formed IrOx nanoparticle (Figure 1a,b) layer. 

At an oxidation temperature of 400 °C the morphology of the P25 TiO2 is still maintained 

(Figure 2i,k) but the IrOx/IrO2 nanoparticle phase (Figure 1a,b) visibly forms larger aggregates 

and crystals of several tens of nanometers, as shown by the light spots in the backscattered 

electron-based SEM images (Figure 2j,l), which were already indicated by the respective XRD 

patterns (Figure 1a and Figure S1). 
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Figure 2 SEM images of IrOx and IrO2 nanoparticles on P25 TiO2 with 30 wt% Ir content. Variation in 

oxidation temperature of IrOOHx-coated P25 TiO2 from non-heated (a-d) over 375 °C (e-h), 400 °C (i-l) in 

NaNO3. All sample areas were imaged once by recording with a secondary electron sensitive detector 

(a,c,e,g,i,k) for morphological contrast and further imaged with a detector sensitive towards backscattered 

electrons for enhanced material contrast (b,d,f,h,j,l). 

The 45 wt% Ir containing IrOOHx/TiO2 catalyst series also exhibits the morphology of the 

unloaded P25 TiO2 up to an oxidation temperature of 375 °C (Figure S3a,c,e,g,i,k,m,o), 

although a slightly rounded shape and increased thickness of the particles (Figure S3a,c) 

indicate a smooth coverage by the IrOOHx phase (Figure S1a,b). In contrast to the 30 wt% Ir 

containing catalyst sample series, the homogeneity of the coverage with the Ir active phase for 
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the 45 wt% Ir catalyst series seems to be slightly reduced, as small intensity variations across 

the scan area in the respective backscattered electron based SEM images are visible 

(Figure S3b,d,f,h,j,l,n,p). In addition, for 45 wt% Ir catalyst samples the formation of a 

continuous IrOOHx and IrOx/IrO2 particle layers at temperatures of up to 375 °C can directly 

be observed in the high-resolution BSE-based SEM images (Figure S3d,h,l,p) by lighter rims 

around the TiO2 nanocrystals.  

Oxidation at 400 °C leads to a significantly altered morphology, being composed of the 

underlying P25 TiO2 structure with needle-like and particle-like nanostructures on the surface 

(Figure S3q,s). A comparison with the acquired backscattered electron-based SEM images 

further confirms the formation of IrOx/IrO2 (Figure S1a,b) needle-like structures shown as 

brighter features on the underlying TiO2 structure (Figure S3r,t). 

To investigate the phase transformation of amorphous IrOOHx to IrOx nanoparticles and the 

coverage of the TiO2 nanocrystals at the local scale, high resolution scanning transmission 

electron microscopy (STEM) and energy dispersive X-ray spectroscopy (EDX) were 

performed. 

Figure 3a-d shows the larger agglomerated P25 TiO2 nanocrystals with a dimension of about 

20 – 30 nm that are homogeneously coated with a 1 – 2 nm thin amorphous IrOOHx phase, 

visible as a bright diffuse rim around the titania. The electron diffraction pattern (Figure 3d) 

only shows a diffuse ring that cannot be associated with metallic Ir or a IrO2 phase, but which 

agrees well with the X-ray diffraction pattern (Figure 1a) and can be assigned to the amorphous 

or “hydrous” IrOOHx phase.[62] 

The visualization of thin amorphous IrOOHx layers is possible only under low-dose imaging 

conditions with short acquisition times, otherwise an electron beam-induced crystallization 

with the formation of 1 – 2 nm sized particles can be observed after only seconds of 

illumination (Figure S4). 
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Upon oxidation in molten NaNO3 at 365 °C, the continuous amorphous  layer of the 30 wt% Ir 

containing catalyst partially crystallizes with the formation of 1 – 2 nm small IrOx particles 

embedded in a surrounding amorphous IrOOHx phase, as observed in high resolution STEM 

images (Figure S5b,c,d) and high resolution TEM images (Figure S5a). At a slightly higher 

oxidation temperature of 375 °C the crystallinity of the IrOx layer increases but the layer 

continuity remains preserved. The corresponding STEM images show that the TiO2 crystal 

facets (Figure 3e,f) are covered by an interconnected layer of about 2 nm sized IrOx 

nanocrystals (Figure 3g,h).  

The further increase in oxidation temperature to 400 °C dramatically alters the catalyst 

morphology, as already indicated by the XRD, SEM and conductivity measurements discussed 

above. STEM images and EDX mapping of IrOOHx/TiO2 samples oxidized at 400 °C show 

that the P25 TiO2 support remains unaltered, but now the titania crystals are covered by isolated 

and aggregated 1 – 2 nm sized particles as well as longer rod-like crystals (Figure 3i-k,m). 

According to the electron diffraction pattern depicted in Figure 3l, the nanoparticles and rod-

like crystals can both be assigned to the rutile IrO2 phase. The formation of larger rod-like IrO2 

crystals resulting from a preferential growth along the [001] and [112] directions of the rutile 

unit cell was described by Abbott et al. for IrO2 synthesized by the Adams fusion method at 

temperatures above 500 °C, and explained by a thermodynamically favorable formation of 110 

surface terminations.[67] 

STEM imaging of the 45 wt% Ir containing TiO2 supported sample series shown in Figure S6 

features a similar microstructural evolution of the IrOOHx phase upon oxidation in NaNO3. 
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Figure 3 TEM images of IrOOHx and IrO2 nanoparticles on P25 TiO2 with 30 wt% Ir content. Variation in 

oxidation temperature of IrOOHx coated P25 TiO2 from non-heated (a-d) over 375 °C (e-h) to 400 °C (i-m) 

in NaNO3. Phase identification and assignment of lattice planes in electron diffraction pattern (d,l) 

according to literature values. IrO2 pattern: ICDD card number 00-015-0870 (grey) (tetragonal symmetry, 

a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 90°). (m) STEM/EDX elemental mapping of aggregated IrO2 

nanoparticles on P25 TiO2 nanocrystals after oxidation at 400 °C. 

The non-heated IrOOHx/TiO2 sample (Figure S6a-c) displays a rather homogeneous coating 

with a 5-10 nm thick amorphous Ir-containing phase as indicated by EDX mapping 

(Figure S6e) and electron diffraction patterns, and which only shows diffraction spots related 

to TiO2 anatase and rutile phase (Figure S6d). The microstructure of the 45 wt% catalyst 

oxidized at 375 °C appears very similar to the lower-loaded counterpart with 1 – 2 nm IrOx 

mostly interconnected particles attached to the surface of the TiO2 crystals (Figure S6f-h). The 

particles are homogeneously distributed on the TiO2 as shown by EDX mapping (Figure S6j) 
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and consist of an intermediate phase IrOx and rutile IrO2 as shown by the electron diffraction 

pattern (Figure S6i). Finally, an oxidizing temperature of 400 °C leads to the formation of IrO2 

nanorods and aggregates of small particles sized about 1 – 2 nm, similar to those observed for 

the 30 wt% loaded catalyst. However, the length of the nanorods significantly exceeds that of 

the lower-loaded sample with dimensions of up to about 100 × 10 nm (Figure S6k), which is 

also in agreement with the larger average crystalline domain size of ≈27 nm determined from 

XRD line broadening. Although the homogeneity of the Ir distribution is lowered as shown by 

EDX mapping (Figure S6o), the larger rod-like structures still seem to connect isolated particle 

aggregates on the non-conductive TiO2 (Figure S6k-n) in contrast to the 400 °C oxidized 

30 wt% Ir containing catalyst. 

The results shown by electron microscopy therefore support the structural model shown in 

Figure 1e with implications on the conductivity as shown in Figure 1d. Further evidence for 

the homogeneous coverage of the P25 TiO2 support with an IrOOHx phase and the evolution 

of the accessible surface area by increasing temperature in the NaNO3 oxidation is given by 

nitrogen sorption measurements shown in the Supplementary Information Figure S7-9. The 

Brunauer-Emmett-Teller (BET) surface area of P25 TiO2 increases after IrOOHx coverage 

(30 wt% Ir catalyst) and oxidation at 365 °C from 62 m2 g-1 (Figure S7) to 78 m2 g-1 

(Figure S8a). A further reduction of the amorphous IrOOHx content and formation of IrOx 

nanoparticles at 375 °C leads to an increased surface area of 119 m2 g-1 (Figure 8b), which is 

again significantly reduced to 76 m2 g-1 by the formation of larger IrO2 crystals upon oxidation 

at 400° C (Figure S8c).  

The BET surface area of the oxidized 45 wt% Ir coated catalyst shows a similar trend with a 

significant increase upon IrOx nanoparticle formation with 109 – 101 m2 g-1 (350 and 365 °C, 

respectively) and a maximum of 119 m2 g-1 shown at 375 °C. Oxidation at 400 °C significantly 

reduces the BET area to 38 m2 g-1, which is even below the value for the uncoated P25 TiO2. 
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This can be explained by a coverage of TiO2 surface by larger IrO2 crystals with reduced surface 

area that exceeds the average domain size of the TiO2 as shown by XRD (Figure S1a) and 

STEM imaging (Figure S6k-o). 

Electrochemical characterization of P25 / IrOOHx 

To investigate the redox activity of the differently oxidized TiO2 supported Ir-phases, cyclic 

voltammograms were recorded over a broad potential range between the hydrogen evolution 

reaction (HER) and OER onset potentials (0.05 – 1.52 V vs. RHE) before each rotating disc 

electrode activity measurement (Figure 4a). Besides the OER onset above about 1.45 V vs. 

RHE, the non-heated 30 wt% Ir containing IrOOHx/TiO2 sample shows a broad peak centered 

around 0.8 V vs. RHE attributed to the Ir(III)/Ir(IV) redox reaction in acidic environment.[76-

77] This feature is reduced in intensity for the IrOx/TiO2 sample oxidized at 375 °C and not 

further detectable for the IrO2/TiO2 sample prepared at 400 °C (Figure 4a). The presence and 

reduction of the Ir(III)/Ir(IV) redox feature upon oxidation is even more pronounced in the 

cyclic voltammograms of the 45 wt% Ir sample series (Figure S10a) due to the increased 

thickness of the initial amorphous IrOOHx layer with bulk redox activity.[59] 

To assess the OER onset potential (defined at 1 mA cm-2) and catalytic activity under controlled 

reaction parameters (see Experimental section for details) rotating disc electrode measurements 

with repeated cyclic voltammetry were performed as shown in Figure 4bc and Figure S11ab 

for the 30 wt% Ir containing sample series. The non-heated IrOOHx/TiO2 catalyst sample 

exhibits an onset potential of only 202 mV which is in the expected range of a highly OER 

active hydrous Ir-oxide.[21, 78] 
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Figure 4 Electrochemical characterization of IrOOHx and IrO2 nanoparticles on P25 TiO2 with 30 wt% Ir 

content. (a) Cyclic voltammogram between 0.05-1.50 V vs. reversible hydrogen reference electrode (RHE) 

of IrOOHx coated TiO2 before (black curve) and after oxidation at 375 °C (dark red curve) and 400 °C 

(light red curve) with a scan rate of 50 mV s-1. (b) 75th scan cycle of rotating disc electrode measurements 

for non-heated IrOOHx/TiO2 catalyst (black curve) and 375 °C (red curve) and 400 °C (light red curve) 

oxidized catalyst. (c) Extracted overpotentials (ηOER) of RDE measurements for each cycle required to reach 

a current density of 1 mA cm-2. (d) Iridium mass based OER activities for IrOOHx/TiO2 based catalysts 

determined by cyclic voltammetry measurements (1st and 20th cycle each) of respective catalyst samples 

(15 µgIr abs.) on fluorine doped tin oxide substrates. 

Interestingly, with the oxidation in molten NaNO3 the onset potential remains low at 204 mV 

(365 °C) – 206 mV (375 °C) compared to 252 mV determined for the more crystalline 

IrO2/TiO2 reference catalyst under same measurements conditions (Figure S12a-c). The low 

onset potential values compare well with the best catalysts reported in the literature, in spite of 

the relatively low surface area and insulating character of the P25 substrate used in our work.  

Thus, a similar low onset potential of 200 mV was reported by Hu et al. for a supported catalyst 

with a comparable Ir loading but evidently more beneficial electrically conducting Nb-doped 

TiO2 (NTO) support with a higher surface area (≈83 m2 g-1).[49] Apparently, a conductive NTO 
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support, even with a homogeneous IrO2 coverage, does not necessarily translate into a lower 

onset potential as shown by Hufnagel et al. for an 8 wt% Ir coated catalyst with an 

ηOER=250 mV.[48] In contrast to the samples oxidized at lower temperatures, oxidation of 

30 wt% Ir containing catalyst at 400 °C leads to a significantly increased onset potential of 

initially 328 mV (5th RDE cycle) that rises from the 30th cycle up to 532 mV after 75 cycles 

due to its limited conductivity (Figure 4b,c). 

The 45 wt% Ir sample series exhibits a slightly higher onset potential of 211 mV for the non-

heated IrOOHx/TiO2 catalyst that also remains low upon oxidation with values of 214 mV 

(365 °C) – 208 mV (375 °C) (Figure S10b). Samples oxidized at 400 °C still exhibit a 

relatively low onset potential of 231 mV after 75 RDE scan cycles, which can be explained by 

the retained conductivity compared to the similarly oxidized 30 wt% Ir sample (Figure S10 and 

Figure 1). 

To assess the electrocatalytic activity of the oxidized IrOOHx/TiO2 and the IrO2/TiO2 reference 

catalyst, cyclic voltammetry in a potential window up to 1.8 V vs. RHE was conducted on 

fluorine doped tin oxide substrates at room temperature with results presented in Figure 4d, 

S10, S11 and Figure S13. Figure 4d shows a visibly increased activity of the 375 °C oxidized 

sample compared to the non-heated 30 wt% Ir containing IrOOHx/TiO2 with increasing 

overpotential, which can be explained by the significantly higher conductivity of the oxidized 

sample and thus a reduced ohmic resistance at high current densities. The contrasting example 

is given by the 400 °C oxidized sample (Figure 4d), showing only a low OER activity due to 

its limited conductivity (Figure 1). 

The 45 wt% sample series shows an even higher spread in OER activity (Figure S10) with 

increasing overpotential, which is in agreement with the larger change in conductivity upon 

oxidation (Figure 1). Due to the retained conductivity, the 400 °C oxidized sample thereby still 

shows a moderate OER activity compared to the 30 wt% Ir sample. 
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Absolute OER activities normalized to the iridium mass are very similar for the 30 and 45 wt% 

Ir containing IrOOHx/TiO2 catalysts oxidized at 375 °C, which is regarded to be the optimum 

synthesis temperature resulting in maximized conductivity and activity for the 30 wt% sample 

series (Figure S13). In the low overpotential range of 300 mV, the 375 °C oxidized 30 and 

45 wt% IrOOHx/TiO2 catalysts exhibit an Ir-based OER current of about 62 and 71A gIr
-1 after 

the 10th cycle, respectively, which is about 8 times higher than the measured 8 A gIr
-1 of the 

75 wt% Ir containing IrO2/TiO2 reference catalyst under the same conditions. At an elevated 

overpotential of 420 mV, the 30 and 45 wt% Ir coated catalysts show a coinciding activity of 

about 1048 and 1047 A gIr
-1, respectively, which is still 3 times higher than the measured 

345 A gIr
-1 of the reference catalyst. 

Comparison to literature shows a similar high activity of our prepared catalysts to a very high 

surface area (245 m2 g-1) 40 mol% Ir (≙ 56 wt% Ir) containing IrO2/TiO2 catalyst prepared by 

Oakton et al., which delivers 70 A g-1 at an overpotential of 287 mV.[45] However, the reported 

conductivity of the randomly mixed oxide of 0.26 S cm-1 is expected to limit the performance 

in the high overpotential range that is typically used for the operation of an electrolyzer. 

Compared to the highly active catalyst reported by Hu et al. with 548 A gIr
-1 at an overpotential 

of 362 mV (26 wt% Ir containing Nb-doped TiO2 supported IrO2 nanoparticle catalyst), our 

30 wt% Ir containing IrOOHx/TiO2 catalyst oxidized at 375 °C shows a slightly lower mass-

based activity of 487 A gIr
-1 determined at the same overpotential.[49] 

Although the supported catalysts presented here do not surpass the best performing NTO 

supported IrO2 nanoparticle catalyst, they combine required key properties of an OER catalyst 

that can effectively reduce the Ir-loading in the anode layer of an actual PEM electrolyzer such 

as high conductivity, high iridium dispersion and resulting low Ir-density with a high catalytic 

activity.[5, 57] 



7.2 Results and Discussion 

330 

 

Keeping these factors in perspective, P25 titania with its moderately high surface area and low 

powder density of 0.1 – 0.18 g cm-3 (according to product specification, EVONIK 

INDUSTRIES, 2019), therefore presents a suitable corrosion-resistant and commercially 

available support material for the synthesis of novel highly active OER catalysts with low Ir-

density. Neglecting the influence of the 1–2 nm thin coating layer on the TiO2 mass, the 30 wt% 

Ir containing IrOOHx/TiO2 catalyst series exhibits a calculated Ir density as low as 0.046 – 

0.083 gIr cm-3. According to Bernt el al., these iridium density values would already allow for 

a reduction of the iridium loading on the anode at a scale sufficient for establishing large scale 

PEM electrolysis without limitations by the abundance of the scarce noble metal.[5, 57] 

The 45 wt% Ir containing P25 TiO2 supported catalyst series with calculated Ir densities 

ranging between 0.095 – 0.17 gIr cm-3 are above the aforementioned target of ≈0.05 gIr cm-3 [5] 

(derived from a targeted Ir utilization of 0.01 gIr kW-1) but still represent a major advancement 

towards the reduction of the noble metal content when comparing to the experimentally 

determined Ir density (bulk powder density) of ≈1.5 gIr cm-3 [31] for the industrial IrO2/TiO2 

reference catalyst with 75 wt% Ir loading. 

A further important requirement for the use of the IrOx,IrO2/P25 TiO2 as catalyst in 

electrolyzers is their stability under OER conditions. This aspect was initially investigated by 

means of chronopotentiometry measurements over 2 h that were conducted at a moderate 

current density of 10 mA cm-2 as depicted in Figure 5a for the 30 wt% Ir containing catalyst. 

Non-heated (black curve) as well as 350 °C oxidized IrOOHx/TiO2 catalyst (dark red curve) 

thereby show the characteristic potential evolution of metallic or hydrous IrOx with a decrease 

in the potential over an activation period of about 30 min and a slight increase of the potential 

over the remaining measurement period. However, the curve of the 350 °C oxidized sample is 

shifted about 10 mV to higher potentials indicating a slightly decreased activity. 
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Figure 5 Stability and activity measurements by chronopotentiometry and detection of dissolved iridium by 

ICP-OES of 30 wt% Ir containing TiO2 supported catalyst. Chronopotentiometry measurements (a) at j = 

10 mA cm-2 over 120 min. ICP-OES measurements of dissolved Ir and Ti during 24 h of 

chronopotentiometry at j = 10 mA cm-2 (white and red bars; declining dash) or storage in the acidic 

electrolyte without applied potential (grey bars; rising dash) for non-heated, 365 °C and 375 °C oxidized 

catalyst. 

Increasing the oxidation temperature to 365 °C leads to a dehydration of the IrOOHx phase and 

formation of IrOx particles, which already resemble the oxide in its potential course over time 

but with a reduced activity attributed to mass transfer limitations caused by dehydration as 

proposed by Geiger et al..[59] As shown by RDE and cyclic voltammetry (Figure 4b,d and 

S11c), oxidation at 375 °C results in an optimum in catalytic activity reflected by a potential 

curve decreased by about 21 mV compared to the 365 °C sample and coinciding with the non-

heated IrOOHx/TiO2 at a potential of 1.58 V vs. RHE after 2 h. The drastic reduction in 

conductivity and formation of rather isolated rutile IrO2 crystals upon oxidation at 400 °C leads 
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to significantly decreased OER activity, reflected by a required potential of 2.1 V vs. RHE in 

the chronopotentiometry with a complete loss of activity after 75 min. 

The higher-loaded 45 wt% Ir containing catalyst series exhibits a similar trend shown in 

Figure S14a, although the potential curve of the 350 °C oxidized IrOOHx/TiO2 already 

resembles that of an Ir oxide. Oxidation at 400 °C again leads to a significant reduction of the 

OER activity reflected by an initial potential of 1.72 V vs. RHE that constantly rises to over 

2.8 V vs. RHE within the measurement period. The chronopotentiometry results are in 

accordance with the RDE and CV data and confirm the formation of a highly active amorphous 

oxidic iridium phase in the temperature range of 365 – 375 °C that exhibits a similar OER 

activity as the initial hydrous IrOOHx and which is stable under OER conditions over the 

measurement period. 

According to literature, oxidation (e.g., thermal annealing) of hydrous iridium oxide films 

(HIROF) is a known and well-investigated technique to enhance the corrosion stability under 

OER conditions, required for a stable operation as PEM anode catalyst.[59-61] 

To quantify the stability of the oxidized IrOOHx/TiO2 catalysts, inductively coupled plasma 

optical emission spectroscopy (ICP-OES) of dissolved iridium in the electrolyte was performed 

after 24 h of electrolysis (Figure 5b and Figure S14). The Ir concentration is shown to be 

inversely correlated to the oxidation temperature starting with 38 µgIr mL-1 in 24 h for the non-

heated 30 wt% Ir containing hydrous oxide and significantly declining to 26 µgIr mL-1 for the 

365 °C oxidized sample down to 21 µgIr mL-1 for IrOOHx oxidized at 375 °C. 

These findings are at first sight in contrast to literature reports about the stability and activity 

of hydrous iridium oxide and a suggested compromise by tuning the crystallinity with the 

annealing temperature.[7, 59] In general, thermal annealing was shown to decrease the activity 

with increasing temperature for several iridium based systems, which is explained by a change 
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in the oxide stoichiometry, a lower amount of accessible active sites and mass transfer 

limitations due to dehydration in the lower temperature regime. [27, 30, 55, 61, 79] 

For our oxidized IrOOHx/TiO2 catalysts a reduction of the electrochemical surface area (ECSA) 

was indeed shown by cyclovoltammetry (Figure 4, S12), but it was also accompanied by a 

significant increase in the catalyst surface area (factor of about 2) as revealed by sorption 

analysis (Figures S7-9). These findings can be explained by the transition of a bulk to a surface 

redox active catalyst and do not necessarily imply a lower activity if the surface to bulk ratio 

of iridium active phase is high enough.[80] 

Based on the data presented in this work, we therefore conclude that for the thin intermediate 

IrOx phase no trade-off exists between catalytic activity and stability with respect to the hydrous 

IrOOHx, which further outlines the advantage of the proposed synthesis method in addition to 

the established positive effects of the increased conductivity and enhanced morphology. 
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7.3 Conclusion 

In this work, the facile synthesis of a novel highly active and industrially applicable IrO2 

nanoparticle based P25 TiO2 supported OER catalyst for PEM electrolysis is presented. 

Commercially available IrOOHx / P25 TiO2 OER catalyst with nominal homogeneous loadings 

of 30 and 45 wt% Ir were used a precursor phase. By employing oxidation in molten NaNO3, 

the moderately conductive IrOOHx phase (3 and 0.2 S cm-1 for 30 and 45 wt% Ir containing 

catalyst, respectively) could be transformed to small intergrown IrOx/IrO2 nanoparticles on the 

non-conductive TiO2. This way, the conductivity of the TiO2-supported catalysts reached values 

as high as 11 and 40 S cm-1 for the 30 and 45 wt% Ir containing catalyst, respectively, at the 

temperature optimum for oxidation of 375 °C. In-depth structural characterization shows that 

a higher oxidation temperature of 400 °C leads to further particle growth consuming 

surrounding IrOOHx and IrOx particles, which causes the formation of isolated or poorly 

interconnected rod-like IrO2 particles of about 10 and up to 100 nm length for the 30 and 

45 wt% Ir catalysts, respectively. 

Electrochemical characterization revealed an Ir mass-based OER activity exceeding an 

industrial IrO2/TiO2 reference catalyst with 75 wt% Ir by a factor of 3 and 8 in the moderate 

and low overpotential regimes of 420 and 300 mV, respectively. The 30 wt% Ir containing 

IrOOHx/P25 TiO2 catalyst oxidized at 375 °C in molten NaNO3 thereby delivers 62 A gIr
-1 at 

ηOER=300 mV and 572 A gIr
-1 at ηOER=380 mV, which is in the range of best performing IrO2 

nanoparticle OER catalysts with Nb-doped TiO2 support. 

Intermediate term chronopotentiometry measurements over 24 h and ICP-OES measurements 

of dissolved Ir in the electrolyte further confirm a significantly increased stability of the 

IrOOHx/TiO2 catalyst upon oxidation in molten salt at the temperature optimum of 375 °C. 

Overall, our synthesis approach enables the fabrication of a novel supported OER catalyst with 

greatly reduced Ir-density of 0.046 – 0.083 gIr cm-3 (30 wt% Ir catalyst) through the 
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homogeneously coated P25 TiO2 nanostructure and retained catalytic activity, which allows a 

significant reduction of the noble metal content in anodes of PEM electrolyzes and thereby 

enables their large scale application. Importantly, the general findings of our work are not 

limited to the P25 TiO2 support, but rather demonstrate that the controlled crystallization of 

amorphous IrOOHx to a crystalline but continuous IrO2 layer enables the significant reduction 

in Ir loading by maintaining high catalytic activity and stability. Provided the required wetting 

can be ensured, our novel approach is universally applicable to any type of support, and it can 

be expected that even further reduction of the iridium density with enhanced OER activity 

could be achieved by the use of more advanced oxidic support morphologies such as 

microparticles with inverse opal structure recently demonstrated by our group, or highly 

conductive and corrosion-stable TiON phases obtained by Bele et al..[31, 51] 
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7.4 Experimental 

P25 TiO2/IrOOHx precursor phase 

Two batches of commercially available IrOOHx coated TiO2 (Aeroxide®P25, EVONIK 

INDUSTRIES AG) catalyst were obtained from HERAEUS Deutschland GmbH & Co. KG 

with nominal Ir metal contents of ≈30 and 45 wt% Ir, respectively. The catalyst provided 

consists of a fine, non-agglomerated powder and used as received for further experiments. 

Synthesis of P25 TiO2 supported IrOx and IrO2 nanoparticles 

The synthesis of IrOx and IrO2 nanoparticles supported by P25 TiO2 from an amorphous 

IrOOHx precursor phase is based on the well-known molten salt oxidation route in NaNO3, 

initially introduced in 1923 by Adams and Shriner for the preparation of platinum oxide 

nanoparticles and described by Oakton et al. for the preparation of a TiO2/IrO2 OER catalyst 

from a mixture of molecular precursors.[45, 81] The process was adapted to transform a thin 

amorphous IrOOHx layer on the TiO2 substrate to IrOx nanoparticles. 

30 or 45 wt% Ir TiO2/IrOOHx powder and NaNO3 (VWR, ≥ 99.9%) were mixed in a mass ratio 

of 1:12 with an addition of 24 mass equivalents of deionized H2O.  In a typical reaction 500 mg 

of TiO2/IrOOHx catalyst were added to 6.0 g of NaNO3 with the addition of 12 mL H2O. The 

reaction mixture was stirred and sonicated 3 times for 20 min for a complete dissolution and 

intermixing of the precursors. In a following step the reaction mixture was dried in glass dishes 

by evaporation on a hot plate at 95 °C to obtain a greyish/white product that was transferred to 

a ceramic calcination tray and placed in a laboratory oven (NABERTHERM, model 

N15/65SHA). All reactions were first heated to 150 °C for 2 h (3 °C min-1 heating ramp) in air 

to remove residual water in the reaction mixture. Depending on the targeted crystallinity of the 

IrOx, the product was further heated to a temperature between 350 and 400 °C for 1 h 

(3 °C min-1 heating ramp) in air. The resulting P25 TiO2/IrOx was encapsulated in the NaNO3 

melt after cool down and isolated by 4 consecutive washing steps with DI H2O and 
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centrifugation. To obtain a fine powder, the product was finally freeze-dried using an ALPHA 

1-4 machine (MARTIN CHRIST GEFRIERTROCKNUNGSANLAGEN GMBH). 

Physico-chemical characterization 

Wide angle X-ray diffraction (XRD) analysis was carried out in transmission mode using a 

STOE STADI P diffractometer with Cu Kα1 radiation (λ = 1.54060 Å) and a Ge(111) single 

crystal monochromator equipped with a DECTRIS solid state strip detector Mythen 1K. 

Powder XRD patterns of the samples were collected with an omega-2theta scan in the 2θ range 

from 5° to 90° with a step size of 1° and fixed integration time of 25 – 35 seconds per step and 

a resolution of 0.05°. The size of crystalline domains of IrO2, TiO2 (anatase phase) and TiO2 

(rutile phase) nanoparticles were calculated with Scherrer’s Equation from line broadening of 

the 101, 101 and 110 reflections, respectively. Reflection positions were compared to XRD 

reference patterns for the IrO2 phase (ICDD card #00-015-0870, tetragonal symmetry, a = b = 

4.4983 Å, c = 3.1544 Å, α = β = γ = 90°), TiO2 (anatase) (ICDD card #00-004-0477, tetragonal 

symmetry, a = b = 3.783 Å, c = 9.510 Å, α = β = γ = 90°) and TiO2 (rutile) (ICDD card #00-

004-0551, tetragonal symmetry. a = b = 4.594 Å, c = 2.958 Å, α = β = γ = 90°). 

Raman spectroscopy was carried out using a LabRAM HR UV-Vis (HORIBA JOBIN YVON) 

Raman Microscope (OLYMPUS BX41) with a SYMPHONY CCD detection system and a He-

Ne laser (λ = 633 nm). Spectra were recorded using a lens with a 10-fold magnification in the 

range from 100 cm-1 to 1000 cm-1 with filters of OD 0.3 - 0.6. Spectrum accumulation mode 

was used with integration times of 30 sec per spectrum and 600 cycles. The data acquisition 

was carried out with LabSpec software. 

HRTEM, HAADF-STEM images were recorded using a FEI Titan Themis 80 – 300 

microscope with aberration correction of the probe-forming lenses operated at 120 kV or 

300 kV, respectively. Energy dispersive X-ray spectroscopy (EDX) was performed using a 

SuperX windowless, four quadrant Silicon drift detector with a solid angle of 0.7 sr. TEM 
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specimens were prepared from nanoparticles in a 1:1 (v/v) ratio of water to ethanol and 

deposited on a carbon-film coated copper grid and dried in air. 

Scanning electron microscopy (SEM) images were recorded with a FEI Helios Nanolab G3 UC 

scanning electron microscope equipped with a field emission gun operated at 3 – 5 kV. 

Specimens were prepared from powders in a 1:1 (v/v) ratio of water to ethanol and deposited 

on FTO or Si substrates that were glued onto a stainless-steel sample holder with silver lacquer. 

EDX measurements were performed at an operating voltage of 20 kV with a X-MaxN Silicon 

Drift Detector with 80 mm2 detector area (OXFORD INSTRUMENTS) and AZTec acquisition 

software (OXFORD INSTRUMENTS). 

For the analysis of the porosity, samples were degassed for 12 h at 120 °C under vacuum. 

Nitrogen sorption measurements were performed on a QUANTACHROME Autosorb-1 

instrument at the boiling point of liquid nitrogen (77 K). The specific surface area was 

determined with the Brunauer-Emmett-Teller (BET) method at p/p0 = 0.05−0.2. The pore size 

distribution was calculated using a non-local DFT adsorption and equilibrium model for silica 

with cylindrical pores. 

Conductivity measurements of P25 TiO2 supported IrOOHx
 and the IrO2/TiO2 reference 

catalyst (Elyst Ir75, UMICORE) were carried out on a HMS 3000 apparatus (ECOPIA) in the 

Van-der-Pauw geometry (5 mm separation of electrodes). Powder samples were measured as 

pellets that were compressed for 10 min at 150 kg cm-2. Due to restrictions on sample volume 

conductivity measurements of TiO2/IrO2 (45 wt% Ir, 400 °C oxidation) were conducted on an 

in-house constructed dc-conductivity measurements cell on loosely compressed powders by 

recording I-V curves between -5 to +5 V with an AUTOLAB 302N potentiostat/galvanostat 

(METROHM AUTOLAB B.V.). 
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Thermogravimetric analysis (TGA) and differential scanning calorimetry (DSC) of the samples 

was performed on a NETZSCH STA 440 C TG/DSC (heating rate of 10 K min–1 in a stream of 

synthetic air of about 25 mL min–1). 

Stability measurements of the IrOOHx, IrOx and IrO2 coated TiO2 electrodes with an absolute 

loading of 400 µgcatalyst were performed by analyzing electrolyte (0.5 M H2SO4) aliquots 

(1.0 mL of 20.0 mL total volume) by inductively coupled plasma optical emission spectrometry 

after chronopotentiometry measurements over 24 h at a current density of 6.67 mA cm-2 

(10 mA absolute). Reference samples were stored in electrolyte under the same conditions for 

24 h without applying a potential. All samples were stored/washed in electrolyte (which was 

discarded) for 5 min prior to each measurement to detect only potential/current induced 

dissolution related to electrolysis and avoid detection of dissolved ions from initial contact with 

the acidic electrolyte. 

Electrochemical characterization 

All electrochemical measurements at room temperature were carried out in a 3-electrode setup 

with quartz cells filled with 20 mL 0.5 M H2SO4
 (SIGMA-ALDRICH, Titripur® volumetric 

standard) as electrolyte using an PGSTAT302N potentiostat/galvanostat (METROHM 

AUTOLAB B.V.) equipped with a FRA32 M impedance analyzer connected to a Hydroflex 

reversible hydrogen electrode (GASKATEL Gesellschaft für Gassysteme durch Katalyse und 

Elektrochemie mbH) or Hg/HgSO4/K2SO4 (sat.) (REF601, RADIOMETER ANALYTICAL-

HACH COMPANY) for cyclic voltammetry and chronopotentiometry measurements, 

respectively. 

The electrochemical activity of the catalysts on FTO substrates was measured by iR-drop 

corrected linear sweep voltammetry (LSV) in a potential window of 1.0 – 1.8 V vs. RHE in 

20 scan cycles with a scan rate of 20 mV s-1. Impedance spectroscopy data at 0.5 V vs. RHE 

was recorded prior to each measurement to determine the corresponding electrolyte resistance 
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(95 %) from the high frequency region (Rs determined from semi-circle or linear fit). The 

iridium mass-based catalyst activity in A gIr
-1 was calculated from the coating volume (3 – 

15 µl) of a dispersion of known concentration (2 mgcatalyst ml-1) to deposit 15 µgIr on each 

electrode on a masked area of 0.196 cm-2. The coating volume for the 30 and 45 wt% Ir 

(nominal loading values) containing IrOOHx/TiO2 catalysts were calculated according to Ir 

content measured by SEM/EDX of 28 and 52 wt% respectively from the obtained batches. The 

difference of the local Ir loading to the stated nominal values obtained by elemental analysis 

can be explained by a certain inhomogeneity resulting from the industrial-type kilogram scale 

synthesis method of the catalyst. Current densities were determined from the mean value of 

capacity current corrected (mean current in potential region 1.0 – 1.23 V vs. RHE) anodic and 

cathodic scans of the respective LSV cycle. 

Stability measurements of electrodes were performed with an Hg/HgSO4/K2SO4(sat.)  reference 

electrode. Potentials versus the reversible hydrogen electrode ERHE were calculated by 

measuring the open circuit potential of the Hg/HgSO4/K2SO4(sat.) reference electrode against 

a Hydroflex reversible hydrogen electrode (GASKATEL Gesellschaft für Gassysteme durch 

Katalyse und Elektrochemie mbH) before and after each chronopotentiometry measurement 

and by shifting the measured potential accordingly. 

Rotating disk electrode (RDE) measurements were conducted with a MSR Electrode rotator 

with mirror finished polished 5 mm diameter glassy carbon disc insets (PINE RESEARCH 

INSTRUMENTATION) connected to an Autolab PGSTAT302N potentiostat/galvanostat 

equipped with a FRA32 M impedance analyzer (METROHM AUTOLAB B.V.) and a double-

walled glass cell with Luggin-capillary for the reference electrode compartment. Electrolyte 

temperature of 60.0±0.1 °C was maintained by a KISS 104A circulation thermostat (PETER 

HUBER KÄLTEMASCHINENBAU AG) and monitored with an immersed K-element 

temperature sensor. The Nernst potential for water oxidation was kept constant by continuous 
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O2 (AIR LIQUIDE, AlphaGaz® 2 N5 purity) purging of the electrolyte (0.5 M H2SO4, SIGMA-

ALDRICH, Titripur® volumetric standard). Catalyst loadings of 50 µgIr cm-2 (10 µgIr absolute) 

were drop-casted on cleaned glassy carbon discs and dried at 60 °C before applying 10 µL of 

a 1:100 dilution of a Nafion® perfluorinated resin solution (SIGMA-ALDRICH, 5 wt% in 

lower aliphatic alcohols and water (15 - 20% water) in a H2O/iPrOH mixture (1:1 v/v). The 

electrolyte resistance was determined before and after each RDE measurement in the high 

frequency region of recorded impedance spectra at 0.5 V vs. RHE. Due to low current densities 

reached in the measurement protocol and repeatedly low electrolyte resistance values around 5 

– 10 Ω, an iR drop correction of the recorded data was not performed. The applied measurement 

protocol consisted of 75 LSV cycles starting from 1.0 V vs. Hydroflex RHE (GASKATEL 

Gesellschaft für Gassysteme durch Katalyse und Elektrochemie mbH). The upper vertex 

potential was defined to be at a current density of j = 1 mA cm-2 (iabs = 0.2 mA, A = 0.196 cm2). 

Reported current densities were determined from the mean value of capacity current (mean 

value in potential region 1.0 – 1.23 V vs. RHE) corrected anodic and cathode scan for a given 

overpotential ηOER of the respective scan cycle. 

Additional cyclic voltammetry measurements over the potential range of 0.05 – 

1.52 V vs. RHE were performed during RDE measurements to identify redox features and 

compare the electrocatalytically active surface area of catalyst samples. Three cyclic 

voltammograms were therefore recorded prior to each RDE measurement (as described above), 

after 50 and after 75 RDE LSV cycles. 
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Figure S1 X-ray diffraction analysis (a) and Raman spectroscopy (b) of IrOx and IrO2 nanoparticles on P25 

TiO2 with 45 wt% Ir content. Variation in oxidation temperature of IrOOHx coated P25 TiO2 (black curve) 

from 350-400 °C (blue shaded curves) in NaNO3. Uncoated Aeroxide P25 TiO2 included as reference (grey 

curve). TiO2 (anatase) pattern: ICDD card number 00-004-0477 (red) (tetragonal symmetry, a = b = 3.783 

Å, c = 9.51 Å, α = β = γ = 90°). TiO2 (rutile) pattern: ICDD card number 00-004-0551 (orange) (tetragonal 

symmetry, a = b = 4.594 Å, c = 2.958 Å, α = β = γ = 90°). IrO2 pattern: ICDD card number 00-015-0870 

(grey) (tetragonal symmetry, a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 90°). The Raman band at 561 cm-1 

(Eg) and the close bands at 728 cm-1 (B2g) and at 752 cm-1 (A1g) correspond to the tetragonal iridium oxide 

phase.[64-65] The Raman bands at 147 cm-1 (Eg), 198 cm-1 (Eg), 398 cm-1 (B1g), 515 cm-1 (A1g, B1g) and 640 cm-1 

(Eg) are attributed to TiO2 anatase phase whereas bands at 144 cm-1 (B1g) and 448 cm-1 (Eg) are assigned to 

TiO2 rutile phase.[63] 

 

 

Figure S2 SEM images of IrOx nanoparticles on P25 TiO2 with 30 wt% Ir content. Applied oxidation 

temperature of IrOOHx coated P25 TiO2 of 350 °C (a-d) and 365 °C (e-h) in NaNO3. 
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Figure S3 SEM images of IrOx and IrO2 nanoparticles on P25 TiO2 with 45 wt% Ir content. Variation in 

oxidation temperature of IrOOHx coated P25 TiO2 from nonheated (a-d) over 350 °C (e-h), 365 °C (i-l), 

375 °C (m-p) to 400 °C (q-t) in NaNO3. All sample areas were imaged once by recording with a secondary 

electron detector (a,c,e,g,i,k,m,o,q,s) for morphological contrast and imaged further with a detector 

sensitive towards backscattered electrons for enhanced material contrast (b,d,f,h,j,l,n,p,r,t). 
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Figure S4 STEM image series (t(0)-(t(3))) of electron beam induced crystallization of the amorphous 

IrOOHx layer on P25 TiO2 (t(0)). t(0) indicating low dose image taken at time point 0 without preceding 

illumination of the sample area. t(1)-t(3) representing consecutive time points (~10 seconds interval) of 

image acquisition and accompanied sample illumination. 

 

 

Figure S5 TEM (a) and STEM (b-d) images of IrOx nanoparticles on P25 TiO2 with 30 wt% Ir content. 

Oxidation temperature of IrOOHx coated P25 TiO2 was 365 °C (a-d) in NaNO3. 
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Figure S6 TEM images of IrOOHx and IrO2 nanoparticles on P25 TiO2 with 45 wt% Ir content. Variation 

in oxidation temperature of IrOOHx coated P25 TiO2 from nonheated (a-e) over 375 °C (f-j) to 400 °C (k-

o) in NaNO3. Phase identification and assignment of lattice planes in electron diffraction patterns (d,i) 

according to literature values. IrO2 pattern: ICDD card number 00-015-0870 (grey) (tetragonal symmetry, 

a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 90°). (e,j,o) STEM/EDX elemental mapping of iridium distribution 

on P25 TiO2 nanocrystals after applying different oxidation temperatures. 
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Figure S7 Nitrogen sorption isotherm of P25 TiO2 (Aeroxide®P25, EVONIK INDUSTRIES) catalyst 

support with Brunauer-Emmett-Teller (BET) area and pore size distribution (non-local DFT model) as 

inset. BET surface area was in the range of product specification of 35-65 m2 g-1 (EVONIK INDUSTRIES, 

2019) and literature report by Raj and Viswanathan of 56 m2 g-1.[82] 

 

      

Figure S8 Nitrogen sorption isotherms of IrOx and IrO2 nanoparticles on P25 TiO2 with 30 wt% Ir content. 

Variation in oxidation temperature (a: 365 °C, b: 375 °C, c: 400 °C) of IrOOHx coated P25 TiO2 catalyst 

with Brunauer-Emmett-Teller (BET) area and pore size distributions (non-local DFT model) as inset. 
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Figure S9 Nitrogen sorption isotherms of IrOx and IrO2 nanoparticles on P25 TiO2 with 45 wt% Ir content. 

Variation in oxidation temperature (a: 350 °C, b: 365 °C, c: 375 °C, d: 400 °C) of IrOOHx coated P25 TiO2 

catalyst with Brunauer-Emmett-Teller (BET) area and pore size distributions (non-local DFT model) as 

inset. 
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Figure S10 Electrochemical characterization of IrOOHx and IrO2 nanoparticles on P25 TiO2 with 45 wt% 

Ir content. (a) Cyclic voltammograms between 0.05 - 1.50 V vs. reversible hydrogen reference electrode 

(RHE) of IrOOHx coated TiO2 before (black curve) and after oxidation at 375 °C (dark blue curve) and 

400 °C (light blue curve) with a scan rate of 50 mV s-1. (b) 75th scan cycle of rotating disc electrode 

measurements for differently oxidized (non-heated, 365 °C, 375 °C and 400 °C) IrOOHx/TiO2 catalysts. (c) 

Extracted overpotentials (ηOER) for each cycle required to reach a current density of 1 mA cm-2. (d) Iridium 

mass based OER activities for IrOOHx/TiO2 based catalysts determined by cyclic voltammetry 

measurements of catalyst samples (15 µgIr abs.) on fluorine doped tin oxide substrates. 
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Figure S11 Electrochemical characterization of IrOOHx and IrO2 nanoparticles on P25 TiO2 with 30 wt% 

Ir content. (a) 75th scan cycle of rotating disc electrode measurements for differently oxidized (non-heated, 

365 °C and 375 °C) IrOOHx/TiO2 catalysts. (b) Extracted overpotentials (ηOER) for each cycle required to 

reach a current density of 1 mA cm-2. (c) Iridium mass based OER activities for IrOOHx/TiO2 based 

catalysts determined by cyclic voltammetry measurements of catalyst samples (15 µgIr abs.) on fluorine 

doped tin oxide substrates. 
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Figure S12 Electrochemical characterization IrOOHx/TiO2 catalysts oxidized at 375 °C with 30 and 45 wt% 

Ir content versus an IrO2/TiO2 reference catalyst with 75 wt% Ir loading. (a) Cyclic voltammograms 

between 0.05 - 1.50 V vs. reversible hydrogen reference electrode (RHE) of IrO2/TiO2 reference catalyst 

(black curve) and IrOOHx/TiO2 catalysts (30 and 45 wt% Ir) oxidized at 375 °C (red and blue curve, 

respectively) with a scan rate of 50 mV s-1.  (b) 75th scan cycle of rotating disc electrode measurements for 

reference catalyst and 375 °C oxidized IrOOHx/TiO2 catalysts. (c) Extracted overpotentials (ηOER) for each 

cycle required to reach a current density of 1 mA cm-2. (d) Chronopotentiometry measurements at j = 

10 mA cm-2 over 120 min. 
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Figure S13 Comparison of OER activity of 375 °C oxidized IrOOHx/TiO2 with IrO2/TiO2 reference catalyst. 

(a) Cyclic voltammetry measurements (2nd and 10th scan cycle each) with respective Ir mass-based OER 

activities of IrO2/TiO2 reference catalyst and IrOOHx/TiO2 catalysts oxidized at 375 °C. Values determined 

by measurements of catalyst samples (15 µgIr abs.) on fluorine doped tin oxide substrates. Extracted Ir 

mass-based OER activities at an overpotential (ηOER) of (b) 300 mV and (c) 420 mV for the 2nd and 10th scan 

cycle. 
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Figure S14 Stability and activity measurements by chronopotentiometry and detection of dissolved iridium 

by ICP-OES of 45 wt% Ir containing TiO2 supported catalysts oxidized at different temperatures. 

Chronopotentiometry measurements (a) at j = 10 mA cm-2 over 120 min. (b) ICP-OES measurements of 

dissolved Ir and Ti during 24 h of chronopotentiometry at j = 10 mA cm-2 (white and red bars; declining 

dash) or storage in the acidic electrolyte without applied potential (grey bars; rising dash) for catalysts 

unheated and oxidized at 350 °C, 365 °C and 375 °C in NaNO3.  
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8. Efficient OER Catalyst with Low Ir Volume Density Obtained  

by Homogeneous Deposition of Iridium Oxide Nanoparticles  

on Macroporous Antimony-Doped Tin Oxide Support 

This chapter is based on the following publication: 

Böhm, D., Beetz M., Schuster M., Peters K., Hufnagel A. G., Döblinger M., Böller B., Bein 

T., and Fattakhova‐Rohlfing, D., Adv. Funct. Mater. 2019, 1906670 

A cover image (Adv. Funct. Mater., Vol. 30, No.1/2020) associated with this publication can 

be found in the following section 8.1. 

 

 

 

ToC image illustrates the solvothermal loading of an open porous antimony doped tin oxide 

microparticle employed as catalyst support with a thin layer of catalytic highly active IrO2 

nanoparticles in the range of 2 nm. The scheme shows the independent control of the 

microparticle porosity, doping level as well as of the IrOx precursor-to-support ratio which 

allows for the synthesis of optimized supported OER catalyst with high catalytic activity for 

the oxygen evolution reaction. 

 

Reprinted with permission from: Böhm, D., Beetz M., Schuster M., Peters K., Hufnagel A. G., Döblinger M., 

Böller B., Bein T., and Fattakhova‐Rohlfing, D., Adv. Funct. Mater. 2019, 1906670. 
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Reprinted with permission from: Böhm, D., Beetz M., Schuster M., Peters K., Hufnagel A. G., Döblinger M., 

Böller B., Bein T., and Fattakhova‐Rohlfing, D., Adv. Funct. Mater. 2019, 1906670. © 2020 WILEY‐VCH Verlag 

GmbH & Co. KGaA, Weinheim. 
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8.2 Introduction 

Generation of hydrogen via the electrolysis of water is considered one of important pillars of a 

future sustainable economy. In this way, the renewably generated electricity is converted into 

hydrogen that can be stored and used when required, either in a fuel cell or to replace 

petrochemically produced hydrogen as a process feedstock.[1-2] 

Relatively recent but already advanced proton exchange membrane (PEM) electrolysis 

technology enjoys an upswing in the industrial and research interest due to its compact design 

enabling high efficiency, high applicable current density and intermittent operation capability, 

which makes it an excellent match for decentralized renewable generators with high output 

fluctuations.[3] However, the large scale application of PEM electrolysis is currently limited by 

the high cost of its components and in particular iridium used to catalyze the oxygen evolution 

reaction (OER) process.[4-5]  

In spite of intensive research on different classes of OER catalysts, iridium oxide remains the 

only material demonstrating sufficient long-term catalytic activity without stability fading.[6] 

This is however achieved by a high Ir loading in the electrode assemblies of about 1.5–

3 mgIr cm-2 in the state of the art PEM cells.[7-9] Taking into account the cost, scarcity and total 

availability of Ir, at least a 10-fold decrease in the Ir loading is required.[10] At the same time, 

a certain thickness of the catalyst layer of several µm is needed to enable its integration in the 

cells without the shortcuts in their functionality.[7] 

In fact, it is not only the decreased loading but the drastic decrease in the Ir volumetric packing 

density in the electrode assembly with the simultaneous increase in the OER activity that 

should be targeted to make PEM technology economically feasible for the large-scale hydrogen 

generation. Due to a high economic impact of PEM electrolysis, considerable efforts have been 

made to improve the performance of Ir-based catalysts. 
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Nanostructuring, and in particular inverse opal morphology with its high void volume were 

demonstrated to be beneficial for decreasing the catalyst loading in membrane based 

electrolyzers as has been recently reported by Park et al.[11] and by Faustini et al.[12] for IrO2 or 

RuIrO2 catalysts, respectively. The critical point in the fabrication of nanostructured Ir-based 

catalysts is however the simultaneous optimization of the nanomorphology and the catalytic 

activity, which is strongly influenced even by the subtle changes in phase composition and is 

sensitive to the fabrication method. 

Another established approach is a dispersion of the Ir-based OER catalyst on a nanostructured 

support, which potentially results in a much larger active surface area for a given amount of 

catalyst than could be achieved by a solid compact structure.[13-18] TiO2-supported IrO2 has 

been used for years as dimensionally stable electrodes (DSA) in chlorine-alkali electrolysis[19] 

and in the state of the art PEM electrolysis.[7, 9, 20] The major advantages brought by the 

commercially available supported catalysts are however more an improved mechanical 

stability and simple processability of the catalyst layers rather than the decrease in Ir loading. 

Significant efforts have been made therefore to optimize the morphology of supports by using 

materials with high surface area, high electric conductivity and high oxidation stability such as 

mesoporous transparent conductive oxides (TCO). Mesoporous antimony doped tin oxide 

(ATO),[13, 21] indium tin oxide (ITO),[21] fluorine-doped tin oxide (FTO), and niobium doped 

titania (NTO)[18,22] coated with a thin iridium active phase have been reported to show the high 

electrocatalytic activity with a substantially decreased iridium loading. 

Still, in spite of the progress achieved, the rather small pore size and compact structure of the 

mesoporous materials put constraints on the homogeneous dispersion of iridium layers and the 

volumetric density as well as on the gas transport at high current densities. Therefore, a 

combination of conductivity provided by TCOs with a low volumetric density of macroporous 

supports can be expected to enable a further decrease in the Ir loading per membrane area on a 
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scale required for large scale application of the PEM technology.[7] The challenges in the 

development of supported catalysts are the synthesis of an ideally conductive, corrosion-stable 

support with the optimized morphology, as well as its conformal coating with a very thin layer 

of catalyst in a simple and scalable way. 

We present a scalable approach to prepare a dimensionally stable OER catalyst with a very low 

Ir volumetric loading density but very high OER activity. In contrast to previous work on 

supported catalysts and Ir-based OER catalysts, our multistep synthesis approach allows for an 

independent optimization of all single components to result in a highly active and stable 

catalyst. With the introduced synthesis concept the composition (by choice of the transition 

metal precursor), morphology (by the size of porogen), and conductivity (by the doping level) 

of the oxidic support, as well as the iridium loading (by the ratio of Ir precursor to oxidic 

support) and the active phase (by the oxidation procedure applied on the Ir@oxidic-support) 

can be tuned individually to enable the development of highly active OER catalysts with high 

Ir-volume dispersion for future PEM-electrolysis. 
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8.3 Results and Discussion 

Scheme 1 depicts the synthesis workflow starting from the ultrasonic spray pyrolysis of 

electrically conducting macroporous antimony-doped tin oxide (Sb:SnO2 or ATO) 

microparticles templated by poly(methyl methacrylate) (PMMA) (Step I), and an iridium 

chloride precursor that is oxidized in an aqueous environment to form hydrous IrOx colloid 

nanoparticles (Step II). A solvothermal reaction in tert-butanol/methanol/H2O as a key step 

leads to a reduction of the IrOx colloid nanoparticles at the oxide microparticle surface (Step III) 

to form a homogeneous layer of metallic nanoparticles (referred to as Ir tBuOH) of comparable 

size (≈2 nm). The resulting ATO microparticle-supported Ir nanoparticle product is referred to 

as SG280Δ-Ir-YX, with “SG” abbreviated for sol–gel derived product, subscript (“280” or 

“120”) representing the PMMA bead diameter (in nm) used for the synthesis of inverse opal 

microparticles, “Δ” indicating thermally cured ATO scaffold particles, “Ir” indicating an Ir 

nanoparticle loaded product obtained by a solvothermal synthesis and “Y” = 1/2, 1, 2, 3, 4 being 

a multiplier of the iridium amount “X” on the ATO scaffold theoretically yielding a ≈15 wt% 

Ir content in the composite catalyst (see the Experimental Section and Table S1, Supporting 

Information, for further details). Thermal oxidation in air (Step IV) leads to the formation of 

ATO microparticle-supported IrO2 nanoparticles referred to as SG280Δ-IrO2-YX which 

represents IrO2 nanoparticles supported on ATO scaffold particles originating from the thermal 

oxidation in air. 

In addition to the catalyst described above, particles with a smaller macropore size were 

prepared using 120 nm PMMA beads for the ATO microparticle synthesis. The samples are 

assigned as SG120Δ-Ir-YX and SG120Δ-IrO2-YX for supported catalysts before and after thermal 

oxidation, respectively. As two series of the catalysts show very similar materials properties, 

mainly the characterization of particles with a larger pore size is shown in the paper, with 
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characterization results of the smaller pore size catalyst series being shown in the Supporting 

Information. 

 

Scheme 1 Synthesis of ATO microparticle-supported IrO2 oxygen evolution reaction catalyst. Step I: 

Synthesis of macroporous oxide microparticles (red) by ultrasonic spray pyrolysis. Step II: Synthesis of 

IrOx colloid nanoparticles (green) used for catalyst loading. Step III: Solvothermal loading of oxidic 

support by reduction of IrOx to metallic Ir (blue) on the microparticle surface (assigned as “Ir tBuOH”). 

Step IV: Thermal oxidation of Ir-loaded ATO microparticles leads to the formation of IrO2 nanoparticles 

(black, assigned as Ir tBuOHΔ) resulting in the final ATO-supported IrO2-based OER catalyst. 

 

Macroporous ATO microparticles depicted in Figure 1 were synthesized using an ultrasonic 

spray pyrolysis (USP) approach (Scheme 1, Step I, also see Scheme S1 in the Supporting 

Information and the Experimental Section for further details).[23] PMMA with bead sizes of 

≈120 and ≈280 nm were used as templates to form ordered macroporous[24] 

ATO particles either from sol gel derived precursor (in the following referred to as SG120Δ and 

SG280Δ for 120 and 280 nm PMMA templated particles, respectively) or from presynthesized 

ATO nanoparticles[25] (referred to as NP120Δ). Resulting powders before (SG120, SG280, and 

NP120) and after thermal curing (SG120Δ, SG280Δ, and NP120Δ with “Δ” representing an 

additional heating step in air after the spray pyrolysis reaction) for the removal of residual 

carbon as well as undoped reference (SG280Δ w/o Sb) were analyzed by X-ray diffraction and 

Raman spectroscopy (see Figure S1a,c in the Supporting Information) confirming the exclusive 

formation of the SnO2 cassiterite phase for undoped and ≈4 at% (sol–gel based) and ≈5 at% 

(nanoparticles based) Sb-doped samples. X-ray photoelectron spectroscopy (XPS) (see 

Figure S3 in the Supporting Information) and energy dispersive X-ray (EDX) analysis (value 
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noted in Figure 1a) point to a Sb doping concentration of 4.3 at% for the SG280Δ samples, 

which is in a good agreement with the Sb content of 4.8 at% in the precursor solution. 

n-Type doping by antimony is known to increase the conductivity of stoichiometric SnO2 

significantly, with the highest values reported for an Sb-doping level of about 5 at%.[25] Dc 

measurements for densely compressed pellets return a high specific conductivity of 3.6 S cm-1 

for the Sb-doped (SG280Δ) SnO2 microparticle samples, which is an increase by a factor of ≈104 

compared to a respective undoped sample SG280Δ (3.8 × 10-4 S cm-1).  

 

Figure 22 (a–c) Electron microscopy images of macroporous antimony-doped tin oxide microparticles 

templated with 280 nm PMMA beads (SG280Δ). d) Lattice spacings indexed for individual ATO crystallites 

determined by intensity profiles of crystallites and correlated to d-spacings and orientation according to 

ICDD card number 00-041-1445 (SnO2, tetragonal symmetry, a = b = 4.7382(4) Å, c = 3.1871(1) Å, α = β = 

γ = 90°). 
 

Scanning electron microscopy (SEM) and transmission electron microscopy (TEM) images 

reveal the formation of ATO microparticles with a mean diameter of 850 nm and inverse opal 
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morphology with an outer pore opening diameter of 150 – 190 nm (mean Ø172 nm, N = 191) 

(Figure 1a,b) and a mean inner pore diameter determined from high resolution (HR)-TEM 

images of ≈232 nm indicating a shrinkage of the initial pores obtained by the 280 nm PMMA 

beads by ≈17% during the spray pyrolysis reaction. 

The pore size of the inverse opal ATO microparticles can be easily tuned by the size of the 

PMMA beads, as shown in Figures S4 and S5 (Supporting Information) for sol–gel and 

nanoparticle based ATO microparticles templated with 120 nm PMMA beads. 120 nm PMMA 

porogen templating thereby results in the formation of pore opening diameters of 55 – 75 nm 

(mean Ø65 nm, N = 137) on the outer microparticle surface and mean inner pore diameter of 

≈83 nm as shown by electron microscopy translating to a pore shrinkage of ≈30% during the 

pyrolysis reaction. 

According to X-ray diffraction (XRD) and high resolution TEM images, the scaffold is 

composed of ≈5 nm nanocrystals (Figure 1d and Figure S1, Supporting Information). Nitrogen 

sorption measurements (Figure S6, Supporting Information) correspond to mainly 

macroporous adsorbent with minor contribution of microporosity originating from textural 

porosity of interconnected small crystalline domains. A Brunauer–Emmett–Teller surface area 

of 54 and 52 m2 g-1 was determined for 120 and 280 nm PMMA templated ATO microparticles, 

respectively. Direct evidence of macropores of about 70 nm for sample SG120Δ is given by the 

pore size distribution shown in inset of Figure S6a (Supporting Information), which is in a good 

agreement with the pore size quantification by SEM and TEM (see Figure S4 in the Supporting 

Information). The pore size distribution of SG280Δ does not show any porosity beyond a minor 

amount of micropores which can be explained by a detection limitation of the nitrogen sorption 

technique with regard to larger macropores (⪆80 nm) as present in 280 nm PMMA templated 

microparticles. 
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However, the visibly open porosity observed by SEM and TEM (Figure 1) in combination with 

the BET surface area strongly suggest interconnected macropores also for the 280 nm PMMA 

templated ATO microparticles. 

For the synthesis of a highly OER active iridium phase we have introduced a facile synthesis 

method for ultrasmall colloidal IrOx particles (Scheme 1, Step II), which was used as an Ir 

precursor phase for the solvothermal loading of the oxidic scaffold. The procedure employs the 

rapid oxidation of an Ir(III)Cl3 precursor in aqueous solution with KO2, which was inspired by 

a synthesis introduced by Sutto for the fabrication of ultrasmall metal oxide nanoparticles.[26] 

The as-prepared IrOx colloid (Figure 2e,f and Figure S7a, Supporting Information) consists of 

approximately spherical particles with a mean diameter of ≈2.4 nm as shown by scanning 

transmission electron microscope (STEM). The electron diffraction pattern (Figure 2f) of the 

particles only shows a diffuse ring that does not correspond to a distinct crystallographic plane 

but represents a mean Ir–O atomic distance in this poorly crystalline hydrated material.[27] The 

hydrous IrOx particles are also easily reduced and crystallize in the electron beam evidenced 

by a visible growth and aggregation of nanoparticles with extended illumination periods (see 

Figure S8 in the Supporting Information).  

Hydrous IrOx colloids display a remarkable electrocatalytic performance but a rather limited 

long-term stability which requires an additional thermal treatment for the transformation to a 

stable active IrO2 phase.[28,29] To obtain a more stable unsupported nanosized IrO2 reference 

catalyst the precursor colloid was therefore oxidized in air at a moderate temperature of 375 °C 

to avoid significant particle growth and sintering. Powder X-ray diffraction patterns of the IrOx 

colloid sample (Figure 2a) show a broad peak centered around 33° 2θ that is shifted to 35° 2θ 

upon heating. 

According to the XRD line broadening and peak positions, the as-prepared as well as the heated 

IrOx colloid is composed of a nanosized iridium oxide phase presumably differing in the degree 
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of crystallinity and present crystal water causing a slight peak shift.[27] After calcination, 

aggregated nanoparticles (Figure 2g and Figure S7b, Supporting Information) with a mean 

particle size of ≈3.0 nm are observed with an electron diffraction pattern (Figure 2h) displaying 

diffraction rings mainly associated with the tetragonal IrO2 phase. The increase in crystallinity 

accompanied by only negligible particle growth can directly be observed by STEM and is 

furthermore indicated by XRD (Figure 2a). The tetragonal iridium oxide phase of the IrOx 

colloid before and after calcination is further confirmed by Raman spectroscopy (Figure 2b) 

displaying the characteristic Eg band around 560 cm-1 and a broad peak around 740 cm-1, which 

is presumably formed by an overlapping B2g and A1g band at 728 and 752 cm-1, respectively.[30-

31] 

For the preparation of the IrO2/ATO composite catalyst a solvothermal reaction of the precursor 

IrOx colloid in presence of the porous ATO microparticles scaffold is introduced as integral 

part of this work to homogeneously coat the accessible surface of a porous support with iridium 

nanoparticles (Scheme 1, Step III). 

To obtain an unsupported reference catalyst the solvothermal reaction is simply performed 

without the presence of the oxidic support. The solvothermal treatment of the IrOx colloid in 

tert-butanol/MeOH/H2O (with or without the presence of oxidic support material in the 

reaction) leads to a reduction and formation of metallic iridium nanoparticles, whereby 

unsupported Ir nanoparticles are referred to as “Ir tBuOH” in the following. 

The reduction process is indicated by the broad diffraction peak centered at around 41° 2θ 

corresponding to the cubic Ir phase and the absence of any peaks related to the tetragonal IrO2 

phase or hydrous IrOx (Figure 2a and Figure S9a, Supporting Information). HR-TEM and 

STEM images reveal the formation of crystalline uniform nanoparticles (Ir tBuOH; Figure 2i,j 

and Figure S7c, Supporting Information) with an average diameter of ≈2.8 nm. The electron 
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diffraction pattern (Figure 2j) indicates the presence of metallic iridium (cubic phase), which 

is in agreement with the X-ray diffraction (Figure 2a).  
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Figure 23 Structural and spectroscopic characterization of iridium and iridium oxide nanoparticles. a) X-

ray diffraction pattern of IrOx colloid before (IrOx colloid) and after thermal oxidation (IrOx colloidΔ, red 

curve) and metallic iridium nanoparticles (Ir tBuOH) and IrO2 nanoparticles (Ir tBuOHΔ). Ir pattern: 

ICDD card number 00-006-0598 (red) (cubic symmetry, a = b = c = 3.8394 Å, α = β = γ = 90°). IrO2 pattern: 

ICDD card number 00-015-0870 (gray) (tetragonal symmetry, a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 

90°). b) Raman spectra of Ir/IrO2 nanoparticles with reference band at 561 cm-1 (Eg) and close bands at 

728 cm-1 (B2g) and at 752 cm-1 (A1g) correspond to the tetragonal iridium oxide phase.[30,31] XPS spectra of 

c) IrOx colloid before and after thermal oxidation and d) iridium nanoparticles (Ir tBuOH) and IrO2 

nanoparticles (Ir tBuOHΔ). An Ir 4f7/2 core electron binding energy of 60.8 eV was assigned to metallic Ir(0) 

and an Ir 4f7/2 binding energy of 61.9 eV was assigned to Ir(IV)O2.[32] e,g,i,k) Scanning transmission electron 

microscopy data and f,h,j,l) electron diffraction (ED) patterns of respective Ir/IrO2 samples. Phase 

identification and assignment of lattice planes in ED pattern according to literature values. 
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The XRD pattern of particles after calcination at 375 °C in air (Ir tBuOHΔ) shows a broad peak 

around 33° 2θ, indicating the presence of a nanosized iridium oxide phase (Figure 2a and 

Figure S9b, Supporting Information). During thermal treatment the metallic nanoparticles 

undergo a transformation to the tetragonal IrO2 phase (Ir tBuOHΔ; Figure 2k,l) as confirmed 

by electron microscopy with broad diffraction rings visible in Figure 2l, which matches well 

with the X-ray diffraction data. 

This process is accompanied only by a minor particle growth to a mean diameter of ≈3.2 nm 

(Figure 2k). The presence of an iridium oxide phase is further confirmed by Raman 

spectroscopy (Figure 2b) for the calcined metallic Ir nanoparticles (Ir tBuOHΔ) sample. 

However, the Raman spectrum of metallic Ir nanoparticles after solvothermal reduction 

(Ir tBuOH) also displays the characteristic bands of the oxide phase at 560 and around 

740 cm-1, which can be explained by an oxide- or hydroxide-terminated nanoparticle surface, 

which is detected by Raman spectroscopy but not by XRD. 

To further investigate and distinguish the electronic properties of the synthesized iridium and 

iridium oxide phases and to derive the oxidation states of the iridium present, XPS (Figure 2c,d) 

was conducted. Fitting of the Ir 4f7/2 peak in the XPS spectrum of hydrous iridium oxide colloid 

(IrOx colloid) returned a binding energy of 61.9 eV versus 62.1 eV for the calcined sample 

(IrOx colloidΔ). Although an oxidation state of +IV can be assigned to iridium in both 

nanoparticle samples in accordance to literature values,[32] subtle differences in the XPS spectra 

of both oxide species can be observed. 

By comparison, the ratio between the Ir 4f5/2 and Ir 4f7/2 peak is higher in the calcined sample, 

and we observe a visibly increased peak area and a shifted position of the Ir 4f7/2 and Ir 4f 5/2 

satellite peaks. The subtle changes in the XPS spectra in combination with the observed small 

shift in the XRD pattern (Figure 2a) are attributed to an increase in crystallinity with an 

accompanying loss of crystal-bound water which slightly alters the chemical surrounding of 
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the Ir atoms in the hydrous oxide nanoparticles. Solvothermal reduction of the IrOx colloid 

nanoparticles in tert-butanol/MeOH/H2O causes a shift of the Ir 4f7/2 binding energy to 60.6 eV 

(Ir tBuOH in Figure 2d) which is assigned to Ir(0)[32] and is in agreement with the 

corresponding X-ray diffraction (Figure 2a). Upon thermal oxidation the Ir 4f7/2 peak shifts 

again to higher binding energies (61.3 eV) and is therefore assigned to the oxide phase (Ir 

(+IV)).[32] However, the Ir 4f spectrum of the final IrO2 nanoparticles differs from the spectra 

of the IrOx colloid samples shown in Figure 2c. A significantly increased signal intensity, a 

further shift of the Ir 4f7/2 and Ir 4f5/2 satellite peaks and a slightly increased Ir 4f5/2 to Ir 4f7/2 

ratio are observed. This indicates the formation of a nanoparticle oxide phase, as shown by the 

diffraction data, with a slightly altered chemical surrounding of the Ir atoms in contrast to the 

initial hydrous oxide phase. 

The results can be interpreted as a slightly altered local structure of the oxide phase differing 

in the degree of crystallinity and the number of defects caused by altered change in the Ir/O 

ratio over the course of the multistep synthesis. These structural differences not distinguishable 

in the powder X-ray diffraction data can have a significant impact on the OER activity and 

stability of the Ir-active phase (see section on electrochemical characterization). 

The crucial step in the synthesis of highly active oxide supported catalysts is the homogeneous 

coating of a complex support morphology with a thin compact layer of iridium nanoparticles. 

Simple infiltration of the oxidic support with IrOx colloid results in a very poor support 

coverage, with the majority of colloidal nanoparticles remaining in the dispersion. We found, 

however, that the solvothermal treatment of this mixture in tert-butanol/methanol/H2O 

(step III) leads to a reduction of IrOx colloid to metallic Ir nanoparticles of similar size, 

conformally precipitating on the surface of porous ATO particles. The resulting composite 

catalyst is termed as SG280Δ-Ir-YX, with Y = 1/2, 1, 2, 3, 4 as a multiplier of the iridium amount 

declared as “X” which corresponds to an amount of precursor for a theoretical loading of 
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15 wt% Ir in the supported catalyst. The subscript represents the diameter of the templating 

porogen PMMA with 280 nm. Analogous results presented in the Supporting Information on 

ATO microparticles templated by 120 nm PMMA beads demonstrate a successful 

homogeneous coating of complex porous substrates also with decreased pore size 

(Figures S10a,c, S11, S12a,b,e,f, and S13 and Table S1, Supporting Information). 

The diffractograms of Ir-loaded ATO microparticles templated by 280 nm PMMA beads 

(Figure S10b, Supporting Information) exhibit peaks associated with the cassiterite (ATO) 

phase and an additional peak corresponding to the Ir 111 reflection that increases in intensity 

with the amount of IrOx colloid added to the solvothermal synthesis, although its maximum 

intensity is lower than for the SG120Δ based samples (Figure S10a, Supporting Information). 

As was shown above for the unsupported Ir nanoparticles, thermal oxidation of Ir-loaded ATO 

microparticles at 375 °C in air (Scheme 1, Step IV) leads to a transformation of metallic Ir 

particles to a nanosized tetragonal IrO2 phase. Raman spectra of IrO2-loaded as well as Ir-

loaded ATO microparticles (Figure S11, Supporting Information) show two broad peaks 

around 550 and 740 cm-1 corresponding to the Eg band and the overlapping B2g/A1g band of 

IrO2.
[30,31] The absence of any signal from the underlying ATO indicates a complete coverage 

of the surface with Ir/IrO2 particles. As indicated by scanning electron microscopy and EDX, 

Ir- (Figure S12a–d, Supporting Information) and IrO2 (Figure S12e–h, Supporting 

Information) nanoparticle-coated ATO microparticles after solvothermal loading do not show 

a visible difference in shape or morphology as compared to the parent microparticle support 

(Figure 1 and Figure S4, Supporting Information). Also, the presence of chloride ions in the 

solvothermal reaction introduced by the IrCl3 precursor has no significant impact on the 

microparticle phase (Figure S1b, Supporting Information), composition (Figure S2e, 

Supporting Information) or conductivity (Figure S2e,f, Supporting Information). EDX 

(Figure S12a,c,e,g, Supporting Information) confirms the presence of iridium, which is 
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homogeneously distributed on the microparticle scale. The loading of ATO microparticles with 

iridium nanoparticles and the oxidation state of the active Ir phase were also investigated by 

XPS (Figure S14, Supporting Information), which confirms the formation of a metallic Ir phase 

(Figure S14a, Supporting Information) upon solvothermal treatment in the presence of ATO 

microparticles as shown for unsupported nanoparticles (Figure 2d) which underwent the same 

synthesis procedure. 

Calcination also leads to the formation of the respective oxide phase (Figure S14a, Supporting 

Information and Figure 2d). Table S1 (Supporting Information) summarizes the theoretical and 

experimentally determined Ir fractions in the ATO microparticle-supported Ir and IrO2 

nanoparticle materials. The measured values deviate only slightly from the theoretical ones 

with the exception of the highly Ir-loaded sample ATO-SG280/ IrO2-4X. The reason for the 

smaller loading capacity of the large-pore ATO microparticles at high iridium amounts (“4X” 

sample with theoretical loading of 43 wt% Ir) compared to the ATO-SG120/IrO2 series is 

expected to be caused by the slightly smaller surface area available for particle adhesion. In 

summary, a near quantitative adsorption of the supplied iridium on the ATO scaffold could be 

realized for a broad range (7 to ≈40 wt% Ir) of ATO/Ir ratios by our solvothermal loading 

method.  
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Figure 24 Transmission electron micrographs and EDX mapping of IrO2 nanoparticles supported on 

macroporous ATO microparticles templated with 280 nm PMMA beads. a–c) Electron micrographs, d) 

electron diffraction pattern, and e) STEM/EDX elemental mapping of an outer pore. ATO microparticles 

with IrO2 loadings of 25 wt% Ir (ATO-SG280Δ-IrO2-2X). Phase identification and assignment of lattice 

spacings in d) electron diffraction pattern and c) high resolution TEM image according to literature values. 

SnO2 (cassiterite) pattern: ICDD card number 00-041-1445 IrO2 pattern: ICDD card number 00-015-0870 

 

For a more detailed analysis of the spatial IrO2 distribution on the macroporous ATO 

microparticles, high resolution transmission electron microscopy with energy-dispersive X-ray 

spectroscopy analysis and elemental distribution mapping was performed as shown in Figure 3. 

The overview images (Figure 3a,b) of the microparticles show that the morphology and pore 

structure of the unloaded particles has been maintained. The lattice spacings derived from 

electron diffraction patterns of individual ATO/IrO2 particles (Figure 3d) indicate the exclusive 

presence of the cassiterite (ATO) and tetragonal IrO2 phase. 

The deposition of a thin layer of IrO2 nanoparticles on the inner ATO surface is shown by the 

lattice fringes visible in the high resolution TEM images, which can be assigned to the 
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cassiterite and IrO2 phase for individual nanocrystals (Figure 3c). Furthermore, the inner pore 

diameter of IrO2- loaded 280 nm PMMA-templated particles could be quantified to ≈216 nm 

(Ø inner pore diameter, N = 14) according to HR-TEM images as shown in Figure 3 versus 

≈71 nm (Ø inner pore diameter, N = 6) for 120 nm PMMA templated microparticles 

(Figure S13b, Supporting Information). As the inner pore diameter of unloaded ATO 

microparticles is ≈232 nm (Ø inner pore diameter, N = 27) and ≈83 nm (Ø inner pore diameter, 

N = 13, Supporting Information) for SG280Δ and SG120Δ, respectively, a mean thickness of the 

IrO2 nanoparticle catalyst coating of ≈16 nm (ATO-SG120Δ-IrO2-2X) and ≈12 nm (ATO-

SG120Δ-IrO2-2X) can be calculated. 

The reduction of the mean pore diameter is caused by a layer of nanocrystals of about 3 nm 

diameter (see Figure 2) that can be identified in the HR-TEM images of both samples 

(Figure 3c and Figure S13c, Supporting Information), which is in good agreement with the 

crystallite domain size derived from X-ray diffraction data (Figure 2a) The active material layer 

on the ATO microparticle surface is therefore built up from an average of two to three IrO2 

nanoparticles for ≈25 wt% Ir loaded microparticles. EDX elemental mappings of outer ATO 

pores was performed (Figure 3e and Figure S13e, Supporting Information) for Ir coated ATO 

with both pore sizes. For both samples a colocalization of the Sn-L, Sb-L, and Ir-L signal was 

observed. As the Ir-L signal extends beyond the areas of high tin and antimony concentration, 

we infer a homogeneous coating of the ATO surface with IrO2. 
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Figure 25 STEM-based tomography with 3D intensity volume reconstruction of IrO2 nanoparticles 

supported on macroporous ATO microparticles templated by 280 nm PMMA (≈25 wt% Ir). a) Total (ATO 

and IrO2) 3D intensity volume derived from particle reprojection. b) Extracted ATO 3D intensity volume 

from a complete particle. c) Extracted IrO2 3D intensity volume from a complete particle. d) Extracted 

cross section of an IrO2-coated ATO microparticle from the 3D intensity volume. 

 

The distribution and interconnection of ATO, IrO2 and void volume within this composite 

catalyst is of critical importance for the OER activity and its possible application in membrane 

based electrolyzers and was therefore studied by the 3D reconstruction of a representative, fully 

processed particle by means of STEM tomography (see the Experimental Section and 

Figure S15–S18, Supporting Information). The reconstruction for a 280 nm PMMA templated 

ATO-based particle is shown in Figure 4. 

Due to the higher electron scattering efficiency of high-atomic-number atoms (Z-contrast), a 

strong contrast between Sn and Ir is observed in high-angle annular dark-field (HAADF) 
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imaging. The employed tomography algorithms were used to render a discrete 3D 

reconstruction, in which the volume occupied by ATO and IrO2 is represented by orange and 

violet colors, respectively. Figure 4a shows the combined 3D intensity volume of ATO and 

IrO2 reconstructed from a series of HAADF-STEM images recorded at different tilt angles. 

Figure 4b,c shows the extracted 3D intensity volume of the ATO scaffold and the loaded IrO2 

nanoparticle layer, respectively. The 3D intensity volume of IrO2 (Figure 4c) closely follows 

the geometry of the ATO scaffold (Figure 4b). A calculated particle cross-section, shown in 

Figure 4d, confirms the homogeneous coverage of the total internal pore surface with IrO2. The 

porosity and the volume dispersion of iridium could also be extracted from the 3D particle 

reconstruction. For the specific SG280Δ-IrO2-2X particle with ≈25 wt% iridium, a void volume 

of 84.4% including ATO as void and 59.7% excluding ATO as void was determined 

(Figure S18, Supporting Information). 

To calculate the volume dispersion of iridium in a catalyst film composed of ATO 

microparticle-supported IrO2 nanoparticles expected in a membrane-electrode assembly of a 

PEM electrolyzer, the porosity of individual microparticles as well as the packing density of 

the microparticles have to be taken into account. The void volume present in a catalyst film of 

spherical microparticles can be approximated by a random closed packing model[33] to reach 

34 vol% for the experimentally determined particle size distribution (for further details and 

calculation, see Figure S19 in the Supporting Information). This results in an iridium volume 

fraction of 10.3 vol% in a catalyst film composed of SG280Δ-IrO2-2X particles with ≈25 wt% 

iridium loading. The resulting Ir density of ≈0.08 gIr cm-3 of bulk catalyst powder is much lower 

than the ≈1.5 gIr cm-3 determined for a commercial IrO2/TiO2 reference catalyst. Thus, when 

employed in a PEM electrolyzer cell, a supported catalyst synthesized by the introduced 

procedure enables the preparation of a continuous, porous anode catalyst layer with a 

significantly lowered Ir loading than possible with commercial catalysts. 
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Electrochemical characterization was performed to assess the performance of macroporous 

ATO microparticle-supported iridium oxide nanoparticles as an oxygen evolution reaction 

catalyst in acidic media. For the experiments shown in Figure 5a,b (120 and 280 nm PMMA-

templated ATO microparticles, respectively), thin films of the catalyst particles dropcasted 

onto Au-coated quartz crystal microbalance (QCM) sensors were used as working electrodes. 

The amount of iridium on the QCM chips was obtained from the absolute mass deposited onto 

the sensors and the iridium fraction determined by EDX measurements of the catalyst film (for 

Ir fractions of ATO supported catalysts see Table S1 in the Supporting Information). 

The morphology of thin films of unsupported IrO2 nanoparticle reference catalysts 

“IrOx colloidΔ” and “Ir tBuOHΔ” were investigated by SEM together with their unheated 

precursor phases “IrOx colloid” and “Ir tBuOH” as shown in Figure S20 (Supporting 

Information). 
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Figure 26 Electrochemical characterization of IrO2 nanoparticles supported on macroporous ATO 

microparticles. Iridium mass-based catalytic activity of IrO2 nanoparticle-loaded microparticles templated 

by a) 120 nm (ATO-SG120Δ-IrO2) and b) 280 nm (ATO-SG280Δ-IrO2) PMMA for ηOER = 300 mV. c–f) 

Rotating disc electrode (RDE) measurements of IrO2 nanoparticles (Ir-tBuOHΔ, blue), 25 wt% Ir loaded 

ATO (ATO-SG280Δ-IrO2-2X, gray) and commercial TiO2-supported IrO2 with 75 wt% Ir loading 

(IrO2/TiO2-Elyst Ir75, red). c) 75th scan cycle of RDE measurement with scan rate of 5 mV s-1. d) Extracted 

overpotentials (ηOER) for each cycle required for 1 mA cm-2. Cyclic voltammograms e) before and f) after 

75 RDE cycles at a scan rate of 50 mV s-1. Chronopotentiometry measurements at g) j = 10 mA cm-2 over 

120 min and h) 20 h on FTO substrates with catalyst loading of 15 µgIr. 
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Ir-mass based OER currents for an overpotential of 300 mV for 120 and 280 nm PMMA-

templated ATO based catalysts in Figure 5a,b, respectively, show a similar maximum in 

activity for the 2X samples (55 A g-1 for ATO-SG120Δ-IrO2-2X and 63.5 A g-1 for ATO-

SG280Δ-IrO2-2X after 10 CV cycles, respectively) that correspond to a Ir loading of ≈25 wt%. 

The slightly higher performance of the 280 nm PMMA templated supported catalyst is thereby 

attributed to a better dispersion of the IrO2 nanoparticles on the internal surface of the porous 

microparticle. Higher Ir loadings of up to 40 wt% do not further increase the noble metal mass-

based OER activity but rather resulted in a decrease. 

On the other hand, low Ir loadings of up to 15 wt% Ir for ATO-SG120Δ-IrO2-1X and ATO-

SG280Δ-1X exhibit activities of only 8.4 and 24.3 A g-1, respectively. Compared to the 

unsupported IrO2 nanoparticle (Ir tBuOHΔ) reference catalyst from the same synthesis, a 4- 

and 4.6-fold increase versus the most active ATO-SG120Δ-IrO2-2X and ATO-SG280Δ-2X 

sample could be observed. 

A comparable difference is observed for unsupported calcined IrO2 from the colloid synthesis 

(IrO2 colloidΔ). The best-performing ATO-supported samples with ≈25 wt% Ir have a 7.3-fold 

(ATO-SG120Δ-IrO2-2X) and 8.4-fold (ATO-SG280Δ-2X) higher Ir mass-based activity at 

ηOER = 300 mV than an industrial TiO2-supported IrO2 catalyst composed of IrO2 nanocrystals 

with domain sizes of ≈4 nm (according to XRD analysis) on a nanocrystalline TiO2 scaffold 

(Figure S21, Supporting Information) with a stated Ir loading of 75 wt% (Elyst Ir75, Umicore, 

Germany).[34] 

The significantly higher mass-based activity of the IrO2/ATO versus the IrO2/TiO2 supported 

reference catalyst may at first be explained by an optimized dispersion of IrO2 nanoparticles 

on the surface of the macroporous ATO resulting in a high catalytically accessible surface area. 

A further beneficial effect of the open macroporous morphology is an optimized mass transport 

through the catalyst layer enabling high current densities (Figure S22e,f, Supporting 
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Information) without a limitation through pore clogging by evolving oxygen, which is a 

possible scenario for a micro- or mesoporous structure composed of aggregated nanoparticles. 

IrO2 nanoparticles oxidized at a temperature of 375 °C show a similar size of crystalline 

domains of tetragonal IrO2 phase (≈2–3 nm) as the reference catalyst (≈4 nm), but a lower 

crystallinity (Figure 2a and Figure S21, Supporting Information). According to Geiger et al., 

Ir(Ox) heated at ≈375 °C is not fully crystalline but at the upper temperature range of an 

intermediate phase between the amorphous IrOx and thermal IrO2 with an increased intrinsic 

activity compared to the thermal oxide phase at the expense of a lower conductivity.[35] 

For comparison with the literature, the best performing ATO supported Ir-based catalyst 

reported to our knowledge are high surface area (≈260 m2 g-1) mesoporous-ATO supported 

core–shell IrNix@IrOx nanoparticles prepared by Nong et al., which were obtained by 

electrochemical leaching of respective supported IrNix nanoparticles. The composite catalyst 

with a loading of ≈19 wt% Ir exhibits an OER activity of ≈90 A gIr
-1 at an overpotential of 

280 mV.[14] The reported 30% higher initial activity of this catalyst as compared to our best 

performing sample is however obtained for a more compact structure, with a high volumetric 

Ir performance density disadvantageous for the application in PEM electrolyzers. 

Besides ATO supported catalysts, recently a nanostructured porous NTO with remarkably high 

conductivity of ≈440 S cm-1 was introduced by Hufnagel et al. to support a ≈1 nm thin IrO2 

coating based on atomic layer deposition. The thin film catalyst with a low Ir-loading of 

≈8 wt% thereby showed an onset potential of ≈250 mV and an OER activity of ≈654 A gIr
-1 at 

an overpotential of 460 mV, as compared to an onset potential of ≈215 mV and an activity of 

over 3200 A gIr
-1 for our catalyst at a slightly lower overpotential of 420 mV.[36] The best 

performing IrO2 catalyst supported by mesoporous NTO with a surface area of ≈83 m2 g-1 was 

reported by Hu et al., with an onset potential as low as 200 mV for a 33 wt% Ir loaded catalyst. 

The maximum OER activity of ≈548 A gIr
-1 at an overpotential of 362 mV was thereby 
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measured for a 26 wt% Ir containing catalyst with an increased overpotential of 270 mV.[18] In 

comparison, our catalyst shows a significantly higher mass based activity of ≈1100 A gIr
-1 at a 

slightly higher overpotential of 380 mV. 

The decreased activity of our introduced ATO-supported samples with low loading (8 and 

15 wt% Ir) is attributed to an incomplete layer of IrO2 nanoparticles on the porous ATO 

microparticle, whereas a complete layer is formed at 25 wt% Ir. As the conductivity of the 

ATO scaffold (≈3.6 S cm-1, Figure S2, Supporting Information) is lower than that of a layer of 

IrO2 nanoparticles of similar particle size (≈26 S cm-1),[37] the absence of a continuous 

conducting pathway through the IrO2 layer limits the performance. 

For the case of a the poor conductive TiO2 support, Bernsmeier et al. have correlated catalyst 

conductivity for different Ir contents with the OER activity. They have demonstrated that the 

high performance values can be reached only for Ir loadings exceeding ≈25 wt% Ir, while 

below this threshold value practically no activity was observed. Furthermore, a minimum in 

the electrical conductivity of ≈1.0 × 10-3 S cm-1 in the catalyst films is suggested to eliminate 

negative effects of slow electron transport on the catalytic performance.[38] The conductivity of 

the ATO scaffold used in our work exceeds this conductivity limit (as opposed to TiO2), which 

explains the considerably high OER performance of our composite catalysts even at low Ir 

contents of 8 wt% and 15 wt%. 

To further investigate the slightly reduced performance of low Ir loaded (<25 wt% Ir) catalyst, 

the trend in the conductivity of loosely compressed powders of IrO2/ATO catalyst with varying 

Ir content as well as the IrO2/TiO2 reference catalyst were measured (Figure S22 and Table S2, 

Supporting Information). The conductivity of the ATO/IrO2 composite catalyst is rather low 

for low Ir loadings of 8 and 15 wt% Ir (1.00 × 10-6 and 1.79 × 10-5 S cm-1, respectively). The 

electrocatalytic activity of the samples is however very high, with the values equaling or even 

exceeding those of the commercial IrO2/TiO2 reference catalyst with much higher Ir loading 
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(75 wt%) and much higher conductivity. The conductivity of the ATO/IrO2 composite powders 

rises to 1.16 × 10-2 S cm-1 for the 25 wt% Ir sample (SG120Δ-IrO2-2X). Higher iridium contents 

of 33 and 40 wt% further increase the conductivity up to a value of 0.88 S cm-1. 

In comparison, a value of 4.42 S cm-1 was determined for the commercial IrO2/TiO2 reference 

catalyst with 75 wt% Ir under same measurement conditions. Due to the low compressive force 

applied by the in house constructed dc-conductivity measurement setup (Figure S23, 

Supporting Information) and thus limited contact between particles across the powder-pellet 

thickness, the absolute values are expected to be significantly underestimated. However, the 

measurements performed in similar conditions enable to estimate a trend among the equally 

prepared samples series (Table S2, Supporting Information). 

As can be seen from the measured values, for the samples with Ir loading beyond 25 wt% 

(percolation threshold) the conductivity mainly depends on the Ir content, showing nearly 

linear dependence on the Ir loading. However, for the samples with very low Ir loadings below 

25 wt% the conductivity of the support becomes a decisive factor, providing for a high 

electrocatalytic activity even without a direct contact between the IrO2 nanoparticles. In total, 

there is no a linear correlation between the electrical conductivity and the electrocatalytic 

activity, as the commercial IrO2/TiO2 reference catalyst featuring the highest conductivity 

shows the lowest electrocatalytic activity among the investigated series. 

The effect of limited conductivity in the low-iridium-loading samples (1/2X and 1X with 8 and 

15 wt% Ir, respectively) becomes pronounced at higher current densities as shown in 

Figure S22 (Supporting Information). However, at low overpotentials of ηOER < 380 mV, even 

samples with low Ir loading possess an Ir mass-based activity comparable to the industrial 

TiO2-supported reference despite a significantly reduced Ir content. To investigate OER 

kinetics, rotating disc electrode (RDE) measurements of selected catalyst samples were 

performed under controlled reaction conditions (1600 rpm, 60 °C, O2- purged electrolyte). The 
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TiO2-supported IrO2 reference (Elyst Ir75) exhibits an overpotential of 258 mV, Ir tBuOHΔ 

requires a slightly lower overpotential of 250 mV and the ATO microparticle-supported IrO2 

nanoparticles require only an overpotential of 215 mV to reach an OER current of 1 mA cm-2 

in the 75th scan cycle (Figure 5c,d and for more details, see Figure S24 in the Supporting 

Information). The RDE performance data thus confirm the synthesis of highly OER-active IrO2 

nanoparticles by the multistep synthesis introduced in this work and furthermore emphasize 

the importance of a nanostructured conductive support that can enhance the catalytic activity 

due to a high volume dispersion of the active iridium oxide nanoparticle phase. 

To investigate possible electrochemical side reactions, cyclic voltammograms of ATO-

supported IrO2 were recorded over a broad potential range between the hydrogen evolution 

reaction (HER) and OER onset potentials (0.05 – 1.52 V vs. RHE) before and after each RDE 

activity measurement (Figure 5e,f, respectively). For all samples a very broad redox peak 

centered around 0.8 V versus RHE attributed to the Ir(III)/Ir(IV) redox reaction[39,40] can be 

observed with increasing intensities in the order TiO2/IrO2 reference < Ir tBuOHΔ < ATO-

SG280Δ-IrO2-2X. After the RDE activity measurements, the intensity of the aforementioned 

feature has notably increased for all samples (for more details, see Figures S24 and S25 in the 

Supporting Information). We assign this increase to a redox surface activation of the crystalline 

(thermal) iridium oxide in the first few cycles[41] with the formation of a highly catalytically 

active surface hydroxide layer.[42] This results in an increase in OER activity as seen by a 

decline of the required overpotentials during the early CV cycles in Figure 5d or by a shift of 

the CV curves shown in Figure S24 (Supporting Information). 

Finally, the short (Figure 5g: 120 min) and intermediate term (Figure 5h: 20 h) corrosion 

behavior of the IrO2 nanoparticle-based supported catalyst was investigated by 

chronopotentiometry measurements at a current density of 10 mA cm-2. Unsupported IrO2 

nanoparticles (Ir tBuOHΔ) display a required potential of 1.72 V versus RHE remaining 
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constant over the measurement period. For ATO-supported particles (ATO-SG280Δ-IrO2-2X) 

the potential is lower by ≈70 mV at 1.65 V versus RHE. The TiO2-supported reference catalyst 

(Elyst Ir75) shows a slight increase in the potential over the measurement period up to 1.72 V 

versus RHE after 120 min, matching that of unsupported IrO2 nanoparticles. 

However, intermediate term measurements show the same trend for unsupported as well as 

ATO-supported IrO2 nanoparticles, with only a slight increase in potential to 1.74 and 1.66 V 

versus RHE after 20 h, respectively. In contrast to the catalyst particles with the conducting 

ATO support, the potential of TiO2-supported IrO2 reference catalyst constantly rises with time 

and reaches the highest measured end potential with 1.77 V versus RHE after 20 h in the 

chronopotentiometric measurement, which indicates a lower activity and stability as compared 

to the IrO2 nanoparticle catalysts introduced in this work. 

Small differences in the absolute potential obtained by the 120 min versus 20 h measurement 

period indicated by an offset of the V–t curves are thereby attributed to slightly varying amounts 

of catalyst coated onto the FTO substrate. Deviations of the slope of the curves as visible for 

the TiO2/IrO2 reference however may originate from a slightly altered catalyst dissolution 

during the two different experiments, as manifested by a detachment of active material from 

the electrode. Electron microscopy of catalyst samples after OER measurements (Figure S26, 

Supporting Information) further confirms a rather stable iridium content in the electrodes for a 

chronopotentiometric current density of 10 mA cm-2 (20 h) and 100 mA cm-2 (1.5 h), 

amounting to 24 and 23 wt% Ir, respectively, for the ATO-SG280Δ-IrO2-2X sample with an 

initial Ir-loading of 25 wt%. 

Contrarily, analysis of the antimony content indicates a leaching process during the OER at the 

applied potentials shown by a reduction from initially ≈4.3 at% Sb (Figure 1a) to below 3 at% 

Sb after the OER experiments (Figure S26, Supporting Information). 
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The stability of ATO as a catalyst support for proton exchange membrane fuel cells has been 

discussed in the literature.[43-45] Surface segregation of antimony caused by the preparation 

method[43] or by potential cycling[45] were discussed to lead to Sb-dissolution in an acidic 

environment. This results in a reduced conductivity of the surface of the obtained core–shell 

structure that can directly affect the electrocatalytic performance of attached catalyst 

nanoparticles.[45] 

Geiger et al. recently investigated the corrosion stability of tin-oxide based catalysts (ATO, 

ITO, FTO) in acidic media and under applied potentials.[46] They could show that these 

materials (dopants and SnO2 host structure) possess a critical dissolution rate under cathodic 

potential. But also the anodic potential range for the thermodynamic stability of ATO is 

reported to be limited to theoretically 1.1 V versus RHE with measured critical Sb- and related 

Sn-dissolution upon anodic polarization,[46] rendering the material inappropriate for an 

industrial long-term application at high potentials and current densities. 

For an adoption of this model system for industrial use a more oxidation stable conductive 

oxide support such as fluorine-doped tin oxide (corrosion stable up to 2.7 V vs. RHE)[46] or 

niobium-doped TiO2 may therefore be employed. The overall high Ir mass-based activity of 

the synthesized iridium oxide catalyst is attributed to the small size of the spherical IrO2 

nanoparticles obtained by the synthesis approach and the low-temperature calcination that is 

known to result in an increased fraction of high-surface-energy crystal facets and defects which 

are associated with high OER activity.[47] 

However, the key factor for increased OER activity is the high Ir volume dispersion resulting 

from the homogeneous coating of nanoparticles onto the surface of the ordered porous 

conducting support. Catalysts prepared by the introduced multistep synthesis procedure 

provide two complementary current transmission pathways from the electrode contact to the 

reaction interface and thereby limit the series resistance and ensure electrical contact to 
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nanoparticles of the catalytically active phase. The comparably small mass-specific charge for 

the corresponding redox feature of the IrO2/TiO2 reference is attributed to a higher degree of 

crystallinity and slightly larger crystalline domain sizes of the thermal oxide resulting in a 

comparably low redox-active surface area with iridium being stable in the +IV oxidation state. 

The unsupported IrO2 nanoparticles (Ir tBuOHΔ) as well as the ATO-supported nanoparticles 

(ATO-SG280Δ-IrO2-2X) oxidized at a low temperature possess small crystalline domains 

(Figures 2 and 3) and a moderate degree of crystallinity (as shown in Figure 2a and Figure S10, 

Supporting Information), therefore exhibiting an increased redox-active surface. For the well-

dispersed IrO2 nanoparticles on the porous ATO scaffold the accessible redox-active surface 

area is further increased as indicated by the increased mass-specific charge (Figure 5e,f). 
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8.4 Conclusion 

This work introduces a multistep synthesis procedure for the homogeneous decoration of 

complex porous Sb-doped SnO2 structures as an example for a conductive oxidic OER catalyst 

support for iridium nanoparticles in the range of 2 – 3 nm.  

Detailed structural characterization of the synthesized inverse opal macroporous ATO-

microparticle/Ir(O2) model catalyst system thereby shows how to independently tune the 

morphology, porosity, and conductivity of an oxide support material through the ultrasonic 

spray pyrolysis of a sol–gel or nanoparticle precursor. Furthermore, the ATO/IrO2 catalyst was 

thoroughly investigated by high-resolution (S)TEM imaging, which allowed for a detailed 

analysis of the catalyst particle distribution within the porous 3D structure by means of STEM 

tomography.  

An approximation of the iridium volume dispersion in a thin film of porous microparticles 

returns a roughly 18 times lower iridium volume density than for a TiO2-supported reference 

catalyst; this would allow for the fabrication of PEM electrolyzer anodes with strongly reduced 

Ir loading and retention of the film thickness required for electrolyzer operation. The ATO-

microparticle/IrO2 catalyst with 25 wt% Ir furthermore shows improved OER activity and 

stability compared to similarly prepared pure IrO2 nanoparticles, presumably due to the 

homogeneous dispersion and stabilization of the small IrO2 particles on the ATO surface.  

The model catalyst system shown here significantly outperformed an industrial TiO2-supported 

IrO2 catalyst in Ir mass-based OER activity, underlining the advantage of a suitable oxide 

support morphology and a homogeneous distribution of the active material on a conductive 

support. On the other hand, even lower iridium loadings (≤15 wt% Ir) on the macroporous 

microparticle scaffold result in considerably lower catalytic performance, suggesting a major 

current transport pathway through the iridium oxide nanoparticle layer which is lacking in 

samples with a very low Ir-loading in which the nanoparticles do not form a continuous layer. 
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This emphasizes the need for a highly conductive support to effectively contact isolated catalyst 

nanoparticles. Overall, this study shows that combining iridium oxide nanoparticles with a 

suitable conductive and rationally designed porous oxide promises to be a suitable approach 

toward highly active anodes for PEM electrolyzers with drastically reduced iridium loading 

and increased long term stability. 
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8.5 Experimental 

Synthesis of Macroporous ATO Microparticles (Oxidic Catalyst Support) by 

Spray Drying 

The synthesis of macroporous ATO microparticles by USP is based on the USP synthesis of 

macroporous silica particles with polymer bead templating initially proposed by Iskandar et 

al.[48] and later modified by Hieda et al.[23] to obtain macroporous (Sb-doped) SnO2 

microparticles. For the synthesis of sol–gel based macroporous antimony doped tin-oxide 

microparticles, first antimony (III) acetate (224 µmol/67 mg, SIGMA-ALDRICH, 99.99% 

trace metals basis) was dissolved in ethanol (4 mL) by stirring for 1 h. The antimony solution 

was slowly added to 1.14 g (4.376 mmol) tin (IV) chloride (SIGMA-ALDRICH, 98% purity) 

under constant stirring. Possibly precipitated solids were dissolved by further stirring and by 

using an ultrasonic bath for 5 min. Finally, an aqueous PMMA bead colloid (120 or 280 nm, 

respectively) was added to the precursor solution to obtain a final polymer bead content of 

5.85 wt% and a total metal–salt concentration of 180 × 10-3 M. The synthesis of PMMA beads 

with mean diameters of 280 and 120 nm was conducted according to the emulsion 

polymerization route described elsewhere resulting in an aqueous colloidal solution[49,50] (see 

the Supporting Information for further details). The in-house constructed spray pyrolysis setup 

consists of a T-shaped high-temperature polypropylene discharge pipe system (OSTENDORF 

KUNSTOFFE) that connects the carrier gas flow (laboratory pressured air) at a flow rate of 

≈60 L h-1 to a 45 cm long quartz tube (25 mm diameter) placed in a single zone tube furnace 

(EUROTHERM 2404 temperature controller) with a temperature set point of 615 °C (609 °C 

oven temperature). The lower part of the pipe system including the precursor solution was 

sealed with a thin three-layer polyethylene cling film (TOPPITS) versus a water filled beaker 

with a 1.7 MHz FULOON 24V DC (700 mA, max. 400 mL aerosol h-1) household ultrasonic 

nebulizer (SHENZEN KULETONG TECHNOLOGY CO LTD) placed inside. Aerosol 
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collection was achieved with an in-house constructed filter system with polytetrafluoroethylene 

(PTFE) inset (50 mm diameter RCT-BIOFIL-PX-SU, 0.65 µm pore size, 60 µm thickness, 

REICHELT CHEMIETECHNIK GMBH + CO). The obtained ATO powder was calcined at 

450 °C in air for 5 h with a heating rate of 1.4 °C min-1 to finish thermal curing and remove 

residual carbon traces. The spray pyrolysis of porous ATO based on a presynthesized ATO 

nanoparticle precursor followed the synthesis of nanoparticle-based titanium oxide 

microparticles proposed by Iskander et al.[51] Highly conducting, 4.5 at% Sb-doped tin oxide 

nanoparticles with a size of about 3 nm were solvothermally synthesized in tert-butanol 

according to literature.[25] ATO nanoparticle (3–4 nm) powder (200 mg) was dispersed in a 

mixture of ethanol (2.8 mL) and hydrochloric acid (37 wt%, 0.16 mL) by stirring for 2 h. The 

dispersion was mixed with an aqueous PMMA bead colloid (120 nm mean diameter) to obtain 

a 2 wt% dispersion of ATO/PMMA. After 15 min sonication and further stirring for 2 h, the 

spray drying was performed according to the synthesis of sol–gel based ATO particles with a 

furnace temperature of 500 °C. The obtained product was further processed according to the 

method used for the sol–gel based microparticles.  

Synthesis of Colloidal IrOx Catalyst Nanoparticles (Ir Active Phase Precursor) 

The synthesis of an iridium oxide nanoparticle colloid is based on an aqueous oxidation method 

introduced by Sutto[26] with a further solvothermal treatment in tert-butanol introduced by 

Szeifert et al.[52] For the synthesis of an iridium oxide nanoparticle colloid per reaction 

0.075 mmol (30.09 mg) iridium (III) chloride hydrate (SIGMA-ALDRICH, 99% reaction 

grade) were dissolved in 4 mL bidistilled water (Millipore Q grade) and stirred for 1 h in air at 

room temperature. Subsequently the precursor solution was cooled with an ice bath and 

0.5 mmol (35.5 mg) potassium superoxide powder (KO2, ABCR, 96.5% purity) was slowly 

added to the cooled solution within 1 min under continuous stirring and quenched after 1 min 

by addition of 2.5 mL of precooled methanol (analytical grade). For the synthesis of ATO 
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supported IrOx catalyst or the synthesis of unsupported Ir catalyst the obtained yellow-green 

IrOx nanoparticle colloid was either used after 30 min stirring time or further stirred overnight 

which resulted in the formation of a blue IrOx colloid. 

Conformal Coating of Oxidic Support (ATO Microparticles) with Ir Nanoparticles 

by Solvothermal Reduction in tBuOH 

The solvothermal treatment of synthesized IrOx colloid was performed in glass-lined stainless-

steel autoclaves (Parr Series 4760 FH, PARR INSTRUMENT COMPANY). For the synthesis 

of unsupported Ir catalyst nanoparticles, per autoclave reaction 37.5–300 µmol previously 

prepared IrOx colloid were added to 90 mL of prewarmed (60 °C) tert-butanol (GRÜSSING 

GMBH, 99% purity). An additional amount of water and methanol at a volume ratio of 2:1 

were added to obtain a final volume of 180 mL. The solvothermal loading of macroporous 

ATO scaffold (0.49 mmol, 75 mg) microparticles with iridium nanoparticles was achieved by 

the reduction of iridium oxide colloid nanoparticles in the presence of dispersed scaffold 

microparticles during the solvothermal reaction in tert-butanol. Sealed autoclaves with internal 

temperature and pressure sensor were heated to 175 °C for 12 h with a temperature controlled 

(HEJU LTR2500, JUCHHEIM GMBH & CO. KG) ceramic heating mantle (KJT 950W) and 

kept under constant stirring. The reaction product was washed by centrifugation (7197 rcf, 

15 min) with bidistilled water (Millipore Q grade, 18 MΩ). The product was redispersed in a 

few mL bidistilled H2O and freeze-dried using an ALPHA 1-4 machine (MARTIN CHRIST 

GEFRIERTROCKNUNGSANLAGEN GMBH). Obtained powders of Ir nanoparticle loaded 

ATO scaffolds were characterized, used for the preparation of electrodes and further 

electrochemical measurements or calcined to obtain IrOx nanoparticle coated porous ATO 

scaffold. Calcination of Ir nanoparticles and Ir-NP@porous-ATO-microparticles 

(solvothermally treated IrOx colloid) was performed in a NABERTHERM laboratory oven 
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(model N15/65SHA) at 375 °C in air with a heating rate of 1.94 °C min-1 and a dwell time of 

1 h. 

Physicochemical Characterization 

Wide-angle X-ray diffraction analysis was carried out in transmission mode using a STOE 

STADI P diffractometer with Cu-Kα1 radiation (λ = 1.54060 Å) and a Ge(111) single crystal 

monochromator equipped with a DECTRIS solid state strip detector Mythen 1K. Powder XRD 

patterns of the samples were collected with an omega-2theta scan in the 2θ range from 5° to 

90° with a step size of 1° and fixed integration time of 25 – 35 s per step and a resolution of 

0.05°. The size of the crystalline domains was calculated from the XRD patterns for the Ir 111 

(ICDD#00-006-0598), IrO2 112 (ICDD#00- 015-0870), and SnO2 110 (ICDD#00-041-1445) 

reflection, respectively, using the Scherrer equation. Raman spectroscopy was carried out using 

a LabRAM HR UV–Vis (HORIBA JOBIN YVON) Raman Microscope (OLYMPUS BX41) 

with a SYMPHONY CCD detection system and a He–Ne laser (λ = 633 nm). Spectra were 

recorded using a lens with a 10-fold magnification in the range from 100 to 1000 cm-1 with 

filters of OD 0.3–0.6. Spectrum accumulation mode was used with integration times of 30 s 

per spectrum and 600 cycles. The data acquisition was carried out with LabSpec software. HR-

TEM and HAADF-STEM images as well as electron diffraction patterns were recorded using 

a FEI Titan Themis 80-300 transmission electron microscope with aberration correction of the 

probe-forming lenses operated at 120 kV or 300 kV, respectively. EDX was performed using 

a SuperX windowless, four quadrant Silicon drift detector with a solid angle of 0.7 sr. TEM 

specimens were prepared by dispersing IrOx colloids, catalyst nanoparticles, or Ir loaded ATO 

microparticles respectively in a 1:1 (v:v) ratio of water to ethanol and depositing them on a 

carbon-film coated copper grid, followed by drying in air. HAADF-STEM tilt series of 29 

images for TEM tomography were recorded in 5° steps from -70° to +70°. For a reconstruction 

of the 3D intensity volume and a presentation of different phases of Ir and ATO, respectively, 
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a masked simultaneous iterative reconstruction technique (SIRT) with further refinement by a 

discrete algebraic reconstruction technique (DART) were employed (see the Supporting 

Information for further details). SEM images were obtained with a FEI Helios Nanolab G3 UC 

scanning electron microscope equipped with a field emission gun operated at 3 – 5 kV. SEM 

specimens were prepared by dispersing dried catalyst nanoparticles, microparticles, and 

composites in a (1:1 v/v) water to ethanol ratio on FTO or Si substrates that were glued onto a 

stainless-steel sample holder with silver lacquer. EDX measurements were performed at an 

operating voltage of 20 kV with a X-MaxN Silicon Drift Detector with 80 mm2 detector area 

(OXFORD INSTRUMENTS) and AZTec acquisition software (OXFORD INSTRUMENTS). 

For the analysis of the porosity of the samples, the calcined samples were degassed for 12 h at 

120 °C under vacuum. Nitrogen sorption measurements were performed on a 

QUANTACHROME Autosorb-1 instrument at the boiling point of liquid nitrogen (77 K). The 

specific surface area was determined with the Brunauer–Emmett–Teller (BET) method at 

p/p0 = 0.05-0.2. The pore size distribution was calculated using a nonlocal DFT equilibrium 

model for silica with cylindrical pores. XPS analysis was conducted with the non-

monochromated Mg-Kα radiation of a VSW TA10 X-ray source and a VSW HA100 

hemispherical analyzer. For the XPS measurements the nanoparticles were drop-casted on 

silicon substrates in air bevor the transfer to the UHV chamber. Peaks were fitted using a 

convolution of a Doniach–Šunjić-function[53] and a Gaussian function with linear background 

subtraction. If possible, the carbon 1s peak was calibrated to 284.8 eV to compensate for 

charging effects. An Ir 4f7/2 core electron binding energy of 60.8 eV was assigned to metallic 

Ir(0) and an Ir 4f7/2 binding energy of 61.9 eV was assigned to Ir(IV)O2.
[32] Conductivity 

measurements of macroporous ATO microparticles were carried out on an HMS 3000 

apparatus (ECOPIA) in the Van der Pauw geometry (5 mm separation of electrodes). Powder 

samples were measured in form of pellets that were compressed for 10 min at 150 kg cm-2. 
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Conductivity measurements of ATO/IrO2 and commercial TiO2 supported reference catalyst 

were conducted due to restrictions on sample volume on an in-house constructed dc-

conductivity measurements cell on loosely compressed powders by recording I–V curves 

between -5 to +5 V by an AUTOLAB 302N. 

Electrochemical Characterization 

Unsupported IrOx, IrO2 nanoparticles and ATO supported IrO2 nanoparticles were dispersed in 

1:1 (v/v) H2O to isopropanol and drop-casted onto conducting FTO glass or Au-coated QCM 

sensors (14 mm, 5 and 10 MHz AT-cut Cr/ Au crystals from KVG QUARTZ CRYSTAL 

TECHNOLOGY GMBH and QUARTZ PRO AB). Electrodes were masked with PTFE tape 

to leave a circular electrode area of 0.196 and 0.126 cm2, respectively. Prior to each 

measurement, the samples were either dried at 60 °C or calcined at 375 °C in air. The frequency 

of uncoated and coated QCM sensor crystals was determined with a QCM200 5 MHz 

measurement system (STANFORD RESEARCH SYSTEMS INC.) and an openQCM 

5/10 MHz measurement system (NOVAETECH SRL). Deposited mass loadings on QCM 

chips were calculated according to the Sauerbrey equation[54] from determined frequency 

differences Δf, an overlapping electrode area A of 0.196 cm2 and a sensitivity factor Cf of 56.6 

and 4.4 Hz µg-1 cm2 for 5 and 10 MHz AT-cut crystals, respectively. All electrochemical 

measurements at room temperature were carried out in a three-electrode setup with a quartz 

cell filled with 20 mL 0.5 M H2SO4 (SIGMA-ALDRICH, Titripur volumetric standard) as 

electrolyte using an PGSTAT302N potentiostat/galvanostat (METROHM AUTOLAB B.V.) 

equipped with a FRA32 M impedance analyzer connected to a Hydroflex reversible hydrogen 

electrode (GASKATEL Gesellschaft für Gassysteme durch Katalyse und Elektrochemie mbH) 

or Hg/HgSO4/K2SO4 (sat.) (REF601, RADIOMETER ANALYTICALHACH COMPANY) 

for cyclic voltammetry and chronopotentiometry measurements, respectively. The 

electrochemical activity of catalysts on FTO and QCM substrates was measured by iR-drop 
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corrected linear sweep voltammetry (LSV) in a potential window of 1.0 – 1.8 V versus RHE 

and 1.0 – 1.65 V versus RHE, respectively, in 10 scan cycles with a scan rate of 10 mV s-1. 

Impedance spectroscopy data at 0.5 V versus RHE was recorded prior to each measurement to 

determine the corresponding electrolyte resistance (95%) from the high frequency region. 

Iridium mass-based catalyst activity was either directly calculated with measured QCM 

determined mass loadings or calculated from the coating volume (3 – 15 µL) of a dispersion of 

known concentration (2 mg mL-1) in combination with the Ir ratio in ATO/Ir(O2) catalysts 

determined by SEM/EDX (mean value of at least three independent measurements). Current 

densities were determined from the mean value of capacity current-corrected (mean current in 

the potential region 1.0 – 1.23 V vs. RHE) anodic and cathodic scans of the respective LSV 

cycle. Stability measurements of electrodes (active material corresponding to 15 µgIr 

(76 µgIr cm-2) deposited on FTO glass substrates) were performed with an 

Hg/HgSO4/K2SO4(sat.) reference electrode at room temperature under constant stirring of the 

electrolyte. Potentials versus the reversible hydrogen electrode ERHE were calculated by 

measuring the open circuit potential of the Hg/HgSO4/K2SO4(sat.) reference electrode against 

a Hydroflex RHE (GASKATEL Gesellschaft für Gassysteme durch Katalyse und 

Elektrochemie mbH) before and after each chronopotentiometry measurement and by shifting 

the measured potential accordingly. RDE measurements were conducted with an MSR 

Electrode rotator with mirror finished polished 5 mm diameter glassy carbon disc insets (PINE 

RESEARCH INSTRUMENTATION) connected to an Autolab PGSTAT302N 

potentiostat/galvanostat equipped with a FRA32 M impedance analyzer (METROHM 

AUTOLAB B.V.) and an in-house constructed glass/silicone cell with Luggin-capillary for the 

reference electrode compartment. Electrolyte temperature of 60 °C was maintained by an oil 

bath with external stirrer and monitored with an immersed silicone coated K-element 

temperature sensor. The Nernst potential for water oxidation was kept constant by continuous 
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O2 (AIR LIQUIDE, AlphaGaz2 N5 purity) purging of the electrolyte (0.5 M H2SO4, 

SIGMAALDRICH, Titripur volumetric standard). Catalyst loadings of 50 µgIr cm-2 (10 µgIr 

per disc) were drop-casted on cleaned glassy carbon discs and dried at 60 °C before applying 

10 µL of a 1:100 dilution of a Nafion perfluorinated resin solution (SIGMA-ALDRICH, 5 wt% 

in lower aliphatic alcohols and water (15 – 20% water)) in a H2O/iPrOH mixture (1:1 v/v). The 

electrolyte resistance was determined before and after each RDE measurement in the high 

frequency region of recorded impedance spectra at 0.5 V versus RHE. Due to low current 

densities reached in the measurement protocol and repeatedly low electrolyte resistance values 

around 5 Ω, an iR drop correction of the recorded data was not performed. The applied 

measurement protocol consisted of 75 LSV cycles starting from 1.0 V versus RHE. The upper 

vertex potential was defined to be at a current density of j = 1 mA cm-2 (iabs = 0.2 mA, A = 

0.196 cm2). Reported current densities were determined from the mean value of capacity 

current (mean value in potential region 1.0–1.23 V vs. RHE) corrected anodic and cathode 

scans for a given overpotential ηOER of the respective scan cycle. Extracted overpotentials ηOER 

for each cycle required to reach an OER current of 1 mA cm-2 were corrected for the capacitive 

current and calculated as a mean of anodic and cathodic scan. Additional cyclic voltammetry 

measurements over the potential range of 0.05 – 1.52 V versus RHE were performed during 

RDE measurements to identify redox active features and to compare the electrocatalytically 

active surface area of catalyst samples. 3 cyclic voltammograms at a scan rate of 50 mV s-1 

were therefore recorded prior to each RDE measurement (as described above), after 50 and 

after 75 RDE LSV cycles. 
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8.6 Supporting Information 

 

I. Synthesis of macroporous Sb:SnO2 (ATO) microparticles as catalyst 
support 

Following Scheme S1 depicts the concept and synthesis scheme of ultrasonic spray pyrolysis 

(USP) of macroporous oxide microparticles employed for the fabrication of inverse opal Sb-

doped SnO2 microparticles. 

 

Scheme S1 Concept and synthesis scheme of ultrasonic spray pyrolysis (USP) of macroporous oxide 

microparticles. (a) Concept of atomization of an aqueous PMMA / precursor (molecular or oxide 

nanoparticle) mixture with subsequent solvent evaporation and template pyrolysis in temperature gradient 

to form macroporous oxide microparticles. (b) Schematic representation of USP setup with ultrasonic 

atomizer, T-shaped polyproplyene tube system, tube furnace and teflon filter system for generated aerosol 

particles. 

The ultrasonic probe operated at 1.7 MHz in the USP setup generated aerosol droplets with a 

sizes of about 2.5 µm estimated from the synthesis parameters and based on ultrasonic 

nebulization theories.[55] Obtained powders of the spray-drying process were analyzed by X-ray 

diffraction, as shown in Figure S1a. Diffraction patterns of the particles (NP120, SG120 and 

SG280) prepared by USP as well as pre-synthesized ATO nanoparticles show broad reflections 

at positions in agreement with the cassiterite (SnO2) structure with crystalline domain sizes of 
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3 - 5 nm for NP120 and 4-5 nm for SG120/SG280 particles, respectively, according to Scherrer`s 

equation. Due to the similar crystal structure of ATO and the undoped SnO2 cassiterite phase, 

the low Sb doping concentration of ~4 at% Sb and the line broadening, a small peak shift caused 

by changed unit cell parameters cannot be observed. The Sb doped microparticles (SG280Δ) 

thereby display a very similar diffraction pattern (Figure S1b) to that of undoped SnO2 sol-gel 

based microparticles (SG280Δ w/o Sb) without any side phase visible indicating a successful 

incorporation of Sb ions into the cassiterite host structure. Precursor ATO nanoparticles from a 

solvothermal synthesis in tert-butanol exhibit an increased line broadening indicating a domain 

size of about 3 nm (acc. to Scherrer`s equation) which corresponds to the size of individual 

nanocrystals according to literature.[25] Diffraction patterns of porous microparticles thermally 

cured at 450 °C (NP120Δ, SG120Δ, SG280Δ) appear unchanged in peak positions or line 

broadening, indicating no growth of crystalline domains upon heating. Besides the marked 

peaks, attributable to a slightly distorted cassiterite phase, no side phases are visible in the 

diffraction data. 

The phase purity of synthesized porous microparticles was further investigated by Raman 

spectroscopy, which, unlike X-ray diffraction, is sensitive towards amorphous phases. Raman 

spectra of ATO particles (SG120Δ /SG280Δ) generally match the spectrum of undoped SnO2 

(SG280Δ w/o Sb) particles plotted in Figure S1c. Characteristic bands at 630 cm-1 (A1g) and 

775 cm-1 (B2g) of the cassiterite phase are located at the positions reported in the literature,[56-

58] whereas the Eg band (477 cm-1) is blue-shifted by ~25 cm-1 and 50 cm-1 for all sol-gel 

microparticles. The band at 333 cm-1 (S1) visible in the spectrum of ATO precursor 

nanoparticles can be attributed to a disorder-activated vibrational mode of the nanosized ATO 

phase.[58] 
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Figure S1 X-ray diffraction pattern and Raman spectra of sol-gel (SG) and nanoparticle (NP) based 

SnO2/ATO microparticles with chloride post-treatment. (a) XRD patterns of microparticle precursor 

nanoparticles (ATO NP), nanoparticle (NP120) and sol-gel derived ATO microparticles before (SG120, SG280) 

and after thermal curing (SG120Δ, SG280Δ).(b) XRD patterns of thermally cured undoped (SG280Δ w/o Sb) 

and Sb doped (SG280Δ) ATO microparticles and with subsequent solvothermal reaction in presence of KCl 

(SG280Δ KCl; High chloride concentration control; 12 mmol KCl, 0.84 mmol ATO. SnO2 (cassiterite) 

pattern ICDD card number 00-041-1445 (black) (tetragonal symmetry, a = b = 4.7382(4) Å, c = 3.1871(1) Å, 

α = β = γ = 90°). (c) Raman spectra of precursor nanoparticles (ATO NP) and sol-gel derived thermally 

cured ATO microparticles (SG120Δ, SG280Δ) and undoped SnO2 microparticles (SG280Δ w/o Sb). The bands 

at 630 cm-1 (A1g), 477 cm-1 (Eg), 775 cm-1 (B2g) correspond to the cassiterite (SnO2) phase.[56-58] The band at 

333 cm-1 (S1) can be attributed to a nanosized ATO phase.[56] 

To determine the conductivity of the synthesized ATO phase present in the porous particles, 

pellets of the respective samples were prepared by hydraulic pressing. On these, 4-point dc 

measurements in the Van-der-Pauw geometry were performed. Figure S2a and b show SEM 

images of pressed pellet surfaces of doped (SG280Δ) and undoped (SG280Δ w/o Sb) 

microparticles that reveal (Figure S2b and d) a complete collapse of the porous structure of the 

microparticles upon compression at ~14,7 MPa required for pellet formation. Comparison of 

the dc-conductivities measured for SG280Δ (3.6 S cm-1) and SG280Δ w/o Sb (3.8×10-4 S cm-1) 

shows that the addition of Sb in the USP synthesis results in the formation of a highly 

conductive ATO phase. The specific conductivity of single intact ATO microparticles on the 

microscale is expected to be even higher due to missing grain boundaries and cracks present in 

the pellets which lower the macroscopic measurable conductivity[25, 59]. The measured 

conductivity value of ~3.4 × 10-2 S cm-1 for solvothermally treated ATO microparticles in 

presence of a high KCl salt concentration (Figure S2e,f) shows that even high salt 

concentrations do not lead to a loss in conductivity during the solvothermal reaction. This 

experiment should show that low concentrations of chloride originating from the IrCl3 precursor 
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introduced in the solvothermal reaction by the addition of the IrOx colloid do not negatively 

affect the conductivity of the scaffold. The measurements should further indicate that the final 

ATO supported IrO2 catalyst possesses a considerable conductivity (beneficial for the 

electrochemical activity) originating from the ATO scaffold and not only from the IrO2 shell. 

The decreased absolute value of the chloride treated sample (SG280Δ KCl) vs. the non-treated 

ATO sample (SG280Δ) is mainly attributed to the differences in the quality of prepared pellets 

as shown in by SEM images (Figure S2e,f) and not attributed to an altered intrinsic conductivity 

of the material. Images of the chloride treated sample show a rather inhomogeneous surface 

with cracks opposed to the rather crack-free surface of the Sb-doped (Figure S2a, b) and 

undoped (Figure S2c,d) SnO2 pellets. 

 

Figure S2 SEM micrographs of SnO2 and ATO based pellets after conductivity measurements. SEM images 

with energy dispersive X-ray analysis (a, c, e) of ATO (SG280Δ; a, b), SnO2 (c, d; SG280Δ w/o Sb) and ATO 

with KCl high salt (12 mmol KCl, 0.84 mmol ATO) solvothermal post-treatment (e, f; SG280Δ KCl). 

Antimony doping was qualitatively confirmed by X-ray photoelectron spectroscopy (see 

following Figure S3) in thermally cured 280 nm PMMA templated sol-gel based ATO 

microparticles. Sn 3d3/2 (495.2 eV) and Sb 3d3/2 (540.3 eV) were fitted using a convolution of a 

Doniach-Šunjić-function and a Gaussian function with linear background subtraction to 

confirm the presence of Sn (Figure S3a) and Sb (Figure S3b). 
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Figure S3 X-ray photoelectron spectroscopy (XPS) spectra of 280 nm PMMA templated sol-gel based ATO 

microparticles from ultrasonic spray pyrolysis after thermal curing. Sn 3d3/2 (495.2 eV) and Sb 3d3/2 

(540.3 eV) fitted using a convolution of a Doniach-Šunjić-function and a Gaussian function with linear 

background subtraction confirming presence of Sn and Sb.[32, 53] 

Scanning electron microscopy images of sol-gel (Figure S4a) and ATO nanoparticle based 

microparticles (Figure S5) templated by 120 nm PMMA beads confirm the inverse opal 

morphology. Quantification of the particle size for templated sol-gel based ATO particles after 

thermal curing (SG120Δ) returned a mean diameter of ~790 nm (N=1138). SEM images at 

higher magnifications reveal an open porous structure on the particle outer surface with 

connections to underlying pores. Quantification of the outer pore size (diameter) returns 55-

75 nm (Ø 65 nm, N=137). Quantification of sol-gel based ATO particles templated by 280 nm 

PMMA beads (manuscript Figure 1a) returned a mean diameter of 850 nm (N=1161) with 

uniform pore sizes of 150-190 nm (Ø 172 nm, N=191). A more detailed investigation of the 

microstructure, crystallite size and phase was performed by high resolution transmission 

electron microscopy. TEM images depicted in Figure 1b-d and Figure S4b-d for SG280Δ and 

SG120Δ, respectively, confirm the existence of an accessible open porous structure. 

Furthermore, the pore sizes for 120 and 280 nm PMMA templated particles was quantified to 

be ~83 nm (Ø inner pore diameter, N=13) and ~232 nm (Ø inner pore diameter, N=27) 

according to HR-TEM images as shown in Figure S4c,d  and Figure 1c,d respectively, which 

is in good agreement with the pore sizes determined by SEM. Thus, during the pyrolysis 

reaction, pore shrinkage by ~30 % for SG120Δ and ~17 % for SG280Δ, respectively takes place. 
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The TEM images shown in Figure S4c,d and Figure 1c, d respectively, show nanocrystals of 

about ~3-4 nm that act as building blocks for the porous microparticle structure independent of 

the templating bead size. The existence of small interconnected ATO crystals is in agreement 

with the line broadening observed in XRD patterns (Figure S1a and b), the shift of the Eg band 

in Raman spectroscopy (Figure S1c) and the textural porosity observed in the nitrogen sorption 

isotherms (Figure S6), which is thought to be caused by small voids between the nanocrystals. 

The images were further used to confirm the cassiterite parent phase of the present ATO 

nanocrystals on the local scale by determining the lattice spacings of individual nanocrystals as 

indicated in Figure 1d. Energy dispersive X-ray (EDX) analysis points to a Sb doping 

concentration of 4.2 at% for the SG120Δ (value noted in Figure S4a) and 4.3 at% for SG280Δ 

(Figure 1a) respectively, which is in good agreement with the Sb content of 4.8 at% in the 

precursor solution. EDX value stated derived as a mean value of at least three independent EDX 

measurements recorded at different magnifications. 
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Figure S4 Scanning and transmission electron micrographs of ATO sol-gel based porous microparticles 

templated by 120 nm PMMA beads. (a) Overview of ATO microparticle (ATO-SG120Δ) morphology with 

energy dispersive X-ray analysis. Sb at% derived from multi-spot EDX measurements. TEM image of single 

microparticle (b), magnification of porous structure (c) and high-resolution image with individual ATO 

nanocrystal building blocks of sol-gel based ATO microparticles templated with 120 nm PMMA beads 

(SG120Δ). 

Besides the sol-gel based approach, pre-synthesized ATO nanoparticles with an Sb doping level 

of ~5 at% were used in a USP synthesis. The resulting porous microparticles NP120Δ, shown in 

Figure S5, show a comparable morphology to the SG120Δ particles with slightly increased pore 

wall thickness (Figure S5b) and a Sb content of 5.9 at%, determined from EDX measurements. 
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Figure S5 Scanning electron micrographs of ATO nanoparticle based porous microparticles. (a) Overview 

with energy dispersive X-ray analysis and (b) single microparticles in high magnification of porous 

nanoparticle based ATO microparticles templated with 120 nm PMMA beads (NP120Δ). 

To check the accessibility and interconnectivity of the macropores of the microparticles 

nitrogen sorption isotherms as shown in Figure S6 were recorded. Both samples (SG120Δ and 

SG280Δ as well as undoped SG280Δ w/o Sb) show a type III sorption isotherm with minor 

contribution of a type I isotherm, corresponding to a mainly macroporous or non-porous 

adsorbent with minor contribution of microporosity originating from textural porosity of 

interconnected small crystalline domains as indicated by the diffraction pattern (Figure S1a, b) 

and by the high-resolution TEM image (Figure 1d and Figure S4d). A Brunauer-Emmett-Teller 

surface area of 54 and 52 m2 g-1 was determined for 120 and 280 nm PMMA templated 

microparticles respectively. Direct evidence of small macropores of about 70 nm for sample 

SG120Δ is given by the pore size distribution shown in inset of Figure S6a which is in good 

agreement with the pore size quantification by SEM and TEM. The pore size distribution of 

SG280Δ does not show any porosity beyond a minor amount of micropores from textural 

porosity which is caused by limitations of the nitrogen sorption technique with respect to the 

detection of macropores as present in the SG280Δ and SG280Δ w/o Sb sample. Sorption data 

shown further proves that Sb doping in the sol-gel based microparticles does not lead to a 
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change of the porous structure as the same BET area of 54 m2 g-1 is obtained for undoped 

particles (SG280Δ w/o Sb; Figure S6c) as well as for the doped sample (SG280Δ; Figure S6b). 

 

Figure S6 Nitrogen sorption isotherm of macroporous ATO and SnO2 microparticles. (a) 120 nm (SG120Δ) 

and 280 nm (SG280Δ) PMMA templated macroporous ATO (a, b) and SnO2 (c) microparticles (SG280Δ w/o 

Sb) with Brunauer-Emmett-Teller (BET) area and pore size distributions (non-local DFT model) as inset. 

 

II. Synthesis of dispersible Iridium(oxide) nanoparticles 
 

Following Section II describes supporting Information for the synthesis and characterization of 

Ir-species involved in the introduced multi-step synthesis (Figure S7a, c and d) procedure for 

the homogeneous coating of porous oxide structures as well as of a IrO2 nanoparticle reference 

catalyst obtained by the calcination of the IrOx precursor (IrOx colloidΔ, Figure S7b). 

For a quantification of nanoparticle sizes HR-TEM and STEM images (Figure S7) of the 

different Ir-species were analyzed. Particle diameter in the main text are stated as a mean value 

of individual particles with number N. Size quantification of IrOx colloid, calcined IrOx colloid 

(IrOx colloidΔ) and metallic Ir nanoparticles (Ir tBuOH) returned mean diameters of ~2.4 nm 

(N=145) (Figure 2e, Figure S7a), ~3.0 nm (N=73) (Figure 2g, Figure S7b) and ~3.2 nm (N=63) 

(Figure 2i, Figure S7c), respectively. 
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Figure S7 (Scanning) transmission electron micrographs of iridium and iridium oxide nanoparticle phases. 

Hydrous iridium oxide colloid before (a, IrOx colloid) and after thermal oxidation (b, IrOx colloidΔ). 

Metallic iridium nanoparticles after solvothermal treatment of IrOx colloid before (c: Ir tBuOH) and after 

thermal oxidation (d: Ir tBuOHΔ) to the oxide phase. 

Following Figure S8 shows an agglomerate of hydrous IrOx colloid nanoparticles (Figure S8a) 

that are reduced and crystallize in the electron beam evidenced by a visible growth and 

aggregation of nanoparticles (Figure S8b) with an illumination period of several seconds. 

 

Figure S8. Scanning transmission electron microscopy depicting electron beam induced growth and 

crystallization of hydrous iridium oxide nanoparticles. Micrograph of hydrous IrOx nanoparticle aggregate 

before (a) and after (b) extended illumination by electron beam. 
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The precursor IrOx colloid nanoparticles are reduced in the crucial step of the synthesis 

procedure to metallic iridium nanoparticles (with or without the presence of an oxidic support) 

of comparable size for a range of temperatures of 150 - 200 °C and synthesis durations ranging 

from 12 – 24 h as indicated by the XRD line broadening in following Figure S9a. According to 

the Scherrer`s equation, a crystallite domain size for the metallic iridium nanoparticles of 

~1.3 nm is determined. A transformation to the tetragonal IrO2 phase is observed for calcination 

temperatures from 175 °C and higher in (Figure S9b). 

 

Figure S9 X-ray diffraction analysis of iridium and iridium oxide nanoparticles with parameter variation in 

solvothermal synthesis. XRD patterns of metallic iridium nanoparticles after solvothermal reduced IrOx 

colloid nanoparticles before (a; Ir tBuOH) and after (b, Ir tBuOH Δ) thermal oxidation. Ir pattern: ICDD 

card number 00-006-0598 (red) (cubic symmetry, a = b = c = 3.8394 Å, α = β = γ = 90°). KCl pattern: ICDD 

card number 00-041-1476 (orange) (cubic symmetry, a = b = c = 6.2917(3) Å, α = β = γ = 90°). IrO2 pattern: 

ICDD card number 00-015-0870 (grey) (tetragonal symmetry, a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 

90°). 
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III. Synthesis of ATO-microparticle supported IrO2 nanoparticles as 

oxygen evolution reaction catalyst 

Powder diffraction patterns of Ir-loaded 280 nm PMMA templated ATO shown in 

Figure S10b,d are discussed in the main text and are analogous to the results obtained for 

120 nm PMMA bead templated microparticles. Diffractograms of Ir-loaded 120 nm PMMA 

templated ATO (Figure S11a) show broadened peaks assignable to the cassiterite (SnO2) phase, 

which is also observed for unloaded microparticles (Figure S1a; SG120Δ). For the Ir loaded 

particles an additional broad peak located at around 40 °2θ is observed, the intensity of which 

increases with the amount of IrOx colloid content of the synthesis solution [½-4X ≙ 7-40 wt% 

Ir in composite catalyst]. Comparison with the pattern of Ir tBuOH shows that the product series 

(SG120Δ-Ir-YX with Y = ½-4) is composed of coexisting ATO microparticles and metallic 

nanosized Ir particles. 
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Figure S10 X-ray diffraction analysis of ATO microparticle supported iridium and iridium oxide 

nanoparticles. XRD pattern of (a) 120 nm PMMA and (b) 280 nm PMMA templated Ir loaded ATO 

microparticles with varying Ir loading of 7-42 wt% Ir (ATO-SG120Δ-Ir- ½X to - 4X) and 8-34 wt% Ir (ATO-

SG280Δ-Ir- ½X to 4X) respectively and unsupported Ir (Ir tBuOH, red) and IrO2 (Ir tBuOHΔ, grey) 

nanoparticles from solvothermal reduction of IrOx colloid nanoparticles before (Ir tBuOH, red) and after 

(Ir tBuOHΔ, grey) thermal oxidation as reference. (c, d) XRD pattern of thermally oxidized catalysts. SnO2 

(cassiterite) pattern: ICDD card number 00-041-1445 (black), Ir pattern: ICDD card number 00-006-0598 

(red), IrO2 pattern: ICDD card number 00-015-0870 (grey). 

Thermal oxidation of 120 and 280 nm PMMA templated Ir-loaded product (Figure S10b, d) 

leads to the formation of a nanosized IrO2 phase visible by the appearance of the IrO2 211 peak 

located at ~54 °2θ (the IrO2 110 and 101 peak are overlapping with SnO2 110 and 101 and are 

therefore not suitable to observe the formation of a IrO2 phase). A further indication for the 

phase transformation of the metallic Ir to an oxidic phase is the absence of the Ir 111 peak 

located at ~40 °2θ. 
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Raman spectra of IrO2-loaded as well as Ir-loaded ATO microparticles (Figure S11) show two 

broad peaks around 550 cm-1 and 740 cm-1 corresponding to the Eg band and the overlapping 

B2g/A1g band of IrO2.
[30,31] The absence of any signal from the underlying ATO indicates a 

complete coverage of the surface with Ir/IrO2 particles. The spectrum of Ir coated ATO (SG280Δ-

Ir-2X) thereby shows characteristic Raman bands associated with the oxide phase which we 

attributed to a potential -O or -OH termination of the Ir-nanoparticles as discussed for the 

Raman spectrum of unsupported metallic Ir nanoparticles. 

 

Figure S11 Raman spectra of ATO microparticle supported iridium and iridium oxide nanoparticles. 

Raman spectra of 120 nm (lower lines) and 280 nm (upper lines) PMMA templated ATO microparticles 

with loading of ~25 wt% Ir before (ATO-SG120Δ-Ir-2X, ATO-SG280Δ-Ir-2X) and after (ATO-SG120Δ-IrO2-

2X, ATO-SG280Δ-IrO2-2X) thermal oxidation. Ir loading determined by SEM/EDX measurements of 

respective samples. Spectra of unloaded ATO microparticles depicted in grey. The band at 561 cm-1 (Eg) 

and the close bands at 728 cm-1 (B2g) and at 752 cm-1 (A1g) correspond to the tetragonal iridium oxide 

phase.[30] The bands at 630 cm-1 (A1g), 477 cm-1 (Eg), 775 cm-1 (B2g) correspond to the cassiterite (SnO2) 

phase.[56-58]  
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Figure S12 Scanning electron micrographs with energy dispersive X-ray analysis of ATO microparticle 

supported iridium and iridium oxide nanoparticles. (a, b, e, f) 120 nm PMMA bead templated ATO 

microparticle solvothermally loaded with Ir nanoparticles before (a, b; SG120Δ-Ir-2X) and after (e, f; SG120Δ-

IrO2-2X) thermal oxidation. (c, d, g, h) 280 nm PMMA bead templated ATO microparticle solvothermally 

loaded with Ir nanoparticles before (c, d; SG280Δ-Ir-2X) and after (g, h; SG280Δ-IrO2-2X) thermal oxidation. 

Quantification of iridium loading (a, c, e, g) by multi spot EDX measurements (Ir, Sn, Sb as input) and 

theoretical stoichiometry of product. Sb at% referred to ATO support only. 
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Table S1 Theoretical and experimentally determined iridium fraction in ATO microparticle supported Ir 

and IrO2 nanoparticles. Theoretical iridium input in solvothermal synthesis used for iridium loading of 

ATO microparticles expressed as a multiple (X) of single IrOx colloid reactions (½-4). Experimental wt% 

Ir determined as average from SEM/EDX measurements in different magnifications and 5 independent 

sample spots. Only Sn, Sb and Ir at% used as input for quantifications in combination with theoretical 

sample stoichiometry (4.3 at% Sb doping). 

  wt%(Ir) 

theoretical,  

unheated 

wt%(Ir) 

EDX, 

unheated 

wt%(Ir) 

theoretical,  

calcined 

wt%(Ir) 

EDX, 

calcined 

SG120Δ-IrO2 

4X 43 42 40 40 

3X 36 37 34 33 

2X 27 28 26 25 

1X 16 15 15 15 

½X 9 7 8 8 

SG280Δ-IrO2 

4X 43 28 40 28 

3X 36 34 34 32 

2X 27 27 26 25 

1X 16 15 15 15 

½X 9 8 8 8 

 

EDX elemental mappings of outer ATO pores was performed for 120 nm PMMA templated 

ATO microparticles coated with IrO2 (~25wt% Ir acc. to EDX; see Table S1) nanoparticles 

according to the procedure introduced (Figure S13). Analogous results were obtained than for 

larger pore ATO based microparticles as discussed in the main text (Figure 3). Independent of 

the pore diameter a co-localization of the Sn-L, Sb-L and Ir-L signal was observed. As the Ir-L 

signal extends beyond the areas of high tin and antimony concentration, we infer a 

homogeneous coating of the ATO surface with IrO2. 
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Figure S13 Transmission electron micrographs and energy-dispersive X-ray spectroscopy analysis mapping 

of thermally oxidized IrO2 supported on macroporous ATO microparticles templated by 120 nm PMMA 

beads. Electron micrographs (SG120: a-c), electron diffraction pattern (SG120: d) and EDX elemental 

mapping of thermally oxidized 120 nm PMMA (e) IrO2-loaded ATO microparticles with Ir loadings of 

25 wt% Ir (ATO-SG120Δ-IrO2-2X). Phase identification and assignment of lattice spacings in electron 

diffraction pattern (d) according to literature values. SnO2 (cassiterite) pattern: ICDD card number 00-041-

1445. IrO2 pattern (f, l): ICDD card number 00-015-0870. 

 

 

Figure S14 X-ray photoelectron spectroscopy (XPS) spectra of ATO microparticles supported iridium and 

iridium oxide nanoparticles. (a) Ir 4f spectra of 280 nm PMMA templated ATO microparticle supported 

iridium nanoparticles before (SG280Δ-Ir-2X) and after (SG280Δ-IrO2-2X) thermal oxidation with loading of 

~25 wt% Ir. Ir loading determined by SEM/EDX measurements. Ir4f7/2 peaks fitted to 60.9 eV (SG280Δ-Ir-

2X) and 61.4 eV (SG280Δ-IrO2-2X) and assigned to metallic Ir(0) and Ir(IV)O2 according to literature 

values.[32] (b) Sn 3d spectra of respective samples confirm presence of Sn with fitted Sn 3d3/2 binding energies 

of 495.0 eV (SG280Δ-Ir-2X) and 495.2 eV (SG280Δ-IrO2-2X) (c) Sb 3d spectra of respective samples confirm 

presence of Sb with fitted Sb 3d3/2 binding energy of 539.6 eV (SG280Δ-Ir-2X and SG280Δ-IrO2-2X). 

 

 

Following Figure S15 depicts a schematic representation of the STEM based tomography 

workflow applying a modified SIRT (Simultaneous Iterative Reconstruction Technique)[60] and 

DART (Discrete Algebraic Reconstruction Technique)[61] tomography algorithms on a particle 

tilt image series. 
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Figure S15 Schematic representation scanning transmission electron microscopy-based tomography 

workflow. (a) Acquisition of STEM tilt image series (b) Calculation of reprojected 3D intensity volume 

based on STEM tilt image series and modified SIRT (Simultaneous Iterative Reconstruction Technique)[60] 

and DART (Discrete Algebraic Reconstruction Technique)[61] tomography algorithms. 

 

Figure S16 Scanning transmission electron microscopy-based tomography with 3D intensity volume 

reconstruction of thermally oxidized IrO2 nanoparticles supported on macroporous ATO microparticles 

templated by 280 nm PMMA (36° rotation angle snapshots around central c-axis). (a) 0°/360° (b) +36° 

clockwise (CW) (c) +72° CW (d) +108° CW (e) +144° CW (f) +180° CW (g) +216° CW (h) +252° CW (i) 

+288° CW (j) +324° CW 



8.6 Supporting Information 

 

418 

 

 

Figure S17 Quality assessment of 3D intensity volume reconstruction of thermally oxidized IrO2 

nanoparticles supported on macroporous ATO microparticles templated by 280 nm PMMA based on 

scanning transmission electron microscopy tomography data. (a) Acquired STEM image (0° tilt angle) (b) 

Calculated particle reprojection (for tilt angle of 0°) based on STEM tomography (c) Subtraction image of 

acquired STEM image and particle reprojection (d) Residual image intensity of acquired STEM image not 

contained in particle reprojection image. 
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Figure S18 Representation of envelope volume of 3D intensity volume of STEM based tomography of 

thermally oxidized iridium nanoparticles supported on macroporous ATO microparticles templated by 280 

nm PMMA. (a) Rough shape representing the „enveloped“ volume of a particle from a tilt series (-70° to 

+60°) containing 27 HAADF STEM images. (b) DART-algorithm based reconstruction of ATO/IrO2 

intensity volume quantified to 40.3 vol%. (c) DART-algorithm[61] based reconstruction of IrO2 intensity 

volume quantified to 15.6 vol%. The total volume of vacuum, ATO and IrO2 assigned voxels inside the 

calculated mask (a) were counted to derive the corresponding volume fractions. Derived cavity-volume may 

slightly be overestimated due to estimation from masking algorithm. 

 

 

Figure S19 Scanning electron micrograph of macroporous ATO microparticles with particle size 

distribution. (a) Representative SEM image with overview of 280 nm PMMA templated porous ATO 

microparticles (SG280Δ) for particle size quantification. (b) Log-normal function fitted to particle size 

distribution with stated goodness of fit values (reduced chi-square, adjusted R-square), and determined 

fitting parameters of Log-normal function (y0, xc, w (standard deviation) with standard errors. 

Log-normal distribution function fitted to experimentally determined particle size distribution 

by SEM shown in Figure S19b with a representative SEM image used for size quantification 

(Figure S19a). Calculation of the void volume in a film of randomly closed packed spheres 

(approximation for porous ATO microparticles) according to a model proposed by Desmond et 

al.:[33] 
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Log-normal function:  𝑃(𝑅) =  
𝐴

𝑅
 𝑒

(
𝑙𝑛 𝑅

𝜎
 + 0.5 𝜎)

2

2  

Parameters:    Scale parameter 𝜎 = 𝑤 = 0.27977 

Constrained:   𝐴 =  
1

√2𝜋𝜎2
=  219.482 

Polydispersity:  𝛿 =  √𝑒𝜎2
− 1 = 0.285334814 

Skewness:   𝑆 =  (𝑒𝜎2
+ 2)√𝑒𝜎2

− 1 = 0.879235249 

 

Packing density (𝜙) with empirical fitting parameters (c1, c2): 

𝜙𝑅𝐶𝑃 =  𝜙𝑅𝐶𝑃
∗ +  𝑐1𝛿 + 𝑐2𝑆 𝛿2 

with parameters  𝜙𝑅𝐶𝑃
∗ = 0.634, 𝑐1 = 0.0658, 𝑐2 = 0.0857 

               𝜙𝑅𝐶𝑃 = 0.6589 

Resulting void volume in layer of dense spheres with respective size distribution:  

                                    1 − 𝜙𝑅𝐶𝑃 = 0.3411 ≅ 𝟑𝟒 %
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IV. Electrochemical characterization of ATO-microparticle supported IrO2 
nanoparticles as oxygen evolution reaction catalyst 

 

The morphology of dropcasted films of pure Ir-species is depicted in Figure S21 for 

comparison with respective supported OER catalyst. Electron micrographs of drop-casted IrOx 

colloid thin films (Figure S21a-c) display a rather smooth film which is built up from primary 

nanoparticle aggregates of ~50 nm. Calcined IrOx colloid (IrOx colloidΔ) exhibits a similar but 

rougher morphology with smaller feature sizes down to 10-20 nm (Figure S21d-f). 

Metallic Ir nanoparticles as well as the IrO2 nanoparticles obtained by calcination form rough 

porous films with nanosized features (Ir tBuOH; Figure S21g-i and Ir tBuOHΔ Figure S21j-l). 
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Figure S20 Scanning electron microscopy of iridium and iridium oxide nanoparticles. Micrographs of 

hydrous iridium oxide colloid (IrOx colloid) before (a-c) and after (d-f; IrOx colloidΔ) thermal treatment in 

different magnifications. Iridium nanoparticles obtained from solvothermal reduction of IrOx colloid (g-i; 

Ir tBuOH) and after thermal oxidation (j-l; Ir tBuOHΔ) to the oxide phase. 
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Figure S21 X-ray diffractogramm of commercial reference catalyst TiO2/IrO2 (Elyst Ir75). IrO2 pattern: 

ICDD card number 00-015-0870 (black) (tetragonal symmetry, a = b = 4.4983 Å, c = 3.1544 Å, α = β = γ = 

90°). TiO2 (anatase) pattern: ICDD card number 00-004-0477 (red) (tetragonal symmetry, a = b = 3.783 Å, 

c = 9.510 Å, α = β = γ = 90°). 

 

 

 

Figure S22 Iridium mass based catalytic activity of ATO microparticle supported IrO2 nanoparticles with 

differing pore size. Oxygen evolution reaction (OER) currents (capacitive current corrected, iR corrected) 

shown for best performing samples of 120 nm (a-c; ATO-SG120Δ-IrO2) and 280 nm (d-f; ATO-SG280Δ-IrO2) 

PMMA templated ATO microparticles loaded with varying amount of IrO2 (8-40 wt% Ir for ATO-SG120Δ-

IrO2 and 8-32 wt% Ir for ATO-SG280Δ–IrO2) (d-f) for ηOER of 280 mV (a, d), 380 mV (b, e) and 420 mV (c, 

f) from triplicates. Deposited mass determined with quartz crystal microbalance sensors with absolute 

iridium mass calculated from relative Ir-Sn ratio determined by SEM/EDX measurements. Unsupported 

IrO2 (Ir tBuOHΔ, IrOx colloidΔ) nanoparticles and commercial TiO2 supported IrO2 (IrO2/TiO2 Ref.) as 

reference. 

To assess the conductivity of ATO supported IrO2 nanoparticle catalyst and commercial TiO2 

supported reference catalyst 2-point dc-conductivity measurements across loosely 
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compressed powders were conducted in an in house constructed measurement cell (see 

Figure S23) listed in following Table S2. 

 

Figure S23 In-house constructed dc-conductivity measurements cell for low sample volumes. Catalyst 

powder sample loosely compressed by opposing brass cylinder electrodes. Contact area of electrodes 

0.126 cm2. 

 

Due to low compressive force on the catalyst powder absolute values are significantly lower 

than values determined by 4-point conductivity measurement of ATO support pellets formed 

under high pressure. Following values should show a trend in the conductivity that correlates 

the iridium loading of the composite catalyst with a significant increase in conductivity. 
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Table S2 Conductivity trend of 120 nm PMMA templated ATO-microparticle supported IrO2 

nanoparticles and commercial TiO2/IrO2 reference. Measurement values derived from dc-conductivity 

measurement of loosely compressed powder samples. 

  Conductivity / S cm-1 wt%(Ir) 

SEM/EDX 

SG120Δ-IrO2 

½X 1.00 x 10-6 8 

1X 1.79 x 10-5 15 

2X 1.16 x 10-2 25 

3X 0.46  33 

4X 0.88 40 

 

TiO2/IrO2 

commercial 

reference 

4.42 75 
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Figure S24 Rotating disc electrode (RDE) measurements of IrO2 nanoparticles, ATO microparticle 

supported IrO2 nanoparticles and IrO2/TiO2 reference catalyst. (a-c) Selected scan cycles (2nd, 5th, 25th, 50th, 

75th) of RDE measurements conducted in O2 purged 0.5 M H2SO4 electrolyte at 60 °C for 10 µgIr 

(50 µgIr cm-2) of thermally oxidized Ir nanoparticles (a; Ir-tBuOHΔ), 280 nm PMMA templated ATO 

microparticle supported IrO2
 with 25 wt% Ir loading (b; ATO-SG280Δ-IrO2-2X) and commercial TiO2 

supported IrO2 with 75 wt% Ir loading (c; IrO2/TiO2 Ref). Potential window of RDE cycling from 1.0 V vs. 

RHE to Vvertex@ j = 1 mA cm-2 with 5 mV s-1. (d-f) Cyclic voltammograms from 0.05 - 1.52 V vs. RHE 

(50mV s-1) before (black), after 50 (dark grey) and after 75 RDE cycles (light grey) of respective catalyst 

samples. 75 RDE cycles conducted between 1.0 - 1.52 V vs. RHE to Vvertex@ j = 1 mA cm-2 with 5 mV s-1. 

 

 

Figure S25 Cyclic voltammograms of ATO microparticle supported IrO2 nanoparticles and glassy carbon 

disc substrates in rotating disc electrode setup. ATO-microparticle supported IrO2 nanoparticles (ATO-

SG280Δ-IrO2-2X: 50 µgIr cm-2), plain ATO microparticles and plain glassy carbon (GC) with Nafion® 

coating (PFSA) only. Cyclic voltammograms from 0.05 - 1.52 V vs. RHE (50 mV s-1) before (a) and after 75 

RDE cycles (b). 75 RDE cycles conducted between 1.0 - 1.52 V vs. RHE at a scan rate of 5 mV s-1 in in O2 

purged 0.5 M H2SO4 electrolyte at 60 °C. 
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Figure S26 Scanning electron micrographs with energy dispersive X-ray analysis of ATO microparticle 

supported IrO2 nanoparticles after chronopotentiometry measurements. (a, b) 280 nm PMMA bead 

templated ATO microparticle solvothermally loaded with Ir nanoparticles after calcination (SG120Δ-IrO2-

2X; 25wt% Ir initially) and after chronopotentiometry at j=10 mA cm-2 over 20 h in 0.5 M H2SO4 on FTO 

substrate. (c, d) 280 nm PMMA bead templated ATO microparticle solvothermally loaded with Ir 

nanoparticles after calcination (SG280Δ-IrO2-2X; 25wt% Ir initially) and after chronopotentiometry at 

j=100 mA cm-2 over 1.5 h in 0.5 M H2SO4 on FTO substrate. Quantification of iridium loading (a, b) by 

multi-spot EDX measurements (Ir, Sn, Sb as input) and theoretical stoichiometry of product. Sb at% 

referred to ATO support only. EDX measurements performed on Si substrates with transferred 

microparticle samples. 
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9. CONCLUSION AND OUTLOOK 

 

In conclusion, in this thesis we reviewed the state-of-the art and advanced ceramic anode 

materials for possible future applications in secondary alkali metal ion battery anodes (Chapter 

3), with an additional focus on nanostructured tin oxide-based anode materials for lithium ion 

batteries (Chapter 4). Insertion type anode materials such as lithium titanates or NaSICON-

type anode materials as well as recently introduced materials such as TiO2 bronze phase or 

titanium niobate are discussed. However, a further, desirable increase in the energy density of 

the batteries necessitates the use of high capacity anodes. Promising systems include the 

conversion and alloying type materials such as silicon or tin (oxide) nanostructures discussed 

in Chapters 3 and 4. Possible tin oxide nanostructures for high performance lithium, sodium 

and potassium ion batteries are reviewed concerning their capacity, rate and reversibility and 

related to the applied synthesis parameters, primary particle size, phase purity and composite 

architecture (Chapter 4). 

The main experimental part of this thesis was dedicated to the synthesis of novel nanosized and 

nanostructured transition metal oxides (Chapter 5 - 8), which were generated using tert-butyl 

alcohol solvothermal reactions (Chapter 5 and 8) as well as an aqueous colloidal chemistry 

synthesis route based on rapid oxidation and condensation reactions induced by an elevation 

of the pH-value by KO2 and a release of oxygen (Chapter 6 and 8). Using these reactions, 

dispersible ultra-small nanoparticles with unusual high doping ion concentrations could be 

fabricated, which were tested for their (photo)-catalytic properties as oxygen evolution reaction 

catalysts (Chapter 5, 6 and 8).  

A microwave-assisted solvothermal reaction in tert-butanol was introduced to obtain a variety 

of transition metal (Co, Ni, V, Sn, Si, Sn, Ti) doped rod-like β-FeOOH nanoparticles
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with unusual high dopant concentrations of up to 20 at%, which are not accessible by bulk 

synthesis methods (Chapter 5). 

An aqueous rapid pH induced co-condensation reaction of vanadium (III) and nickel (II)-ions 

led to the formation of metastable hydroxide phases with high doping ion concentration which 

were employed to elucidate spontaneous time-dependent phase transformations (Chapter 6). 

A further part of this thesis was dedicated to the fabrication and loading process of precisely 

defined macroporous oxide structures employed as support structures for nanosized noble 

metal oxygen evolution reaction catalyst particles (Chapter 8). The optimized highly 

conductive open-porous support nanomorphology, combined with the introduced 

homogeneous coating process for noble metal nanoparticles, led to a high-performance 

composite catalyst with a low iridium density of only ≈0.08 gIr cm-3 for a 25 wt% Ir containing 

catalyst. The introduced architecture and synthesis route could thereby guide the way for the 

fabrication of further supported catalysts with significantly reduced noble metal content, which 

could be extended beyond the electrochemical oxygen evolution reaction to various 

applications in heterogeneous catalysis. Future synthetic work could elucidate the influence of 

the catalyst support morphology and phase on the loading with transition metal (oxide) 

nanoparticles and the influence on the catalytic performance. 

Finally, a novel and industrially scalable synthesis route for the fabrication of similar 

homogenously coated composite catalyst nanostructure was introduced (Chapter 7). The 

process includes the precisely controllable oxidation of an amorphous transition metal oxide 

catalyst hydroxide phase in molten salt to obtain a continuous layer of intergrown ≈2 nm sized 

particles. The resulting high surface area TiO2 supported 30 wt% Ir loaded IrO2 electrocatalysts 

thereby exhibit a high electrical conductivity of up to 11 S cm-1 and a mass-specific catalytic 

activity outperforming an industrial reference catalyst by a factor of 3 – 8 (depending on the 
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overpotential). Together with a low Ir density of only 0.05 – 0.08 gIr cm-3 this composite 

catalyst shows a significant potential reduction of the noble metal content regarding the 

application as oxygen evolution reaction catalyst in PEM electrolyzers.  

It thereby allows for a large-scale application of this technology that is otherwise limited by 

the low natural abundance of the noble metal iridium. 

In summary, this thesis presents advances regarding the application of nanostructured transition 

metal oxides for energy storage and conversion processes. It furthermore sheds light on the 

interplay of size, crystal structure and morphology regarding the physico-chemical properties 

of the materials and their resulting functionality. It becomes clear that an intensive feedback-

loop of creative synthesis approaches with in-depth material characterization is a prerequisite 

for the rational synthesis and development of novel highly functional transition metal oxide 

nanostructures and composites. 
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